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The future of electric vehicles, consumer electronics, and grid-scale renewable
energy storage will place challenging demands on the performance requirements of
portable energy conversion and storage devices. The tremendous demand for energy
has stimulated intensive research on highly efficient and environmentally benign
alternatives to conventional fossil fuels, including fuel cells and lithium metal batteries.
In this dissertation, high temperature processing approaches are employed to tune the
composition and microstructures of promising material candidates for energy
conversion and storage applications.
In the first part of the work, a thermal shock approach is employed to synthesize
carbon-based composite materials and platinum-group metal (PGM)-free
electrocatalysts for oxygen reduction reactions in fuel cells. Specifically, this work has

focused on the nanostructure design of graphene/metal nanoparticles to enhance their

chemical stability and electrochemical durability during reactions. In addition to the



systematic characterization, detailed electrochemical performance evaluations were
carried out to get a further understanding of the mechanism, which allows for better
materials nanoengineering and amelioration in the resulting devices.

The second primary research topic in this dissertation focuses on the high
temperature synthesis and post-treatment of high performance Garnet-type solid state
electrolytes, which are a promising candidate to replace conventional flammable liquid
electrolytes for lithium ion batteries. A melted lithium-alloying approach is applied to
improve the interfacial wettability and stability between the lithium metal anode and
Garnet solid-state electrolyte. Thermal shock post-treatment on the Garnet electrolyte
is demonstrated to significantly eliminate the impurities and improve the
electrochemical properties, such as ionic conductivity. Sol-gel and template methods
are carried out to demonstrate a fast synthesis approach to achieve hybrid Garnet
electrolytes with excellent flexibility and good performance. Additional investigation
includes analysis of the theoretical fracture mechanics of electrolyte as determined by
dimensionality. A mechanics-guided strategy is employed to design a composite solid-

state electrolyte with superb flexibility.
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Chapter 1: Introduction

The ancients exploited fire to keep warm, but temperature embodies more than
just warm and cold. Researchers employ high temperatures as a useful tool to develop
novel materials. Many reactions require high energy input at the very beginning or
during the whole synthesis process. High temperature synthesis is an effective approach
to synthesize new materials or to achieve designed phase structures™2. This approach
can be operated under air, a reducing atmosphere, or high vacuum, which are suitable
for various applications and are widely used in chemical decomposition and
compounding, powder sintering and densifying, as well as nanocrystal growth. In this
work, high temperature techniques are applied to two distinct emerging energy-related
electrochemical systems, improving the key component material properties for
advanced applications.

In the first part of the work, a thermal shock approach is employed to synthesize
carbon-based composite materials and platinum-group metal (PGM)-free
electrocatalysts for oxygen reduction reactions in fuel cells. Specifically, this work has
focused on the nanostructure design of graphene/metal nanoparticles to enhance their
chemical stability and electrochemical durability during reactions. In addition to the
systematic characterization, detailed electrochemical performance evaluations were
carried out to get a further understanding of the mechanism, which allows for better
materials nanoengineering and amelioration in the resulting devices.

The second primary research topic in this dissertation focuses on the high

temperature synthesis and post-treatment of high performance Garnet-type solid state



electrolytes, which are a promising candidate to replace conventional flammable liquid
electrolytes for lithium ion batteries. A melted lithium-alloying approach is applied to
improve the interfacial wettability and stability between the lithium metal anode and
Garnet solid-state electrolyte. Thermal shock post-treatment on the Garnet electrolyte
is demonstrated to significantly eliminate the impurities and improve the
electrochemical properties, such as ionic conductivity. Sol-gel and template methods
are carried out to demonstrate a fast synthesis approach to achieve hybrid Garnet
electrolytes with excellent flexibility and good performance. Additional investigation
includes analysis of the theoretical fracture mechanics of electrolyte as determined by
dimensionality. The strain energy stored in a deformed body scales with the volume,
while the surface energy scales with the surface area. As the dimension of the body
diminishes, strain energy rapidly scales down and falls below the surface energy. A
mechanics-guided strategy is employed to design a composite solid-state electrolyte

with superb flexibility.

1.1 Energy Materials

The development of modern society has ballooned the consumption of energy
during past decades. It is estimated that, by the year 2050, 130,000 TWh or the
equivalent of 10° tons of oils will be required every year, which is a huge number
compared with the current energy production rate®. This huge gap between supply and
demand is exerting heavy pressure on finite fossil-fuel resources, especially under the
condition that great effects are taken to curb the increasing CO2 emission. The ever-

growing demand for energy and depleting fossil-fuel resources have stimulated
2



intensive research on highly efficient and environmentally benign alternatives to
current energy storage and conversion systems*. Among many candidates, fuel cells
and lithium metal batteries are very promising owing to their greener properties during
operation and high compatibility with existing facilities>>®. However, there are still
fundamental and technological obstacles needed to overcome, which limit their wide
applications to substitute conventional devices.

These issues are expected to be addressed by tuning the materials in nanoscale.
Global sustainability gives strong impetus towards the innovation of materials and their
synthesis methodologies. Especially the developments in nanotechnology have
burgeoned to meet the demanding technological requirements over the past decades.
Materials with nanostructures possess attractive properties such as remarkably high
chemical activities and enhanced electron-transfer capabilities, which are promising for
energy storage as well as electrocatalysis. Thus, the effective combination of material
design and nanoscale architecting can address issues that hinder the implementation of

emerging electrochemical systems.

1.2 Fuel cell energy-transfer systems

Fuel cells are electrochemical devices that combines hydrogen or methanol fuel
with oxygen to generate electricity®. Fuel cells are very similar to batteries, exploiting
two electrodes separated by an electrolyte, but require the continuous supply of fuel for
the constant output of electricity. Catalysts exist on both side of electrodes, which help
separate hydrogen into protons and electrons in anode and ionize oxygen in the cathode

to combine with protons to form the product water. The anode catalytic reaction is

3



called fuel oxidation reaction (FOR) and the cathode promote the oxygen reduction
reaction (ORR). FOR and ORR electrocatalysts are the critical components for the high
performance of fuel cells. Compared to the conventional internal combustion engine,
fuel cells do not generate harmful emissions as the only product is water. A single fuel
cell generally functions at a working potential around 0.6 to 0.8 V and fuel cells in
series can offer high voltage values. As a highly efficient energy conversion technique,
fuel cells represent a promising pathway towards a carbon-free conversion cycle

without greenhouse gases.
Anode electrode reaction:  H, » 2H" + 2e~

Cathode electrode reaction: 0, + 4H* + 4e~ —» 2H,0

Fuel cells can be classified into several categories according to the nature of
electrolyte used in the cell. (a) alkaline fuel cells (AFC) with the alkaline solution
electrolyte (aqueous solution of potassium hydroxide soaked in a matrix), (b)
phosphoric acid fuel cells (PAFC) with acidic solution electrolyte (phosphoric acid
soaked in a matrix), (c) polymer electrolyte membrane fuel cells (PEMFC) with
electrolyte consist of the proton exchange membrane, (d) molten carbonate fuel cells
(MCFC) with molten carbonate salt electrolyte (solution of Li, Na, and/or K carbonates,
soaked in a matrix), (e) solid oxide fuel cells (SOFC) with ceramic ion conducting
electrolyte in solid oxide form (such as yttria-stabilized zirconia). Among all of the
existing fuel cells, PEM fuel cells are considered as the most promising candidate,
which can be widely used for applications such as large power grids, electric vehicles,

as well as potable electronics. Despite the promising future associated with this



technique, fuel cells encounter several challenges for their wide applications, such as

insufficient durability and high catalyst cost.

1.2.1 Substrate materials for oxygen reduction

To well disperse the catalysts needed for fuel cell reactions, support materials
are required to improve the efficiency of catalysts in exposing to reactants/ radicals and
transferring electrons. The ideal support materials for fuel cell electrocatalysts typically
possess the following advantages: (1) high surface areas and facile dispersing
capabilities to disperse and accommodate catalysts (2) excellent electronic conductivity
to decrease the overall catalytic barriers (3) high stability and electrochemical corrosion
resistance to increase the durability of electrocatalysts.

The state-of-the-art support materials are generally carbon-based nanomaterials
including carbon black, carbon nanotubes, graphene, carbon nanofibers, carbon-silicon
carbide composite materials, as well as their nitrogen-doped variants. These carbon-
based nanomaterials can significantly elevate the electrocatalytic performances. For
instance, considering the availability and cost, carbon black materials are one of the
most popular electrocatalytic supports with relative high conductivity. However, their
instability can induce the electrochemical oxidation during fuel cell operation
conditions. Thus, novel nanomaterials with high durability and high conductivity are

under extensive research interest for scientists to ameliorate the fuel cell systems.



1.2.2 Oxygen reduction reactions

At the anode part of PEMFC, the reaction rate of FOR (hydrogen) is extremely
fast so that the catalyst (Pt) loading can be reduced to less than 0.05 mg/cm?. However,
the sluggish oxygen reduction reaction (ORR) rate in the cathode part places a huge
challenge for the wide application of fuel cell technologies’®. To decrease the energy
barrier and improve the reaction Kinetics, metal electrocatalysts present pivotal roles in
the electron transfer process for related reactions. Commercial electrocatalysts for ORR
are composed of platinum nanoparticles deposited on carbon substrates, which are
effective to decrease the overpotential and increase the current density®. The Pt loading
is increased to a much higher level around 0.4mg/cm?. Scientists are also working on
the development of alternatives composed of more economically-viable transition
metals'®?, However, these electrocatalysts are burdened with issues such as material
degradation, which is so severe that it limits the long-time performance of the catalysts.

To evaluate the performance of synthesized ORR catalysts, a full cell
environment should be guaranteed to give the comparation of state-of -the-art Pt/C
commercial catalysts, but membrane electrode assembly (MEA) test requires large
quantity, which make it impossible to carry out every test. Generally, rotating disk
electrode (RDE) is employed to characterize the electrochemical performance of new
synthesized catalysts. Water and isopropyl alcohol are used to mix with the catalyst
and the mixture is ultra-sonicated to form a uniform ink. Nafion solution is added into
the ink to bind the catalysts. Calculated amount of ink is drop on the glass carbon to

form a catalyst layer, act as the working electrode.



To characterize the electrochemical behavior of catalysts, electron transfer
process is the core session that we focus on. To compensate the influence of mass
transfer process during the ORR performance test, RDE is exploited to rotate the
catalyst working electrode to increase the mass transfer rate of O at the electrode
surface. The electron transfer number during ORR can be calculated based on the

Koutecky-Levich equation:

1 1 1 1 1
SE=E = —— = 1.1
J + Jk  Bwl/? + Jk (1.1)

where J, Ji, Jk are nominal, diffusion limiting and kinetic current density, respectively.
The reverse of the K-L plot slope, B, is:

B = 0.2nFv~/6¢,D2"* (1.2)
where n is the electron transfer number, F is the Faraday constant (96485 C/mol), v is
the Kinetic viscosity (0.01cm?/s), Co is the concentration of oxygen within the
electrolyte (1.2 mmol/L), and Do is the diffusion coefficient of oxygen within the

electrolyte (1.9 x 10~5cm?/s).

1.2.3 Issues in existing materials for oxygen reduction in fuel cells

Noble elements are preferred for many specific reactions because of their excellent
catalytic performance, however, their high prices have forced researchers to develop
and explore alternatives composed of more economically-viable platinum-group metal
(PGM)-free transition metals'?t’. Despite the promise of transition metal
nanomaterials, several drawbacks have impeded their long-term utilization toward
technological applications. One of the most challenging problems is stability, in which

degradation in the form of agglomeration, morphological transformations, and



detachment from the substrate, can lead to degraded properties and even deactivation.
Contamination is another important issue that occurs especially when the active sites,
such as specific lattice planes, are exposed to toxic environments. To address these
issues, various approaches have been undertaken to bolster the chemical stability and
electrocatalytic durability. A typical approach is to form a protective shell of organic
molecules or carbon!®®, However, many of these structures involve complicated
operations, or the protective coatings are undesirably thick, hindering the effective

reaction pathway, which severely impairs the performance of the nanomaterials.

1.3 Lithium ion battery systems

Lithium ion batteries have been continuously developed during the past
decades, and they are successfully employed for applications in electric vehicles,
consumer electronics, as well as large-scale energy storage grids. Their advantages
such as high energy density, high power density and low self-discharge effects,
strengthen their high competitiveness for increasing demand in energy compared with
other types of batteries. Generally, lithium ion batteries are composed of two different
electrodes with distinct electrochemical potentials, and an electrolyte layer in between
the electrodes, which are ionic conductive but electronic insulative to allow lithium
ions to travel between electrodes. During the working process (charging), lithium ions
travels through the electrolyte while electrons travel through the external circuit from
positive electrode to negative electrode, generating electric power for load devices.
During the charging process, lithium ions travels back in the opposite direction to

storage the energy.



The increasing energy demand has placed a high requirement for lithium ion
batteries with high energy density, which can be potentially resolved by selecting
electrode materials with higher charge capacity or higher voltage. Energy density
describes the total achievable energy stored in a unit mass or volume (Wh/kg or Wh/L).
Energy density is equal to the product of electrode specific capacity and voltage. The
capacity is consistent with the exploitable lithium ion quantity that can be transferred
from the electrodes. The voltage is generally determined by the electrochemical
potential difference of the two electrodes. Besides the high energy density
requirements, high cycle durability and safety are also determining the future

development of lithium ion batteries.

1.3.1 Lithium ion battery materials

Cathode materials Cathode materials for lithium ion batteries can be divided into
various types according to their specific reaction types. Intercalation cathode
materials are solid host networks, which lithium ions can be inserted into and be
removed from the host network during discharging and charging process. The host
network compounds can be divided into several crystal structures, such as layered
(LiMO>), spinel (LiMn204) as well as olivine (LiFePOa). LiMO2 (M= Co, Ni, Mn or
others) layered structure cathode materials are the most commercialized materials till
now. LiCoO2 present a theoretical specific capacity of 274 mAh/g with the high
discharge voltage around 3.7 V.

Anode materials Anode materials are essential in lithium ion batteries. Commonly

used anode materials include graphite, lithium titanium oxide (LisTisO12), as well



alloying type materials (Si Sn). The anode materials also cat as host structure to store

and release lithium ions during charging and discharging process.

Electrolyte materials The electrolyte is an inert part of a lithium ion battery, which
determines the rate capability, durability, and safety of a battery, due to its contact and
interaction with both positive and negative electrodes. An ideal electrolyte must meet
the following requirements: (1). High Li+ ion conductivity (> 10 S/cm) and low
electronic conductivity; (2). Wide electrochemical window, and electrochemically
stability with other battery components in the battery operating voltage range; (3).
Thermally stability, without flaming or evaporating concerns in the required

temperature window.

1.3.2 Solid-state electrolyte for lithium metal energy-storage systems

The future of electric vehicles, consumer electronics, and grid-scale renewable
energy storage will place challenging demands on the performance requirements of
portable energy storage devices?®2¢. While the lithium-ion (Li-ion) battery dominates
the current energy storage market, improvements to these batteries in terms of the
energy density, cycle life, and safety will be crucial to meet growing demand.

Lithium (Li) metal has attracted a lot of interest to develop high energy density
energy storage devices because it boasts the lowest reduction potential (-3.05 V) and a
high theoretical specific capacity (3860 mAh/g). However, the widely known issues,
dendritic Li growth along with the flammability of liquid organic electrolytes, can
cause serious safety problems and therefore inhibit Li metal batteries for practical
applications. Also, traditional commercial electrolytes dissolved in organic solvents

have the potential hazard of leakage and are extremely flammable, which can easily
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result in fire or explosion, causing more concerns about the safety issues of lithium
metal batteries?*. One of the most attractive and effective strategies to develop practical
Li metal batteries is to use solid state electrolytes (SSEs) because of their non-
flammability and mechanical strength to block dendritic Li growth. Among the many
SSEs studied, the cubic garnet phase SSEs are more attractive because of their excellent
chemical stability, high ionic conductivities, and wide electrochemical potential

window.

1.3.3 Issues in existing materials for Li-metal batteries

Despite the promising potential of Li metal anodes, dendritic Li growth along
with the flammability of liquid organic electrolytes, can cause serious safety problems
and therefore inhibit Li metal batteries for practical applications?*. To address the safety
issues and increase the durability, many strategies such as gel polymer electrolytes and
all-solid-state electrolytes have been considered. Gel polymer electrolytes, which
possess properties of both solid and liquid electrolytes, have been systematically
scrutinized? . But their relatively poor mechanical strength and high cost have
limited further wide application. To address the safety issues and increase the
durability, two sorts of solid-state electrolytes are extensively studied: solid polymer
electrolyte and inorganic solid electrolyte®3°. Polymer electrolytes, such as
poly(ethylene oxide) (PEO) or polyacrylonitrile (PAN) based matrices exhibit several
advantages, including high flexibility and easy fabrication, using commonly available
Li salts such as bis(trifluoromethane)sulfonimide lithium salt (LiTFSI) or LiClOs to
impart sufficient ionic conductivity to the system®. However, solid polymer

electrolytes usually present a relatively lower ionic conductivity compared to liquid
11



electrolytes®. Although adding inorganic ceramic particles as fillers can increase their
ionic conductivity, they still fall behind the requirements for commercial application*?
44 Compared with solid polymer electrolytes, inorganic solid electrolytes possess high
ionic conductivity and have a high shear modulus to suppress the growth and
penetration of Li dendrites. LizLaszZr.O12, garnet-type Li solid-state electrolyte, has
attracted much attention since it was first reported in 2007448, Despite its attractive
ionic conductivity and excellent chemical and electrochemical stability, the brittleness
and mass density of the ceramic ion conductor are too high to allow broad application
of inorganic electrolytes.

Another challenge for the application of the garnet based solid-state Li metal
batteries is the poor interfacial contact between garnet SSEs and electrode materials.
Direct contact between Li metal foil and garnet pellets normally results in poor contact
and large interfacial resistance. By adding a polymer interface or applying pressure, the
Li and garnet interface can be improved marginally, but still has high resistance. The
poor wettability of molten Li against garnet substrates also makes it unfeasible to

directly coat Li metal on garnet SSEs.
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Chapter 2: High Temperature Approaches

High temperature synthesis is an effective approach or an important part of
processes to synthesize novel materials or to achieve expected phase structures. The
high temperature approach can be operated under reducing atmosphere or high vacuum,
which are suitable for various synthesis applications and are widely used in
decomposing and compounding, sintering and densifying ceramic powders, and

nanocrystal formation.

2.1 Thermal shock

Thermal shock approach (Figure 2-1) demonstrates superior capability for
synthesizing ultra-small size high entropy alloy (HEA) nanoparticles. Owing to the
extremely short heating duration, thermal shock method ensures (1) ultra-fine particle
size by limiting particle nucleation and growth, (2) unique alloy structure by preventing
phase separation within nanoparticles, and (3) high-level retention of volatile elements,
in our case N-doping/bonding. Although thermal shock is a rapid kinetic process, the
synthesized particles is still stable as many other nanoparticles (also not the most
thermodynamically favorable). Specially, the size distribution of thermal shock
synthesized nanoparticles is stabilized by the strong metal-substrate interaction (and
the thin carbon shell), which ensures stability of these nanoparticles as a durable

catalyst.
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Figure 2-1. Different types of thermal shock approach.

Radiation
Heating

Type of
thermal shock

Joule Heating

Microwave heating

Generally optimized
Heat duration >=5ms >=5ms at 500 ms (effective
duration)
Temperature
. Square wave shape
profile
~ several mg or more
Batch size (depend on the
material property)
Sample need to be
conductive and
continuous

Table 2-1. comparison of different types of thermal shock approach.

~several tens  ~several hundred mg
mg or more or more

Specific
requirement

No specific function groups
requirement needed to be ignited

Temperature measurement

The thermal shock process was analyzed and confirmed by study the
temperature change during the process. The thermal shock process was captured using
a high speed camera, while the pixels of each frame of the video were analyzed via a
self-made program to capture the color of each pixel and study the light emission. The
intensity of light emission is then collected, and the intensity vs. time curve shows the
change of light emission during the synthesis.

To illustrate the capturing technique, an example is presented in Figure 2.1. to

show the whole heating process of thermal shock. At the beginning of the synthesis
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(t=0 ms), with no irradiation, there is no light emission. After ~100 ms of irradiation,
the lighting happens, and the intensity increases with irradiation. At ~250 ms the light
emission is the brightest, after which the light becomes dimmer and eventually dies out
after ~600 ms of heating. The total effective heating time is ~600 ms, which is orders
of magnitude shorter compared with previous report, making it a unique thermal shock
process. Additionally, by fitting the light emission to Planck’s law for gray-body
radiation, the temperature profile can be achieved. Unlike the intensity of the light
emission, the temperature is almost constant during the whole heating process,
maintaining a high temperature of ~1600 K. The inconsistency between the intensity
of light emission and the temperature stems from the method of capturing the
temperature profile, which can be elaborated by observing the photos during the
synthesis process. At the beginning of the synthesis, there is no light emitted from the
sample. After ~100 ms, several bright spots appear on the sample. Although these
bright sparks are scattered on the surface, and consequently the total intensity of the
light emission is low, the temperature of these sparks is remarkably high. Therefore, on
the temperature profile the temperature at ~100 ms is as high as 2000 K. As the heating
progresses, the initial locally generated heat is spread to the whole sample, leading to
the rapid increase in light intensity, making the sample completely visible without any
ambient light. Although the light emission becomes stronger, since the heat is spread
from few hot spots to the entire sample, the temperature of the sample slightly drops,
stabilizing at 1600K. After ~250 ms of heating, the light reaches peak brightness.
Almost blinding light is emitted from the sample. Afterwards, the light intensity starts

dropping and the sample becomes visibly dimmer and dimmer, which eventually dies
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off after 600 ms. Although the temperature still remains high, the temperature also
becomes less and less stable with the intensity of total light emissions getting lower
and lower. When the light dies off, the temperature is no longer measurable.

In summary, during irradiation process the temperature increases to >1600 K in
~100 ms. The high temperature is maintained for ~500 ms, which is followed by rapid
cooling to room temperature. The whole synthesis process lasts less than 600 ms,

making it an ultrafast thermal shock synthesis method.
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Figure 2-2. The analysis of thermal shock process. (a) The intensity of light emission
during the thermal shock. Inset shows the schematics of the measurement setup. (b)

Profile of medium temperature captured during the thermal shock by fitting the gray
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body theory. (c-h) of sample during the thermal shock process: (c) before thermal

shock, (d) 0.1s, (e) 0.2s, (f) 0.25's, (g) 0.4 s (h) 0.5 s after the irradiation, respectively.

Fabrication process of supported core-shell nanoparticles:

Cobalt (I1) chloride (CoCl, 6H20) salt was dissolved in ethanol to form a 0.05
mmol/mL solution. The precursor solution was dropped onto the CNF or carbonized
wood substrate in a controlled manner. The as-prepared film was then connected to
copper electrodes and silver paste was employed to glue the carbon substrate to the
electrodes. A high temperature pulse was applied to the substrate in an argon-filled
glovebox using an external Keithley 2425 Source Meter. The emitted light from the
substrate was collected by a high-speed spectrometer camera and fitted using the

blackbody radiation equation.

2.1 Solid state reaction synthesis process

The most common approach for the synthesis and sintering of inorganic
multicomponent materials (ceramic) are the solid-state reactions at high temperature.
At lower temperature, solid precursors are not able to overcome the high energy
barriers among different solid components. Thus, high temperature is a prerequisite to
offer an energy input to help reactants increase their diffusion capabilities to achieve
aggregable reaction rate.

Many bulk ceramic functional materials are synthesized through this approach
with high temperature range from 1000 to 1500 °C. These materials involve reactions

that thermodynamically achievable, but kinetically difficult to proceed at low
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temperature at low temperature. For example, during the fabrication of LLZO
electrolyte, many factors influence the reaction rate. (1) the surface and contacting
areas of the reactants; (2) the nucleation rate of the LLZO phase; (3) the ionic diffusion
rate at the boundaries of the reactants and in the products Thus, high temperature solid
state synthesis is closely connected to the thermodynamic behavior and kinetics at high

temperature.

Synthesis of Garnet Electrolyte:

The Lis7sLasZrizsTao2s0O12  garnet-type SSE  was synthesized via a
conventional solid-state reaction method. Stoichiometric amounts of LiOH H20
(99.9%, Sigma Aldrich), La,O3 (=99.9%, Sigma Aldrich), ZrO, (99.9%, Sigma
Aldrich), and Ta20s (99.9%, Sigma Aldrich) were adequately mixed in isopropyl
alcohol (IPA) for 12 h. An additional 12 wt% excess LiOH H20 was added to
compensate for the loss of lithium volatilization during the subsequent high-
temperature treatment, in which the mixed materials were dried and calcined at 920 <C
for 12 h. The resulting powder was mixed with IPA and ball-milled for 9 h. After drying
at room temperature, the powders were pressed into pellets with a diameter of 10 mm
using a pressure of 300 MPa and then sintered at 1150 <C for 9 h. After the sintering

process, the surfaces of the pellets were polished in a glove box in Ar atmosphere.

2.3 Sol-gel synthesis process

The sol-gel synthesis is a relative new approach for preparing ceramics and

many other materials as an effective alternative to high-temperature solid synthesis.
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This technique possesses the following advantages compared with traditional high
temperature powder synthesis. (1) As the precursor salts are dissolved in the solutions,
it would be more facile to achieve the components with high homogeneous states. (2)
Compared to the conventional solid-state reactions, sol-gel approaches are more
feasible for synthesis at low temperature, which facilitates the sintering process of
ceramic powders, such as LLZO Garnet electrolytes. (3) The high viscosity of the sols
and gels pave the way for synthesizing complicated structures, such as ultrathin film,

nanofibers, as well as porous nano-frameworks.

Synthesis of Garnet nanostructures through sol-gel approach:

LiNOs, La(NOs)s-6H20, ZrO(NOs),-6H.0 (from Alfa Aesar) were weighed
stoichiometrically and dissolved in the 15% acetic acid solution. A stoichiometric
amount of AI(NO3)3-9H20 is also dissolved in the solution, as Al atoms act as the
dopants in the LLZO to increase the concentration of Li vacancies and stabilize the
cubic phase at room temperature. A BC nanofiber was cut in the dimension of 10 mm
x 5 mm and placed in the freeze dehydration machine for 48 h to dry completely. The
freeze-dried BC aerogel was soaked in the LLZO precursor solution for 2 h and then
compressed to squeeze out the excess solution. The membrane template was then
transferred to a constant temperature oven in vacuum for 24 h to volatilize the solvent
and keep the membrane from encountering moisture. The membrane was calcined to
850 °C for 1h at a ramp rate 7 °C/min. After calcination in a muffle furnace at 850 °C
in the air, BC fibers were completely removed and the c-LLZO membrane was

fabricated. Then the calcined membranes were carefully transferred to the glovebox
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within Ar gas environment to protect the garnet structure by inhibiting the formation

of Li»CO:s.
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Chapter 3: Necklace-like Silicon Carbide and Carbon

Nanocomposites Formed by Steady Joule Heating”

3.1 Abstract

Silicon carbide (SiC)/carbon nanocomposites exhibit outstanding physical
properties as well as chemical stability and could be utilized in many potential
applications. To make SiC/C nanocomposites requires high specific surface area,
moderate agglomeration, and good interfacial interaction with the substrate. However,
the synthesis of these desired carbon/SiC nanocomposites requires amelioration in two
critical aspects — improving the bond strength between C and Si and dispersing SiC
homogenously to avoid agglomeration. In our work, a Joule heating method is used to
synthesize the SiC/C necklace-like nanocomposite fibers from electrospun C/Si
nanofibers. A controlled current was induced to heat the C/Si nanofibers to
approximately 2000 K, promoting the in-situ reaction between Si nanoparticles and
carbon fibers to create SiC nanoparticles. SiC nanoparticles are uniformly formed in
the composites with high specific surface area and strong bonding with the carbon
nanofibers. The synthesis of SiC demonstrates a feasibility towards in-situ fabrication
of un-agglomerated carbide nanoparticles on the carbon-based nanofiber with desirable

interconnection bond strength.

* The results in this chapter have been published: Xie, H.; Fu, K.; Yang, C.; Yao, Y.; Rao, J.;
Zhou, Y.; Liu, B.; Kirsch, D.; Hu, L. Necklace-Like Silicon Carbide and Carbon Nanocomposites
Formed by Steady Joule Heating. Small Methods 2018, 1700371.
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3.2 Introduction

Carbon-based porous nanocomposites with a large specific surface area and
interconnected microstructures are the key components for materials with potential
application in energy storage (fuel cell and lithium-ion battery), gas storage and catalyst
supports*®->3, The synthesis of these nanocomposites, which is currently the subject of
intense research both in academia and industry, has introduced new materials to achieve
more complex nanostructures®* -8, Silicon carbide (SiC), the only chemical compound
of C and Si, has been synthesized through many approaches, including the
magnesiothermic reaction of carbon/SiO, paper®® and self-propagating high-
temperature synthesis®®®!, SiC exhibits outstanding physical and chemical properties,
such as high strength at low density, high thermal conductivity, low thermal expansion,
and characteristics of semiconductors with a wide bandgap®®. Because of these
remarkable properties, nanocomposites utilizing nanostructured SiC particles
embedded in a carbon matrix could be applied in many fields with high promise®”"3.

However, synthesizing stable C/SiC nanocomposites involves solving two
critical challenges: (1) the connection between carbon and SiC and (2) their
homogenous distribution without agglomeration. In this nanocomposite, the carbon
film acts as the substrate to support the SiC nanoparticles, but the weak interactions
between the SiC and the carbon could result in the detachment of the SiC nanoparticles
from the substrate. Strong interfacial bonding strength between the SiC particles and
the substrate is essential for various applications, otherwise the weak bonding could
give rise to the release of the SiC particles from the substrate’*. Maintaining a
homogenous distribution of the SiC nanoparticles on the carbon substrate is another
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challenge that must be overcome to realize this composite as viable for application.
Due to the high specific surface energy, SiC nanoparticles tend to agglomerate to
decrease the net Gibbs free energy, which heavily impairs the uniform distribution of
the nanoparticles on the substrate. Attempting to bond the SiC particles to carbon-based
substrates while also maintaining their nanoscale properties is a great challenge, with
the main hurdles being the high specific surface area and homogenous distribution on
the substrate without agglomeration. One effective strategy to address these issues is to
do in-situ synthesis of the SiC particles directly on the carbon substrates, thus forming
strong covalent bonds between the two that will hinder the detachment and
agglomeration of nanoparticles.

Herein, we designed an effective strategy to achieve in-situ synthesis of
homogeneously dispersed SiC nanoparticles anchored on a carbon substrate via a Joule
heating method”™"". A C-Si nanofiber (CSNF) framework was employed as the
precursor for the in-situ synthesis of the SiC nanoparticles in an inert gas atmosphere
through the Joule heating method. The elevated temperature generated by Joule heating
boosts the in-situ formation of the SiC nuclei on the local surfaces of the nanofibers,
promoting the continuous growth of the SiC nanoparticles. The as-synthesized SiC
nanoparticles are strongly bonded on the carbon nanofiber substrate, forming a
necklace-like structure. One the other hand, the carbon framework maintains its
interconnected structure, which favors high conductivity. The Joule heating method
effectively yields SiC nanoparticles with dimensions ranging from tens to several
hundreds of nanometers, all of which exhibit strong covalent bonding with the carbon

nanofiber substrates. This Joule heating strategy can even generate higher temperature
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environments, which could be extended for the facile in-situ synthesis of other carbide

nanoparticles with excellent bonding and homogeneous distribution.

3.3 Results and discussion

Figure 3-1 shows the schematic of the strategy employed herein. Si nanospheres
with dimensions of approximately 100 nm are evenly distributed in the carbon
nanofibers. A controlled current was applied to the CSNF to form a steady, local, high-
temperature environment around the nanocomposite fibers. Due to the induced high-
temperature, the Si nanoparticles melt and new SiC nuclei can be formed by a reaction

on the surface of nanofibers.

.« Silicon @ CNF *r 2

2000K, 10 min &<

—

Figure 3-1. Schematic for the in-situ formation of the SiC/carbon necklace-like
nanocomposite by Joule heating method: a controlled current was induced to ramp the
C/Si nanofibers to about 2000 K, promoting the reaction between the Si nanoparticles
and carbon fibers to form the SiC nanoparticles.

Figure 3-2a and b show TEM images for the morphology of a pristine CSNF
fiber before Joule heating treatment and the B-SiC/carbon nanocomposite after Joule
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heating, respectively. On the surface of the fibers, the crystallized SiC particles form a
necklace-like structure; these small clusters are directly connected to the graphitized
fibers, with dimensions that range from tens of nanometers to several hundred
nanometers. Owing to the continuous high-temperature annealing process, the pristine
amorphous carbon demonstrates a trend of graphitization with the resistance drastically

decreased.

Figure 3-2. (a) TEM image of the pristine electrospun C/Si composite nanofibers. (b)

TEM image of the necklace-like SiC/carbon nanocomposite.

To fabricate the pristine CSNF, polyacrylonitrile (PAN) and Si nanospheres are
mixed in dimethylformamide (DMF) by ultra-sonication. The resulting solution shows
that the Si nanospheres present a well-dispersed distribution in the PAN solution
(Figure 3-3a). The SI@PAN nanofibers were prepared via electrospinning. After

stabilization in air at 280 “C, the SI@PAN composite film was carbonized in an argon

atmosphere to form the C/Si nanofibers (Figure 3-3b). To obtain SiC on the carbon
nanofibers, a CSNF film with a uniform thickness (Figure 3-3c) was fixed on a glass

stage with copper tape extending out to the current controller for performing Joule
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heating. A controlled current was applied through the CSNF film to realize a local high-
temperature environment. Figure 3-3d shows a typical image for the Joule heating
process, in which the temperature of the sample was instantly elevated, and the color
of the sample shifts from dark red to bright yellow due to gray-body radiation during

this brief period.

(a) b)

Figure 3-3. (a) Dispersed Si nanospheres in the 8wt% PAN-DMF solution. (b) Image
of the CSNF nanocomposite film samples. (c) A typical setup for Joule heating with
CSNF nanocomposite film (d) Digital image illustrating the emission of light from the
CSNF film during the Joule heating process.

A homemade Labview program was used to control and monitor the current
and power value that applied through the CSNF film (Figure 3-4). For the initial
process, a small current (about several mA) was applied to the sample, which is
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accompanied with the continuous resistance drop for the CSNF film owing to the
annealing effects. Once the resistance of the sample drops to an appropriate and relative
stable value, the current could be further increased to generate much Joule heat to
realize the reaction between Si nanoparticles and carbon nanofibers. The current for the
CSNF film is increased at a rate of 10mA/s, and when the highest current value was
obtained it was continuously maintained for 10 minutes to promote the growth of the

SiC crystallites.
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Figure 3-4. (a) Schematic of the method for Joule heat control and temperature
acquirement. (b) Program interface to control the current applied on the sample. (c) the
voltage-current curve for initial process when the sample is highly resistive: a small

current is applied on the sample to decrease the resistivity of the sample. (d) the voltage-

27



current curve after a huge decrease in resistance. The black curve is the voltage, and

the red curve is the resistance change during the increase of current.

The resulting thermal radiation information was directly collected and
monitored by a spectrometer. The emission spectra of the CSNF films during the Joule
heating process were captured and are shown in Figure 3-5a. Gray body radiation
theory was exploited to fit the spectra to acquire the temperature of the composite film
at different periods during heating. With the increase in current, the spectral radiation
continued to increase until the maximum was reached at a value of 950 mA. The
current-control program was appropriately interfered and adjusted to manipulate the
temperature for steady Joule heating to guarantee the SiC formation reaction. To
determine the influence of power in the Joule heating process, a relation between Joule
power and temperature is acquired. Through controlling the current applied on the film,
a precise temperature value could be acquired and maintained (Figure 3-5b). This
relation between temperature and increasing power shows a linear relation which
reached a max value of 2000K at a power of 23.5 W. The sample after steady Joule
heating process present a huge resistance drop (red curve, measures twice from 0.00 V
to 0.01 V) compared with the original film. Following the Joule heating process, the
conductivity of the CSNF is significantly increased from 10° S/cm to about 10 S/cm,

owing to the graphitization of carbon fibers (Figure 3-5c).
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Figure 3-5. (a) Light emission spectra of the CSNF film at different current densities,
with large currents indicating a high-temperature environment. (b) Resulting

temperature of the CSNF film at different incident powers. (c¢) The variation of
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resistance before and after the Joule heating treatment.

Scanning electron microscopy (SEM) was utilized to characterize the
morphology and structure of the CSNF film before and after the Joule heating
treatment. The fibers of the pristine CSNF film present a smooth surface with lots of
“nods”, present relatively low electrical conductivity (Figure 3-6a and b). The low
conductivity is owing to the unique microstructures of the CSNF fibers. (1) TEM image

(Figure 3-2) proves that the fibers possesses an amorphous carbon state, the electric
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conductivity of which is much lower than the crystalline graphite or nanotubes. (2)
Unlike conventional carbon nanofibers (Figure 3-7) which present a long-range smooth
fiber surface, the CSNF presents a “twig” structure with “nods”. These nods which
could be considered as defects of the fibers, strongly increase the resistivity of the
whole sample. The Si nanospheres are evenly embedded in the nanofibers with a 10-
nm amorphous carbon coating layer.

The wrinkles that are present on the fibers are owing to the loss of functional
groups in the PAN fibers during the stabilization and carbonization processes. Figure
3-6¢ depicts the diameter distribution of the pristine fibers, which follow a general
Gaussian distribution with an average diameter of 267nm, with several fibers larger

than 500nm observed.
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Figure 3-6 (a) and (b) SEM images of the pristine CSNF at different magnifications.
(c) Fiber diameter distribution for the pristine CSNF. (d) and (e) SEM images at
different magnifications of the SiC nuclei formed in-situ on the surface of the CSNF
after a Joule heating treatment for 40 s. (f) Fiber diameter distribution for the SiC/C
nanocomposite after a steady Joule heating treatment for 40 s. (g) and (h) SEM images
for the necklace-like SiC/C nanocomposite structures after a steady Joule heating
treatment for 10 min. (i) Fiber diameter distribution for the SiC/C nanocomposite after

a steady Joule heating treatment for 10 min.

After a Joule heating treatment for 40 s, SiC nuclei with an average diameter of
less than 10 nm are homogeneously distributed on the interconnected fibers (Figure 3-
6d and e). The surfaces of the fibers function as platforms and reservoirs for the
formation of SiC nuclei, providing both the C and Si sources and facilitating the
heterogeneous nucleation. The SiC nanoparticles on the wrinkled nanofiber areas
presented a faster growth rate than those on the smooth fiber surface, because larger
concentrations of defects on the wrinkled portions could remarkably reduce the
nucleation barrier and enhance the growth rate. Compared with the pristine CSNF, the
average diameter of the fibers after Joule heating for 40 s decreases to 235 nm because
of the continuous consumption of the Si nanospheres and amorphous carbon during the
SiC nucleation and growth process on the surface of the fibers (Figure 3-6f).

After a steady Joule heating treatment for 10 min, as can be seen from Figure
3-6g and h, the diameter of the SiC nanoparticles significantly increases to several

hundreds of nanometers. The SiC nanoparticles, bonded with the fibers, form a
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necklace-like interconnected network structure. Some SiC particles with diameters
larger than 500 nm exhibit a polygonal geometry, indicating the formation of new
lattice planes during grain growth processes. With the growth of the SiC nanocrystals,
the diameter of the carbon nanofibers continues to be reduced due to the consumption
of C. Figure 3-6i shows the average diameter distribution of SiC/CSNF
nanocomposites after the Joule heating treatment for 10 min. The average diameter of
the SIC/CSNF dropped from 267 nm to 181 nm, with a shrinking rate of 32%.
Brunauer—-Emmett-Teller (BET) surface area analysis shows that the product possesses
a BET surface area about 101.55 m2/g (Figure 3-8), consistent with that of carbon

nanofiber achieved by electrospinning method.

Figure 3-7. (a) Conventional carbon nanofibers with smooth fiber surface in long-range
scale. (b) CSNF with twig-like morphology, in which the nods greatly decrease the

conductivity of the sample.
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Figure 3-8. BET surface area analysis of SiC/C nanocomposite

To further characterize the newly formed SiC nanoparticles, X-ray diffraction
method (XRD) was employed to determine the phase compositions of the composite
after the Joule heating for 40s. Figure 3-9 shows the XRD pattern for the CSNF
composites after Joule heating for 40s. As shown by the resulting diffraction pattern,
the sample is a mixed composite of C, Si and new-formed cubic SiC(p or 3C). The
diffraction peaks at 35.88°, 41.78°, 60.24°and 71.97°correspond to the (111), (200),
(220) and (311) crystal planes of B-SiC (3C), respectively. The peak at 26.05°
corresponds to the crystal plane (002) of graphite, which is formed during the Joule
heating process. The broadening peaks around 26°and 43°indicate the amorphous state
of the carbon fibers, which is further confirmed by the relatively low electrical
conductivity before Joule heating treatment. Peaks at 28.4°, 47.3° and 57.0° correspond

to (111), (220) and (311) crystal planes of Si.
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Figure 3-9. XRD pattern of the nanocomposite after Joule heating for 40 s.

To further determine the elemental distribution, energy-dispersive spectroscopy
(EDS) analysis was carried out by testing the composite fibers, which ultimately

presented a homogenous distribution of element carbon and Si (Figure 3-10).
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Figure 3-10. EDS mapping of the SiC/C nanocomposite after Joule heating for 10 min

To characterize the phase change of the carbon, Raman spectra tests were

conducted for the fiber films before and after Joule heating treatment for 10 min (shown
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in Figure 3-11). Pristine CSNF films show a strong peak for Si at 520 cm™ while
relatively weak signals for carbon because the pristine carbon fibers were in an
amorphous state; this result is consistent with the state of pure carbon nanofibers. After
the Joule heating treatment in the inert-gas environment of Argon, the peak for Si at
520 cm™ vanishes and a new peak at approximately 790 cm™ emerges, which indicates
the formation of SiC. On the other hand, the characteristic peaks for carbon become
much sharper than the pristine CSNF sample prior to the Joule heating treatment. The
D-band peak, which stands for the defects and disorder in the carbon fibers, was
obviously suppressed compared with the G-band, which corresponds to graphitic, or
ordered, carbon. This is related to the graphitization effect, that is, the defects in the
carbon nanofiber are annealed in the diffusion process at high-temperature. This is also

consistent with the increased conductivity following the Joule heating treatment.
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Figure 3-11. Raman spectra for the films before and after the Joule heating treatment.
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Transmission electron microscopy (TEM) was exploited to characterize the
morphology and bonding of the nanocomposite. TEM images of the necklace-like
particles (Figure 3-12a) show that SiC nanoparticles tend to show an angular
morphological structure welded on the fiber surface. After ultra-sonication in water for
10 min, the necklace-like structure can still be observed by TEM, indicating good
bonding between the SiC nanoparticles and the nanofibers, owing to the in-situ
formation mechanism of SiC by Joule heating. The nanofibers offer outstanding
effective interfaces for the heterogeneous nucleation of the SiC particles to reduce
surface energy by decreasing the contact angles needed for nucleation. The cubic-SiC
phase was also confirmed by high-resolution transmission electron microscopy (HR-
TEM) imaging and its Fast Fourier Transform (FFT) result is shown in Figure 3-12b.
The HR-TEM image shows the cubic SiC plane along [112] direction and the inset is
the FFT results with plane indices assigned within. The planes in the FFT results are

also outlined on the image.

Figure 3-12. (a) TEM image of the SiC/C nanocomposite which shows solid bonding
between the SiC and the carbon after ultra-sonication. (b) HR-TEM micrograph of the
cubic SiC along the [112] direction. Inset is the FFT results with plane indices assigned

within; the respective planes are also outlined on the image.
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3.4 Conclusion

Joule heating on the C/Si nanocomposite fibers was used for the first time to do
an in-situ synthesis of a SiC/carbon necklace-like nanostructure, in which the
nanoparticles of SiC can be interconnected with each other while still maintaining their
high specific surface area. The CSNF acts as a reservoir to provide C and Si atoms
before Joule heating, as a micro furnace to heat the pristine reagent during Joule
heating, and finally as the substrate to host the formed SiC nanoparticles. The thermal
radiation information during the Joule heating process was recorded using a
spectrometer and gray-body radiation theory was utilized to acquire the heating
temperature. Pristine CSNF films were heated to 2000 K, which significantly improved
the graphitic structure of the carbon nanofibers, thereby increasing the conductivity of
substrate. The high-temperature enabled by the Joule heating efficiently boosts the in-
situ formation of SiC, while also enhancing the bonding strength between the SiC
nanoparticles and carbon nanofibers. SiC nanoparticles can be homogeneously
distributed and strongly anchored on the carbon nanofibers, which is advantageous for
the potential application of this novel composite. Joule heating, as an effective and
scalable method, has the potential to promote the in-situ synthesis of other homogenous
carbide nanoparticles, which in turn could have enhanced bonding strengths with
carbon-based substrates and similar homogeneous distribution similar to the results

discussed herein.
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3.5 Experimental

CSNF Preparation

Si nanoparticles were purchased from SkySpring Nanomaterials, and the
particles sizes were between 70 nm to 120 nm. These particles were well crystallized
without any surfactant or oxide layers on their surfaces. PAN (Mw=150,000) and
solvent DMF were purchase from Sigma Aldrich. PAN was dissolved in DMF to form

an 8 wt% transparent solution and stirred at 65 “C for 12 h. Then the same amount Si

nanoparticles were added in the PAN solution and were ultra-sonicated in water bath
for 24 h to form a homogenous dispersed suspension. The suspension was electrospun
at a voltage of 15 kV. The spinning distance is 15 cm with a feeding rate of 1ml/hour.
A rotating drum was used to collect the dry fibers to get a thick pristine film with iso-

thickness. The PAN/Si nanofiber film was stabilized at a temperature of 280°C for 3 h
and carbonized at 800°C in an Argon atmosphere to get the CSNF film.

Joule heating process

Prepared CSNF films segmented into rectangles were fixed on the glass stage
with silver paste and extended with copper tape. The sample used for the Joule heat
possesses a length of 10 mm, a width of 4 mm. The thickness of the sample is about 30
um. The Joule heating process was carried out in a glove box with argon atmosphere.
A Keithley power source was exploited to apply the current through the film. A
homemade Labview program was used to control the current and power value that
applied through the CSNF film. For the initial process, a small current (about several
mA) was applied to the sample. The emission spectra were collected and monitored by

an optic fiber and processed by spectrometer from Ocean Optics Company.
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Characterizations

Tescan XEIA3 SEM and JEOL 2100 LaB6 TEM were used to characterize the
morphology of nanofibers before and after Joule heating treatments. An EDS from
EDAX company was used to test the elements on the nanoparticles formed by Joule
heating effects. Raman characterization was done with the laser wavelength at 532 nm.
The conductivity of the films was measured by a four-probe method. XRD pattern was

achieved through D8 Advanced X-ray Diffraction system.
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Chapter 4: High-Temperature-Pulse Synthesis of Ultrathin-

Graphene-Coated Metal Nanoparticles”

4.1 Abstract

Reducing the use of precious metals presents a grand challenge for ensuring the
sustainability of modern industry. Nanostructured materials comprising earth-abundant
elements show great potential as substitutes for scarce, expensive materials, but
degradation and contamination issues in working environments severely limit their
practical applications. Here we report a facile and scalable strategy to synthesize
ultrathin-graphene-coated cobalt nanoparticles which are achieved by the application
of an electrical current pulse to a carbon-based substrate and by generating a transient
high temperature of up to 1500 K in 50 ms to induce the nanoparticle growth and
graphene coating. Thickness of the graphene shell is effectively controlled to be under
three atomic layers, favorable for charge transfer and electrocatalytic applications. The
one-step derived ultrathin-graphene-coated Co nanoparticles exhibit high activity and
durability for the oxygen reduction reaction. Our one-step synthetic strategy provides
a universal, scalable and cost-effective approach for the fast synthesis of metal-carbon

core-shell nanoarchitectures for catalytic and other applications.

* The results in this chapter have been submitted: Xie, H.; Liu, Y.; Li N., et al. High-Temperature-
Pulse Synthesis of Ultrathin-Graphene-Coated Metal Nanoparticles
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4.2 Introduction

Global sustainability gives strong impetus towards the innovation of materials
and their methodologies; consequently, developments in nanotechnology have
burgeoned and strived to meet the demanding technological requirements over the past
decades. Materials with nanostructures possess attractive properties such as remarkably
high chemical activities and enhanced electron-transfer capabilities, which are
promising for energy storage’’®, nanoelectronics®®8!, as well as electrocatalysis®?-%,
Noble elements are preferred for many specific reactions because of their excellent
catalytic performance®-°1, however, their high prices have forced researchers to
develop and explore alternatives composed of more economically-viable transition
metalst®1>17.92-%4 -~ Degpite the promise of transition metal nanomaterials, several
drawbacks have impeded their long-term utilization toward technological applications.
One of the most challenging problems is stability, in which degradation in the form of
agglomeration, morphological transformations, and detachment from the substrate, can
lead to degraded properties and even deactivation. Contamination is another important
issue that occurs especially when the active sites, such as specific lattice planes, are
exposed to toxic environments. To address these issues, various approaches have been
undertaken to bolster the chemical stability and electrocatalytic durability. A typical
approach is to form a protective shell of organic molecules or carbon!®!®, However,
many of these structures involve complicated operations, or the protective coatings are
undesirably thick, hindering the effective reaction pathway, which severely impairs the

performance of the nanomaterials.
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To protect nanomaterial morphology and to retain their chemical stability and
electrocatalytic durability, an innovative yet simple synthetic technique can circumvent
these limitations. Therefore, a robust, low-cost and scalable Joule heating method of
creating ultrathin and durable coating layers on nanoparticles is introduced in this work.
Here, we synthesize metallic nanoparticles with a desired thickness of graphene layers
by applying one single high-temperature pulse to metal precursor loaded carbon
substrates. No complicated organic materials were exploited for the formation of the
ultrathin graphene shells. Amorphous carbon sources, such as carbonized nanofibers or
carbonized wood, act as reservoirs which supply carbon atoms towards the formation
of ultrathin graphene shells. Tuning both the pulse temperature and time enables precise
control over the amount of graphene layers to under three. Our strategy presents several
advantages: (1) the procedure successfully fabricates core-shell nanostructures in one
facile step; (2) shell thickness can be effectively tuned to under three atomic layers; (3)
this unique approach facilitates control over material design, where an abundance of
substrates and precursor salts can be used. The enhanced chemical stability and
electrocatalytic durability of the resultant core-shell nanoparticles are advantageous for

a diverse array of applications.

4.3 Results and discussion

Our synthesis strategy is briefly illustrated in Figure 4-1, which schematically
reveals the fabrication process of graphene/transition metal core-shell nanoparticles.
Cobalt(11) chloride (CoCl, 6H20) was exploited as a precursor salt loaded onto carbon-

based supports through solution-based processing. Specifically, melamine can be
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added in the precursor as a nitrogen source to realize nitrogen doping, which further
improves the electrocatalytic activity. Note that the substrates, such as carbon
nanofibers (CNF) and carbonized wood, are readily available and easily
manufacturable. A controlled transient current was applied to the conductive substrate
with a time span of 50 ms to instantaneously raise the localized temperature to
approximately 1500 K. The high temperature achieved provides the energy necessary
to decompose the CoCl> precursor and to form Co clusters. Meanwhile, carbon atoms
from the substrate are also supplied enough energy to detach locally from the substrate.
Rapid quenching occurs after the high temperature pulse at a rate of ~30,000 K/s, which
enables the formation of non-agglomerated core-shell nanoparticles anchored to the
defective sites of the carbon substrates. It is supposed that the Co nanoparticle cores
function as catalysts aiding the epitaxial growth of the ultrathin graphene shells, which
resembles the fabrication of graphene by chemical vapor deposition (CVD)%. The
ultrathin graphene shell acts as a citadel to separate the nanoparticles to inhibit the
agglomeration, to protect Co nanoparticles from contamination, as well as to anchor
firmly the nanoparticles on the substrate, while still allowing electrons from oxygen to

penetrate the thin graphene and react with the Co nanoparticles.

Co@graphene
nanoparticle

CoCl2:6H20 salt

Carbon nanofibers 1500 K, ~50 ms
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Figure 4-1. Schematic demonstrating the high-temperature-pulse method to
controllably synthesize core-shell nanoparticles, such as Co@graphene, with one to

three graphene coating layers.

Figure 4-2a and b present the typical morphological evolution of the samples
before and after the high temperature pulse. After the high temperature pulse, Co
nanoparticles coated with graphene are homogenously anchored onto the CNF (Figure

4-2b).

Figure 4-2. (a) Scanning electron microscope (SEM) image of the CNF film loaded
with the cobalt precursor salt. (b) Low-magnification TEM image of the Co@graphene
nanoparticle anchored onto the CNF substrate.

Transmission electron microscopy (TEM) images, shown in Figure 4-3a, are

typical examples of Co nanoparticles with coatings of 1 to 3 graphene layers
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respectively. Dimensional statistics of the nanoparticles (Figure 4-3b) conform to a
typical Gaussian distribution with particle diameters ranging from 4 nm to 30 nm.
Figure 4-3c illustrates the distribution for the core-shell nanoparticles produced by the
high temperature pulse technique, with characteristic graphene shells from 1 to 3 layers

thick.

6 8 10 12 14 16 18 20 22 24 26 28 0

3

- - 1
Nanoparticle diameter (nm) Graphene layer Number

Figure 4-3. (a) TEM images showing graphene coatings composed of 1 to 3 layers,
respectively, on Co nanoparticles. (b) Distribution plot showing the range in (Co)
nanoparticle diameters. (c) Graphene coating layer distribution plot for the core-shell
Co@graphene nanoparticles.

It is noted that a strong correlation between the number of graphene layers and
the nanoparticle size can be found based on the statistics: the nanoparticles with smaller
size tend to maintain a single graphene layer, whereas bilayer and trilayer graphene
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shells are often observed for relative larger nanoparticles (Figure 4-4). This interesting
phenomenon offers insight into the rearrangement mechanism of the carbon/Co clusters

during the transient high temperature exposure.

Figure 4-4. Examples of Co nanoparticles with graphene layers less than 3 (Scale bar:
5 nm), at a pulsing temperature around 1500 K with a time span of 50 ms. The

optimized parameters guarantee the graphene layers were well controlled under 3.

Our hypothesis is that the quench rate has an influence on the layer numbers, as
a slow cooling rate can extend the carbon atom deposition process on the surface of
nanoparticles. As a result, more carbon atoms were stacked to form thicker graphene
layers, along with the growth of nanoparticles. The hypothesis may explain the

correlation between the graphene layer number and particle dimensions, which further
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prove that the graphene thickness is controllable with this technique. We tuned the
processing parameters and employed a high temperature pulse with a prolonged
duration around 500 ms. Accordingly, the metallic clusters become agglomerated with
nanoparticles on the order of 100 nm in diameter. As expected, the graphene shell

increases in thickness to approximately 10 layers (Figure 4-5).

| S

Figure 4-5. Co nanoparticles with dimensions around 100 nm coated with around 10
layers of graphene. Increasing the thermal pulse duration to 500 ms helps increase the
nanoparticle dimension and graphene thickness, proving the controllable correlation

between graphene layer number and nanoparticle sizes.

Note that the graphitization of carbon atoms is also influenced by the pulsing
temperature, since high temperature can help the graphitization process, while lower
local temperature decreases the kinetics and is not elevated enough to furnish migration
energy to form crystalized graphitic structure. As a result, a thick amorphous carbon
coating can be observed on the surface of the Co nanoparticles after a prolonged

thermal pulse (Figure 4-6).
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Figure 4-6. Amorphous carbon coatings on Co which form due to the lower temperature
of 1300 K induced by the 500 ms pulse. The lower temperature could not offer enough
energy for carbon atoms to form a crystalized graphene structure. To form graphene

layers, a relatively higher temperature (above 1400 K) should be achieved.

Figure 4-7a illustrates the X-ray diffraction pattern in which peaks at 44.22°,
51.52°, and 75.85° are attributed to the (111), (200), and (220) planes of the Co
nanoparticles, corresponding to a face centered cubic (fcc) structure (Fm 3m). The
peaks consist well with our simulation result with an average size of 15nm (Figure 4-
7b).

Note that cubic Co is the high temperature phase which can be successfully
preserved due to the rapid quenching process (~30,000 K/s). The graphene-coated Co
nanoparticles also exhibit good chemical stability, as no obvious oxidation was

observed after 2 h heat treatment in air at 200 <C (Figure 4-8).
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Figure 4-7. (a) XRD pattern for the Co@graphene core-shell nanoparticles. (b)

Simulated XRD pattern with Co nanoparticle dimension of 15nm
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Figure 4-8. Chemical stability study for Co@graphene and Co/C. (a-c) XRD patterns
and TEM images collected on Co/C before and after 2 h of annealing in air at 200 <C.
The Co nanoparticles were oxidized to Co304 as indicated by the XRD pattern. (d-f)
XRD pattern and TEM images collected on Co@graphene after 2 h of annealing in air
at 200 <C. The metallic phase and the core@shell nanostructure were preserved due to
the protection by the graphene shell.

Figure 4-9a depicts high resolution (HR-) TEM analysis, together with the
selected area electron diffraction pattern (Figure 4-9b) showing that the Co
nanoparticles are cubic (fcc) structure, which coincides with the aforementioned XRD
pattern. The characteristic Co peaks confirm the formation of metallic Co nanoparticles

from the precursor salt (Co atomic ratio: around 3.2%). Figure 4-9c presents the
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electron energy-loss spectroscopy (STEM-EELS) elemental mappings of the
Co@graphene nanoparticles. It is evident that the nanoparticles formed by high
temperature pulse are core-shell structures, with cobalt and carbon atoms displayed in
red and green, respectively. We can assume that the Co nanoparticles act as catalytic
centers, which promotes the growth of graphene layers epitaxially on the nanoparticle

surface.

Co (022)
Co (002)

Co (111)

Figure 4-9. Compositional analysis of the Co@graphene nanoparticles. (a) HR-TEM
analysis of the lattice of nanoparticles. (b) Selected area electron diffraction pattern
shows the fcc structure of Co nanoparticles. (c) STEM-EELS maps of the core-shell
nanoparticles.
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X-ray photoelectron spectroscopy (XPS) spectra of the core-shell supported
nanoparticles are shown in Figure 4-10. XPS analysis was employed to differentiate
the composition variation of nitrogen for samples with and without N-doping (Figure
4-10b and c). The sample from precursors with melamine as N-source presents a
significant increase in pyridinic N (398.0 eV), as well as the decrease of graphitic N
(401.1 eV). It is noted that this composition shift should be attributed to formation of

N-doped thin graphene layer superimposed on the Co nanoparticles.
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Figure 4-10. (a) XPS spectrum of the supported Co@graphene core-shell nanoparticles.
XPS N 1s peaks for sample without (b) and with (c) melamine N-doping. The N
element without melamine doping comes from the carbonized polyacrylonitrile
nanofibers. After the Nitrogen doping, the ratio of pyridinic N v.s. graphitic N increased
from 0.385 to 0.557, which is owing to the N-doping of the ultrathin graphene on Co

nanoparticles.

As a demonstration of the functional applications, we performed
electrocatalytic studies on the graphene-coated Co nanoparticles (denoted as N-
Co@graphene and Co@graphene) for the oxygen reduction reaction (ORR), the
cathode reaction in fuel cells. As a control, Co nanoparticle supported on high-surface-
area carbon black (denoted as Co/C, see method section for the details of catalyst
preparation) was also evaluated under similar conditions. The electrocatalytic studies
were performed using the rotating disk electrode (RDE) method in 0.1 M KOH. Figure
4-11 shows the voltammograms recorded in Argon and oxygen-saturated electrolytes.
No pronounced peaks were observed in the Ar-saturated electrolyte for all three
catalysts. When the electrolyte is saturated with O, a pronounced oxygen-redcution
peak appears in the cathodic scan. The onset potential of this peak is positively shifted
by 100 mV and 60 mV for N-Co@graphene and Co@graphene as compared to Co/C.
Correspondingly, the peak current for N-Co@graphene and Co@graphene was also

found to be as high as 1.5 — 1.7 times of that for Co/C.
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Figure 4-11. Voltammograms recorded for N-Co@graphene, Co@graphene and Co/C
in Ar- and O2-saturated 0.1 M KOH.

These results indicate that graphene coated cobalt nanoparticles are much more
active than Co/C for the ORR, which is further confirmed by the ORR polarization
curves measured with disk rotation (Figure 4-12a). At 1600 rpm, N-Co@graphene and
Co@graphene reaches a diffusion-limited current of ~4.9 mA/cm?, which is high for
platinum group metal (PGM)-free electrocatalysts,®’° as compared to 4.4 mA/cm? by
Co/C. The more facile reaction kinetics of N-Co@graphene was confirmed by its low
Tafel slope in kinetic region (Figure 4-12b). The high activity of graphene coated cobalt
nanoparticles for the ORR can be ascribed to the synergy between the metallic Co core
and the ultrathin graphene coating (<3 atomic layers in thickness), which may stabilize
oxygenated adsorbates (e.g., *OOH and *OH, where * denotes an adsorption site on

the catalyst surface) on the surface due to the strong coupling between and
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hybridization of the sp? and d-orbital electrons of graphene and cobalt, respectively*%®-

102 More specifically for N-Co@graphene, its activity could be further enhanced by

Co-N species that facilitates formation of HO, according to dual-site mechanism%,
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Figure 4-12. (a) ORR polarization curves at 1600 rpm and (b) corresponding Tafel

plots.
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Figure 4-13. ORR polarization curves recorded at various rotation rates for N-
Co@graphene (a) and Co@graphene (b), with the corresponding Koutecky-Levich

plots shown in (c) and (d), respectively.

It is noted that the Co@graphene nanoparticles were found to be highly durable
for the ORR, with negligibile degradation after 3,000 potential cycles between 0.6 and
1.0 V (Figure 4-14). Such a high durability is superior to most of the PGM-free
electrocatalysts reported in the literature, comparable to some of the precious metal-

based electrocatalysts (e.g., Pt and Pd).10410
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Figure 4-14. Durability study for the Co@graphene catalyst subjected to potential

cycles between 0.6 and 1.0 V at 50 mV/s.

TEM images collected after the durability study showed that the nanoparticles
maintained their core-shell nanostructure (Figure 4-15), which is in line with the high
chemical durability as discussed above (Figure 4-8). The excellent chemical stability
and electrocatalytic durability of graphene coated cobalt nanoparticles could be
attributed to protection of the metal core by the carbon shell, which has prevented the

metal element from oxidation and leaching.1%?
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Figure 4-15. TEM images for nanoparticles after polarization cycles, in which the core-

shell structure remains intact.

To understand the origin of the observed activity and stability of Co@graphene
core-shell catalysts for ORR, first-principles density functional theory (DFT)
calculations were performed to reveal the interactions between thin graphene layer and
Co nanoparticles. As shown in Figure 4-16, the Co@graphene catalysts were modelled
as a perfect graphene layer on top of a four-atom tetrahedral Co cluster, representing a
local contact of graphene shell with the atomic islands on the surface of Co nanoparticle
cores, through which electron charge transfer happens between the core (Co) and shell
(C atoms). The calculated charge density difference map (Figure 4-16) shows that the
carbon atoms adjacent to the Co cluster would have lower electron density than the

carbon atoms in other regions. Especially, the carbon atom marked with the dashed-
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circle in the figure was found to exhibit the greatest degree of electron density depletion

and act as active site of the catalyst for ORR.
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Figure 4-16. (a) Structure of a graphene layer in contact with a four-atom Co cluster,
which was used to model Co@graphene catalysts. In the figure, the gray balls represent
C atoms and the blue balls represent Co atoms. (b) Predicted electron density change
on the carbon atoms induced by the local contact between Co cluster and graphene
layer. Isosurface level is set as 0.05eA=3. Color yellow and cyan indicate electron

accumulation and depletion, respectively.

Moreover, we predicted the configurations (Figure 4-17) and energies (Table
4-1) of ORR species (including Oz, OOH, O, OH, HOOH, and H>0) adsorbed on the
top of this active carbon site. Based on these DFT results, we applied the computational
hydrogen electrode method developed by Nerskov et al.1% to calculate the free energy
evolution of a four-electron (4e-) ORR pathway on the Co cluster induced active
carbon. Following this pathway, The ORR starts with an O> molecule adsorption,
followed with O protonation to form OOH, which dissociates into O and OH, and ends

with O and OH protonation to form two H>O.
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Figure 4-17. Optimized structures of O, O, OH and OOH adsorption on an active
carbon atom of a graphene layer. In the figure, the grey, blue, red and blue balls

represent C, Co, O and H atoms, respectively.

Table 4-1. Predicted adsorption energies of various ORR species on
Co@graphene catalysts. The adsorption energies were calculated as the difference in
energy between the adsorption system and the corresponding isolated systems. Hence,
negative value of the adsorption energy indicates attractive interaction between the

ORR species and ORR active sites.
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The calculated free energy evolution was presented in Figure 4-18. When the
electrode potential U is lower than a limiting potential of 0.57 V, all the elementary
reactions involving charge-transfer become exergonic and thermodynamically
favorable on the active carbon. Consequently, our DFT calculations proved that local
contact between Co core and graphene shell could produce carbon atoms with lower
electron density than other carbon atoms of the graphene layer, and these carbon atoms
with depleted electron density could promote 4e- ORR. This synergic effect can also
explain the stability and durability of nanoparticles, since there is no direct contact
between Co and O atoms in the ORR process, in which the graphene layer acts as an

electron messenger involved in the interactions between Co and O atoms.
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Figure 4-18. Calculated free energy evolution diagram for the ORR through 4e-
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associative pathway on the active carbon sites.

This one-step strategy for synthesis of graphene protected nanoparticles also
presents its universality, which can be applied to other transition metal elements as
well. Figure 19a, b and Figure 4-20 present the TEM morphologies and XRD patterns

of iron and nickel-based core-shell nanoparticles, the structures and dimensions of

which show similar results to the Co@graphene nanoparticles.
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Figure 4-19. (a) Morphology of iron@graphene core-shell nanoparticles. (b)
Morphology of nickel@graphene core-shell nanoparticles. TEM images show the
existence of ultrathin graphene layers, which proves universality of this high

temperature pulsing technique for many transition metals.
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Figure 4-20. Fe (a) and Ni (b) XRD patterns.
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Besides, there is a broad range of carbon-based substrates that enable this high
temperature pulsing technique. Apart from two-dimensional (2D) CNF thin film
(Figure 4-21a), a block of three-dimensional (3D) carbonized wood can also function
as the substrate to generate core-shell nanoparticles. The 3D carbonized wood layer
consists of aligned open channels (diameter of tens of micrometers) that can act as a
chamber to accommodate the pristine salt and the deposition surface where the as-
formed core-shell nanoparticles can get anchored (Figure 4-21b). The SEM images
shows that all the channels are filled with the homogeneously dispersed Co@graphene
nanoparticles. The inexpensive wood substrate can be utilized as a large-scale
manufacture substrate, which can tremendously increase the loading amount of

nanoparticles with a facile large scale manufacturing.
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Figure 4-21. (a) CNF as the supported substrate (b) Carbonized wood as the supported

substrate.

4.4 Conclusion

We report a one-step synthetic technique to simultaneously fabricate supported
Co@graphene core-shell nanoparticles. This strategy presents several advantages, such
as generation of core-shell nanostructures in one facile processing step, tunability and
control over graphene shell thickness down to monolayer graphene, as well as the

abundance of substrate candidates. The ORR test shows that their stability and
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durability exceeded previously reported PGM-free catalysts. DFT calculations proved
that local contact between Co core and graphene shell produces carbon atoms with
lower electron density which promote ORR process. This facile synthetic approach
provides a pathway towards the design and development of metal/graphene core-shell
nanoparticles with controllable graphene coating thickness for a wide range of potential

applications in the fields of catalysis and beyond.

4.5 Experimental

Preparation of CNF

An 8% by mass solution of polyacrylonitrile (PAN) (Sigma Aldrich) in
dimethylformamide (DMF) was electrospun at a voltage of 10 kV, a spinning distance
of 15 cm, and a feeding rate of 1 mL/hour. The as-spinned nanofibers were collected
by a rotation drum at a speed of 80 rpm. The electrospun film was then converted into
CNFs after stabilizing in air at 280<C for 5 h and carbonizing at 600<C in an argon
atmosphere.
Fabrication process of supported core-shell nanoparticles

Cobalt (I1) chloride (CoCl, 6H20) salt was dissolved in ethanol to form a 0.05
mmol/mL solution. The precursor solution was dropped onto the CNF or carbonized
wood substrate in a controlled manner. The as-prepared film was then connected to
copper electrodes and silver paste was employed to glue the carbon substrate to the
electrodes. A high temperature pulse was applied to the substrate in an argon-filled

glovebox using an external Keithley 2425 Source Meter. The emitted light from the
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substrate was collected by a high-speed spectrometer camera and fitted using the
blackbody radiation equation.

The emission spectrum of the CNF film during the high temperature pulse was
recorded with a high-speed camera, from which the temperature can be evaluated
through black-body radiation analysis. The light emission intensity during the pulse
period and the corresponding temperature vs. time curves including the heating and
cooling process can be also be acquired.

Preparation of Co/C control sample

Co nanoparticles were synthesized following a slightly modified reported
method.'%’ Briefly, 100 ul oleic acid, 160 ul dioctylamine and 15 ml of dichlorobenzene
were slowly heated to boiling point of dichlorobenzene (~ 182 <C). To this solution,
100 mg of dicobalt octacarbonyl dissolved in 3 ml dichlorobenzene were injected. The
mixture was kept at ~ 182 <C for 15 minutes before cooled down to room temperature.
Co nanoparticles were recovered by adding ethanol and centrifuging. The sediment was
dispersed in toluene before adding ethanol and centrifuging again. The resulting
product was dispersed in toluene. To make the Co/C catalyst, high surface area carbon
(Tanaka Inc.) was added into cobalt dispersion before ultrasonication for 30 minutes.
Cobalt weight loading on carbon was controlled to be ~ 18% to be consistent with
Co@graphene. To remove organic surfactant on Co, ethanol was added into the above
dispersion before it was centrifuged. Sediment was dispersed in hexane and centrifuged
again. Co/C catalyst was acquired by drying sediment under vacuum for 20 minutes.

Materials characterization
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The low-magnification morphological images of the carbon substrates were
acquired using a field-emission SEM (Tescan XEIA FEG SEM). TEM at an
accelerating voltage of 200 kV to was used to characterize the nanoparticle
morphologies at high resolution. Atomic resolution TEM images as well as EELS maps
were also obtained. XPS analysis was performed on a multi-technique photoelectron
spectrometer with a standard dual (Mg/Al) anode and monochromatic (Al) X-ray
sources. The XRD pattern in supporting information for control sample was achieved
by PANalytical X’Pert Powder X-Ray Diffractometer. All other XRD patterns were
achieved using a D8 Bruker Advanced X-ray Diffraction system.

Electrode preparation

Both Co@graphene and Co/C were mixed in aqueous solvent containing 0.05%
Nafion and 10% isopropanol with a concentration of 1 mg/mL. The mixture was
ultrasonicated for at least 30 minutes to achieve a homogeneous ink. The ink was then
drop-casted onto a 5 mm diameter glassy carbon rotating disk electrode and allowed to
dry to form a uniform catalyst film. Total catalyst loading, including the Co and carbon,
was 0.2 mg/cm?aisk.

Electrochemical measurements

Electrochemical tests were conducted with a Metrohm Autolab PGSTAT302N
potentiostat connected to a three-electrode cell made with Teflon. Hg/HgO and
platinum wire were adopted as the reference and counter electrodes, respectively. 60
mL of 0.1M KOH was prepared with de-ionized water and implemented as the

electrolyte. Polarization curves were measured with a scan rate of 50 mV/s.
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The electron transfer number during ORR was calculated based on the Koutecky-

Levich equation:

1 1 N 1 1 N 1
] L Jk B(Ul/z_]K ) ) o o ) )
where J, Ji, Jk are nominal, diffusion limiting and kinetic current density, respectively.

The reverse of the K-L plot slope, B, is:

B = 0.2nFv='/6¢,D2/?
where n is the electron transfer number, F is the Faraday constant (96485 C/mol), v is

the Kinetic viscosity (0.01cm?/s), Co is the concentration of oxygen within the
electrolyte (1.2 mmol/L), and Do is the diffusion coefficient of oxygen within the
electrolyte (1.9 x 10~°cm?/s).
Accelerated stability tests were conducted by cycling the electrode between 0.6 V and
1.0 V (vs RHE) at 50 mV/s in an oxygen-saturated electrolyte.
Computational method

The first-principles spin-polarized density functional theory (DFT)
calculations'®®1%® were performed using Vienna ab-initio Simulation Package
(VASP)!0. Projector augmented wave (PAW) pseudopotential’*'!'? was used to
describe the core electrons and energy cutoff was set as 400eV to expand the wave
function. The Perdew-Burke-Ernzerhof (PBE) functionals*'® were used to describe the
exchange-correlation effects. The atomic structures were optimized until the force was
below 0.01eV/A. The Brillouin zone was sampled with Monkhorst-pack!'* 4 x4 x1
k-points grids. A vacuum region of 14 A was added into the simulation cell to avoid
the interaction between two adjacent images. Zero-point energy (ZPE) corrections were

included in all the reported adsorption energies.
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4.6Supporting Information
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Figure 4-S1. Characterization of the Joule heating process. (a) Light emission spectra
at different times from 0 to 60 ms, covering both the heating and cooling regimes of
the 50 ms thermal pulse. (b) Temperature distribution at peak power with an average

temperature of 1478 K.
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Chapter 5: Universal Soldering of Lithium and Sodium Alloys

on Various Substrates for Batteries™

5.1 Abstract

Developing safe batteries with high energy density is one of the most attractive
goals for energy storage researchers. The high theoretical specific capacity of lithium
(Li) metal and the non-flammability of solid state electrolytes (SSEs) make the solid
state Li metal battery a promising option to achieve this goal. To make the switch from
liquid to solid state electrolyte, the high interfacial resistance resulting from the poor
solid-solid contacts between Li metal and SSEs needs to be addressed. Herein, we
present a one-step soldering technique to quickly coat molten Li onto different
substrates including metals, ceramics, and polymers. It is deduced that the surface
energy and viscosity of the molten Li can be tuned by adding alloy elements, which
improves the wettability against various substrates. When soldered onto the surface of
garnet-based SSEs, the Li alloys exhibit significantly improved contact, which leads to
an interface resistance as low as ~ 7 Q-cm?. While cycling under high loads, the alloy
elements show some segregation from the newly plated Li. However, the newly plated
Li still maintains tight contact with the garnet surface and demonstrates excellent
electrochemical stability. Several Li binary alloys as well as a sodium (Na) binary
alloys are successfully tested on various substrates to demonstrate the versatility of this

soldering technique for potential battery applications.

* The results in this chapter have been published: Wang, C.%; Xie, H. %; Zhang, L.; Gong, Y.;
Pastel, G.; Dai, J.; Liu, B.; Wachsman, E. D.; Hu, L. Universal Soldering of Lithium and Sodium
Alloys on Various Substrates for Batteries. Adv. Energy Mater. 2017, 1701963, 1701963.
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5.2 Introduction

Lithium (Li) metal has attracted a lot of interest to develop high energy density
energy storage devices because it boasts the lowest reduction potential (-3.05 V) and
highest theoretical specific capacity (3860 mAh/g).1>118 However, the widely-known
issues, dendritic Li growth along with the flammability of liquid organic electrolytes,
can cause serious safety problems and therefore inhibit Li metal batteries for practical
applications. One of the most attractive and effective strategies to develop practical Li
metal batteries is to use solid state electrolytes (SSEs) because of their non-
flammability and mechanical strength to block dendritic Li growth.!1%12° Among the
many SSEs studied,!?-1% the cubic garnet phase SSEs*®12%-134 are more attractive
because of their excellent chemical stability,'*>13 high ionic conductivities,*’12%130.137

and wide electrochemical potential window. 38140

One of the major challenges for the application of the garnet based solid state
Li metal batteries is the poor interfacial contact between garnet SSEs and electrode
materials.*"14%142 Direct contact between Li metal foil and garnet pellets normally
results in poor contact and large interfacial resistance. By adding a polymer
interface'#31%4 or applying pressure,**>146 the Li and garnet interface can be improved
marginally, but still has high resistance. The poor wettability of molten Li against
garnet substrates also makes it unfeasible to directly coat Li metal on garnet SSEs. In
our previous work," 1% the wettability of garnet pellets against molten Li was

significantly improved by coating a modification layer on the garnet surface, and the
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interfacial resistance was decreased from more than 1000 Q-cm? to as low as 1-20
Q-cm?.14718 However, for large-scale practical applications, this additional surface
modification step under high vacuum is time-consuming and an additional cost.
Therefore, a lower cost and more effective method is still strongly desired to solve the
interfacial problem between Li metal anode and garnet SSEs for practical solid state Li

metal batteries.

Fundamentally, the poor wetting between molten Li metal and garnet pellets is
due to the large difference in surface energy. Our previous strategy introduces new
interfaces that have better wettability against molten Li but another strategy is to tune
the surface energy of molten Li itself to match with the garnet SSEs. This wetting issue
between liquid metals and ceramic substrates has been extensively studied for multiple
applications, such as metal-ceramic joining by brazing and fabricating metal matrix
composites.’® 1% To improve the wettability between liquid metals and ceramic
substrates, alloying elements were normally added to tune the surface energy of the
liquid metals and significantly decrease the contact angle on ceramic
substrates.?51153154 Recently, with the rise in solid state Li metal batteries, the metal-
ceramic contact has become a critical challenge towards the development of high

energy density and safe energy storage devices.

Inspired by the strategies used in developing metal matrix composites and
metal-ceramic joining, we successfully demonstrated a universal soldering technique
that can quickly coat molten lithium or sodium metals onto different substrates for solid
state batteries and other applications. By adding the alloying elements, both the surface

energy and viscosity of the molten Li were increased. The Li-rich molten alloys show
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a much improved wettability on substrates including ceramics, metals, and polymers.
To demonstrate this coating technique for solid state batteries, a molten Li-Sn alloy
was successfully coated onto a fresh-polished garnet pellet in less than 10 seconds,
much like a quick soldering step. The SEM images confirm the tight and conformal
contact between the alloy and garnet surface, which results in an interfacial resistance
as low as ~7 Q-cm?. The Li plating-stripping cycling further demonstrate the stability
of the Li-rich alloy anode and its interface with garnet SSEs. To demonstrate the
versatility of this coating technique, several Li-based binary alloys were tested and
successfully coated onto various substrates. Similar behavior is observed with Na-
based molten alloys and a Na-Sn alloy shows significantly improved wettability on an
aluminum substrate. Therefore, this alloy-based soldering technique fundamentally
solves the contact issue between Li metal anodes and garnet SSEs for solid state Li
metal batteries. It also inspires new strategies to use Li or Na metals for battery

applications, such as flexible Li or Na metal batteries and solid state Na metal batteries.

5.3 Results and discussion

Figure. 5-1 depicts the different wetting behaviors of pure lithium metal and
lithium alloys on a solid substrate. The pure molten lithium dewets most solid
substrates, such as ceramics, polymers, and even metals due to the large difference in
surface energy (Figure. 5-1a). By adding other elements that can alloy with Li, the

surface energy of molten Li can be tuned so that the molten alloys can wet well on the
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aforementioned substrates. The Li alloys can be easily soldered onto the substrates in

around 10 seconds and show much improved wettability (Figure. 5-1Db).

Li Alloys

Figure 5-1. Schematic of soldering Li and Li alloy onto substrates (e.g., ceramics,
polymers, and metals). (a) Pure molten Li shows poor wetting behavior on the solid
substrates. (b) Li alloys can be easily soldered on the substrates for much improved
contact.

To demonstrate the effect of alloying elements on the wettability of molten Li,
Li-Sn alloys with various weight ratios were prepared to test the wetting performance
on alumina substrates (Figure. 5-2a). While both pure molten Li and Sn dewet on
alumina substrates, their binary alloys show improved wettability as the ratio of tin
increases. Above 10 wt% tin, the molten Li alloy starts to wet the substrate, but still
has a large contact angle greater than 90°. When the ratio of tin is increased to 20 wt%,
the molten alloy wets the substrate with a contact angle less than 90°. The Li-Sn alloys
with 50 wt% or more of Sn can be smeared on the alumina substrates like paint with
negligible contact angles. To demonstrate the application of Li alloys for solid state
batteries, the Li-Sn alloy was coated on garnet-based SSE to improve the contact

between the Li metal anode and garnet SSE. Unlike our previous methods, no surface
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treatments are required to improve the wettability on the garnet pellets. In the
demonstration (Figure. 5-2b), the polished garnet pellet can be quickly and uniformly
wetted by the molten Li-Sn alloy (20-50 wt% Sn) within 10 seconds, much faster than
all previous reports.4” 1 The SEM images (Figure. 5-2 c¢,d) also confirm the the
excellent and uniform coating of the Li-Sn alloy on the garnet pellet. In the zoomed-in
SEM image (Figure. 5-2d), the alloy shows a tight and conformal contact with the
garnet SSE, which further demonstrates the effectiveness of the Li-Sn alloy soldering

technique.

g

LiSn Alloy

LiSn Alloy
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Figure 5-2. Wettability of Li-Sn alloys on ceramic substrates. (a) Wettability of molten
Li-Sn alloys with different ratios of Sn on alumina substrates. The increasing content
of Sn significantly improves the wettability of molten Li against alumina. (b) Images

demonstrate the effectiveness of the Li-Sn alloy welding process on garnet SSE pellets.
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In less than 10 seconds, the polished garnet pellet was successfully coated with uniform
Li-Sn alloy. (c, d) Cross-sectional SEM images of the garnet pellet coated with Li-Sn
alloy at different magnifications, which indicate a conformal interface between the

alloy and garnet SSE.

The continuous and conformal contact between the Li alloy and garnet SSE also
results in excellent electrochemical performance in solid state cells. To evaluate the
interfacial properties of Li alloy and garnet SSE, Li-Sn/garnet/Li-Sn symmetric cells
were fabricated to conduct electrochemical impedance spectroscopy (EIS) and
symmetric DC stripping-plating measurements. Figure. 5-3a exhibits the results from
EIS measurements of the symmetric cells made with the same garnet pellet coated with
gold or lithium on both sides, respectively. The Au/garnet/Au symmetric cell was made
by coating the polished garnet pellet with gold paste on both sides and then annealed
at 800 °C for 30 minutes to ensure a good contact. Since the gold electrodes can block
Li ion transport, the EIS measures the bulk resistance of the garnet pellet and has a long
Warburg diffusion tail at low frequencies. The semicircle part of EIS is fitted to
intercept with the real axis (inset of Figure. 5-3a) to estimate the bulk resistance of the
garnet pellet. Then, the Au coated garnet pellet was carefully polished to remove the
gold electrodes and quickly coat with the Li-Sn alloy (~ 30 wt% Sn) by following the
aforementioned procedure to prepare a Li/garnet/Li symmetric cell. The EIS of the Li-
Sn/garnet/Li-Sn symmetric cell does not have diffusion tail at low frequencies because
of the presence of lithium metal on both sides. For this cell configuration, the overall

resistance consists of bulk resistance due to the garnet pellet and the interfacial
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resistance between the Li-Sn alloy and garnet pellet on both sides. Therefore, the
difference in the real axis intercepts can be used to estimate the change in interfacial
resistances between the Li-Sn alloy and Au coated garnet pellet. The interfacial
resistance is calculated to about 7 Q-cm?, which is much smaller than most of the
previously reported values 143145:147-150.156.157  Considering the efficiency and
effectiveness of this technique, Li-Sn alloys offer an appealing solution to solder Li
metal anodes on garnet SSEs for practical solid state batteries. Therefore, this technique
is one of the most effective and feasible ways to solve the contact and interfacial
resistance issues between Li metal anodes and garnet-based SSEs.

To further study the stability of the interface between the Li-Sn alloy and garnet
pellet, Li-Sn/garnet/Li-Sn symmetric cells were tested by DC plating-stripping
experiments. According to the EIS measurements shown in Figure. 5-3b and the
corresponding voltage profile in Figure. 5-3c, the resistance of the symmetric cells
remains constant while cycling for 100 hours. The voltage profile shows slight periodic
variation about every 24 hours, which is attributed to the change in the ambient
temperature conditions during the day and night. The insets of Figure. 5-3c show
smooth and stable curves which indicates excellent stability of the soldered Li-Sn alloy
and garnet pellet interface during electrochemical cycling. To further investigate the
interface of the Li-Sn alloy and LLZO garnet, we also applied first principles
calculations using the same approach as in our previous study.'4%5° For the four kinds
of Li-Sn alloy we investigated: Liz7Sna, Li1sSns, LizSnz, and LiSn; none of them exhibit
reactions with the LLZO garnet. This further confirms that Li-Sn alloys indeed have

good stability with garnet.
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Figure 5-3. Electrochemical measurements of solid state symmetric cells. (a) EIS

measurements of Au/garnet/Au and Li-Sn/garnet/Li-Sn symmetric cells for calculating

interfacial resistance. (b) EIS measurements of the Li-Sn/garnet/Li-Sn symmetric cell

before, during, and after Li plating-stripping at different times, which indicates a stable

interfacial resistance. (c) Voltage profiles of the corresponding Li-Sn/garnet/Li-Sn

symmetric cells during plating-stripping cycling at a current density of 50 pA/cm?. The

periodic variation is attributed to the temperature change during the day and night. The

insets are zoomed-in snapshots of the profile at different times.
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In the aforementioned study, the symmetric plating-stripping only involved a
small amount of lithium transport. As the anode of lithium metal solid state battery for
practical application, most of the lithium in Li-Sn alloy will be involved in battery
cycling. Therefore, the stability of the Li-Sn alloy electrode during large capacity
cycling needs to be studied further. For this case, a special symmetric cell was prepared
to conduct the large capacity cycling. As Figure. 5-4a illustrates, to cycle under high
capacity loads, one side of the symmetric cell is controlled to have a thin Li-Sn layer,
while the other side is much thicker. While cycling, about 1 mAh/cm? of Li from the
thick layer was continuously plated onto the thin layer. Initially, the thin layer is only
about 2 m thick, with continuous and tight contact to the garnet SSE (Figure. 5-4b).
After cycling, the total thickness of the plated Li increases to about 10 pm and the
electrode maintains good contact between the newly plated Li and garnet pellet (Figure.
5-4¢). According to the energy-dispersive X-ray spectroscopy (EDS) mapping of the
same area shown in Figure. 5-4d, the alloy element Sn is mainly on the top surface,
indicating that the original Li-Sn alloy layer is lifted up by the newly plated Li. For the
stripped side, the original Li-Sn alloy layer is about 100 pm thick and has the same
continuous and tight contact as the other side (Figure. 5-4e).

After Li is stripped, the thickness of the Li-Sn alloy decreases to about 50-70
m on the thicker electrode (Figure. 5-4f). Even after large amount of Li has been
stripped from the electrode, the leftover Sn does not show any local accumulation at
the interface in EDS mapping measurements as shown in Figure. 5-4g. Therefore,

characterization of the interface and electrode morphologies after large capacity
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platting-stripping further establishes the stability of the soldered Li-Sn alloy on garnet

SSE during the battery cycling.
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Figure 5-4. Characterization of the Li-Sn/garnet/Li-Sn symmetric cell morphology and
interfaces during large capacity Li plating-stripping. (a) Schematic of the large capacity
Li plating-stripping process for the Li/garnet/Li symmetric cell. Li is plated onto the
thin Li-Sn alloy layer. Cross-sectional SEM images of the Li-Sn alloy coated garnet
before (b) and after (c) Li plating. (d) EDS mapping of the Li plated area marked with
a green dashed line in (c). The newly plated Li is between the original Li-Sn alloy layer
and garnet pellet. Cross-sectional SEM images of the Li-Sn alloy coated garnet before
(e) and after (f) Li stripping. (g) EDS mapping of the Li stripped area marked with a
green dashed line in (f), where the leftover Sn does not show local accumulation at the

interface.
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To further demonstrate the versatility of this technique, we also studied this
alloy based soldering technique using several different binary alloys and various
substrates, including metals, polymers and ceramics. In this work, we tested four
typical elements (Sn, Zn, Si, and Al) that can alloy with Li as well as a Na-Sn alloy on
an alumina substrate. Figure. 5-5a exhibits the XRD patterns of several typical binary
alloys that have been tested to have excellent wettability. The three Li-based alloys
have peaks corresponding to the pure Li metal phase and binary alloy phases
corresponding to the most stable compound in the phase diagram to balance an
excessive stoichiometric ratio of Li metal (i.e. LiZn for Li-Zn alloy,'*® Li2Sns for Li-
Sn alloy,'® and Li2Sis for Li-Si alloy®®). Therefore, we can deduce that the addition
of a binary alloy phase can significantly improve the wettability of molten Li metal.
The soldering alloys are also observed to have higher viscosity than Li metal, which
makes them much stickier in application to the various substrates. The changes in
surface tension and viscosity agree with previous studies of alloys in the literature.*>®
The XRD pattern of a Na-Sn alloy only shows the peaks of Na metal, which is attributed
to the minimal amount of Sn in the alloy. Figure. 5-5b and e are digital images of
titanium (Ti) foil wetted by molten Li and Li-Sn alloy, respectively. The molten Li can
partially wet Ti foil, but shows a large contact angle (Figure. 5-5b). In contrast, the Li-
Sn alloy coats well on the Ti foil and has a small contact angle (Figure. 5-5e).

Besides the typical ceramic and metal substrates, the Li-Sn alloy can also be
soldered on some polymers. Figure. 5-5¢ and f depict Kapton film wetted by the molten
Li and Li-Sn alloy, respectively. The Li-Sn alloy shows much better wettability than

the Li metal and can be uniformly coated on the Kapton film. The alloy coated Kapton
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film demonstrates excellent flexibility and outstanding mechanical strength, which is

promising for flexible Li metal battery applications. Similar improvements to

wettability can be achieved with Na-based molten alloys on alumina substrates (Figure.

5-5d, and g), which is particularly significant for solid state Na-f-alumina batteries.

These results demonstrate the versatility of this alloy-based soldering technique for

coating Li or Na metal onto various substrates for battery applications.
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Figure 5-5. Alloy wetting on various substrates. (a) XRD patterns of binary alloys with

good wettability. Photographs of molten Li wetted on (b) Ti foil and (c) Kapton film.

(d) Photograph of molten Na on an alumina substrate. (e-f) Digital images of a molten

Li-Sn alloy coated on Ti foil and Kapton film. (g) Photograph of molten Na-Sn alloy

wetted alumina substrate.
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5.4 Conclusion

By adding alloying elements to molten Li and Na, the surface energy and
viscosity of negative electrodes can be manipulated to directly solder onto various
substrates. As a demonstration, a Li-Sn alloy was soldered onto the surface of garnet
SSEs within 10 seconds and exhibits a conformal and tight contact. The alloy
significantly decreases the interfacial resistance against garnet SSE to as low as ~7
Q-cm?. Subsequent electrochemical studies confirm the excellent stability of both the
interface and the alloy electrodes during the long time and high capacity cycling. To
demonstrate the versatility of this alloy-based soldering technique, several other Li
binary alloys were studied and display similar wetting behavior on metal, ceramic, and
polymer substrates. Moreover, this direct soldering technique was extended to molten
Na alloy systems, and in particular, a Na-Sn alloy was successfully coated on an
alumina substrate. This direct soldering technique will inspire new strategies to develop

safe Li and Na metal batteries with high energy densities.

5.5 Experimental

Synthesis of garnet solid-state electrolytes. Cubic garnet electrolyte of
Lis7s5La275Ca0.252r1.75Nbo 25012 Was synthesized by following a previous method.'*®
Specifically, stoichiometric amounts of LiOH H>O (Alfa Aesar, 98.0%), La,O3 (Alfa
Aesar, 99.9%), CaCOs3 (Alfa Aesar, 99.0 %), ZrO: (Inframat® Advanced Materials,

99.9%) and Nb.Os (Alfa Aesar, 99.9%) were thoroughly ball milled in isopropanol for
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24 h. To compensate for volatilization of lithium during the calcination and sintering
processes, 10 wt% excess LiOH H>0 was added. After the well-mixed precursors were
dried, pressed and calcined at 900 <C for 10 h, the as-calcined pellets were broken down
and ball-milled for 48 h in isopropanol. The dried powders were then pressed into 12.54
mm diameter pellets at 500 MPa, which were fully embedded in the mother powder
and sintered at 1050 <C for 12 h. The alumina crucibles are used during the whole
synthesis process. The as-made garnet pellets is about 1 cm in diameter, which were
mechanically polished on both sides to about 500 pm thick to produce clean and flat
surfaces for battery testing.

Direct soldering of Li or Na alloys and cell preparation. All the soldering and
coating experiments were conducted on a hot plate at ~250°C in an argon filled
glovebox. To test the dependence of the alloy element ratio on the wettability, different
weight percentages of alloy elements (Sn, Zn, Si, Al) were mixed with the molten Li
and the alloys were smeared on substrates to show the wettability. All the binary alloys
started to show an improved wettability when the weight percentage of the alloy
elements exceeds 20 wt%. As the ratio of the alloying element increases, the viscosity
and the wettability were observed to increase accordingly. To make Li-alloy/garnet/Li-
alloy cells for electrochemical measurements, each side of the polished garnet pellets
were directly placed and smeared with molten Li-Sn alloy (30-50 wt% of Sn) to ensure
a conformal coating. Au/garnet/Au cells were prepared by coating gold paste on both
sides of garnet pellets followed by annealing at 800 °C for 30 min. Titanium foil,
Kapton film, and alumina substrates were first heated on the hot plate at about 250 °C,

then the alloys were melt and smeared on the substrates to form a uniform coating. In
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the control experiments, pure molten Li or Na metal was melted and coated onto the
substrates following the same process.

Electrochemical measurement. Electrochemical tests of Li/garnet/Li symmetric cells
were conducted on a BioLogic VMP3 potentiostat at room temperature. The
electrochemical impedance spectra (EIS) were performed with a 20 mV AC amplitude
in the frequency range of 100 mHz to 1 MHz for Li/garnet/Li cells and 100 Hz to 1
MHz for Au/garnet/Li cells, respectively. Galvanostatic stripping-plating of the
Li/garnet/Li symmetric cells was recorded at room temperature with a current density
of 50 pA/cm?. The cells were placed in an argon filled glovebox to conduct all
measurements.

Materials characterization. The morphologies and the elemental mapping of the Li
alloy-garnet cross sections were conducted on a Tescan XEIA Plasma FIB/SEM at 10
kV. X-ray diffractions (XRD) of the binary alloys were performed on a C2 Discover
diffractometer (Bruker AXS, WI, USA) using a Cu Ka radiation source operated at 40

kV and 40 mA.
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Chapter 6: A General, Highly Efficient, High Temperature
Thermal Pulse Toward High Performance Solid State

Electrolyte®

6.1 Abstract

Surface contamination and degradation are two main issues leading to
performance decay of ceramic-based solid-state electrolytes (SSEs). The typical
strategies used to clean surface contaminants and restore ceramic materials involve
mechanical polishing or high temperature thermal treatment. However, mechanical
polishing can cause other side reactions and cannot clean contaminants on the grain
boundaries of SSEs, while conventional thermal treatment using a furnace is often
energy- and time-intensive, as the heating and cooling processes are slow. In this work,
we for the first time demonstrate a high temperature thermal pulse technique for rapid
ceramic surface processing. As a demonstration, we cleaned a garnet-based Li
conductive SSE featuring lithium carbonate surface contamination in less than 2
seconds. The thermal pulsed garnet SSE exhibits an improved ionic conductivity of
3.2x10* S/cm—a two-fold increase compared to the starting material. Symmetric cells
featuring the thermal pulsed garnet SSE can cycle at current densities up to 500

pA/cm?, while control cells short-circuit at a current density of 100 pA/cm?.

* The results in this chapter have been published: Wang, C.%; Xie, H. %; Ping, W.; Dai, J.; Feng,
G.; Yao, Y.; He, S.; Weaver, J.; Wang, H.; Gaskell, K.; et al. A General, Highly Efficient, High
Temperature Thermal Pulse toward High-Performance Solid-State Electrolyte. Energy Storage Mater.
2019, 17, 234-241.
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6.2 Introduction

Surface contamination and degradation are detrimental to the performance of
ceramic materials, since many applications involve physical or chemical processes at
the interfaces!®%2, As lithium (Li) conductive ceramic materials, solid state
electrolytes (SSEs) are especially plagued with these surface issues due to the high
mobility and reactivity of Li ions'®163164 SSEs have attracted great interest for
replacing organic liquid electrolytes in Li-ion batteries due to their nonflammability,
which makes it possible to use Li metal anodes without serious safety
concerns* 143144185 - Cypic garnet phase LizLazZr,012 (LLZO) ceramic SSEs are
among the most attractive candidates for achieving Li metal batteries due to the
material’s excellent chemical®®® and electrochemical stability against Li metal and its
potential ability to block dendritic Li growth?19130.133,140.166-169

However, surface contamination or degradation of the ceramic leads to poor
interfacial Li ion transport properties, which negatively affect electrochemical
performance. Recent studies have shown that low ionic conductivity, poor electrolyte-
electrode interfaces, and the secondary phase contaminations at grain boundaries of
garnet can cause the short-circuit of garnet SSEs at high current densities’®17,
Because of the high reactivity and mobility of Li ions, lithium carbonate (Li-COs3)
contamination is one of the main reasons responsible for these problems. Particularly
for aged garnet SSEs, LioCOz3 can easily accumulate on the surface or even at grain
boundaries!’®1”’, making the storage of garnet SSEs a challenge in practical battery

fabrication.
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The conventional strategies to remove Li2COzand other surface contaminations
involve mechanical polishing or high temperature thermal treatment to directly
decompose the contaminations. However, mechanical polishing can cause other side
reactions and cannot clean contaminants on the grain boundaries of SSEs, while
conventional thermal treatment using typical thermal equipment (i.e., a furnace) takes
at least several hours to conduct the high temperature treatment, which is too long for
practical battery manufacturing. Another issue associated with high temperature
treatment of garnet SSEs is the Li loss that occurs due to the volatility of Li>O at high
temperature, which readily vaporizes at 600 °C'"® and can cause a phase change and
poor ionic conductivity'®®. To simplify the thermal treatment and prevent Li loss, it is
necessary to decrease the heating time while still maintaining the cleaning effect.
Therefore, a fast and effective thermal treatment for garnet SSEs would be highly
desirable for practical battery manufacturing.

In this work, we for the first time demonstrate a unique thermal pulse process
that can successfully remove surface contamination from ceramics and restore aged
garnet SSEs in less than 2 s. The maximum pulse temperature can reach up to 1250 °C
(higher than the decomposition temperature of Li,COs3)*" in 1 s, fully removing Li>.COs3
contamination from both the surface and grain boundaries of garnet SSEs. The ultra-
short pulse time also successfully prevents Li evaporation loss and the corresponding
phase change problem. Because of the high treatment temperature and the inert gas
atmosphere, an additional benefit of the thermal pulse process is the generation of
oxygen vacancies in the garnet SSE, which recent studies have indicated play an

important role in the electrochemical properties of the ceramic. Oxygen vacancies have
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been demonstrated to affect Li ion transport and therefore the ionic conductivity of
garnet SSEs'®181 which can be a new strategy to further improve the electrochemical
performance. The thermal pulsed garnet SSEs turn white and feature a 2-fold increase
in the ionic conductivity, which we believe corresponds to the formation of oxygen
vacancies. Benefiting from these effects, the thermal pulsed garnet SSE demonstrated
improved electrochemical stability.

The schematic in Figure 6-1 demonstrates the rapid thermal pulse process and
its effects on garnet SSEs. In this process, a grayish garnet pellet is placed on top of a
carbon-felt heater in an argon-filled glove box. The carbon felt strip is rapidly powered
through Joule heating, and the temperature of the garnet pellet increases up to 1250 °C,
in which the slight evaporation of lithium oxide introduces oxygen vacancies. Since the
temperature is much higher than the decomposition temperature of Li.CO3'"®, and the
carbon felt can also act as a reductant at high temperature®?, Li,COs on the garnet
surface and grain boundaries can be thoroughly removed during the thermal pulse
treatment. The cleaning effect is important in the real fabrication of garnet-based solid-
state Li metal batteries, as the storage of garnet SSEs will inevitably result in the
formation of LioCOz on the surface. The short treatment time ensures the Li loss due to
evaporation is not significant, which is critical to maintain the phase and ionic
conductivity of garnet SSEs. The unique rapid Joule heating method also enables the

potential for a roll-to-roll process to clean garnet SSEs for real applications.
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Figure 6-1. Schematic of the rapid thermal pulse treatment process of garnet SSE.
During the treatment, Li,CO3s contamination is removed, simultaneously generating

oxygen vacancies.

6.3 Results and discussion

Figure. 6-2a shows the thermal pulse treatment of the garnet SSE, in which we
can clearly see that the pellet color changes from grayish to white. The cross-sectional
image in Figure. 6-S1 demonstrates that this white color is not only on the surface but
also in the bulk, indicating a whole pellet change after treatment. The images and the
corresponding temperature profile indicate the garnet pellet was rapidly heated up from
room temperature (RT) to 1250 °C in about 1 s, and this high temperature lasts for about
0.4 s. The subsequent natural cooling process only takes about 0.3 s, which makes the
whole process less than 2 s long. Note that the temperature profile was acquired with a
VIS-NIR spectrometer using a previous fitting method®, which can be used to detect
temperatures higher than ~600 °C. Due to the thermal capacity of the garnet pellets, the
real temperature of the pellets may be slightly lower than the detected temperature of
the carbon felt heating strip.
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Cross-sectional scanning electron microscopy (SEM) images of the untreated
and treated garnet pellets were used to characterize changes in morphology. Images of
the near surface cross-section (Figure. 6-2b, ¢) show that the surface contamination was
fully removed after the rapid thermal pulse treatment. Higher magnification SEM
images of the interior grain boundaries further demonstrate the cleaning effect of the
rapid thermal pulse treatment on the garnet SSE, in which the untreated garnet features
rough contamination on the grain boundaries (Figure. 6-2d), while the same interfaces

of the thermal pulse-treated garnet are much cleaner and smoother (Figure. 6-2e).
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Figure 6-2. Rapid thermal pulse treatment of garnet pellets. (a) Images of the thermal
pulse treatment process at different temperatures, and the temperature profile of the
process. Cross-sectional SEM images near the surfaces of the garnet pellets (b) before

and (c) after the thermal pulse treatment. (d, ) Cross-sectional SEM images of the
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interior grain boundaries. The rough contamination of the untreated garnet (d) was

removed after the thermal pulse treatment (e).

Besides the morphology change, we also studied potential crystal structural
changes of the garnet SSE during the thermal pulse treatment. As previous works have
reported®2184 thermal treatment can remove Li,COs contamination from garnet. To
demonstrate the effectiveness of Li.CO3z removal, we applied the rapid thermal pulse
treatment to a garnet pellet aged for two weeks in air. Based on the SEM images in
Figure. 6-S2, the grain size statistics of the treated and untreated garnet samples are
shown in Figure. 6-3a, in which no obvious grain growth can be observed after
treatment. X-ray diffraction (XRD) was used to characterize any phase change of the
material (Figure. 6-3b). Small LioCO3 peaks can be identified in the XRD pattern of
the aged garnet, however, the peaks are absent in the pattern of the treated garnet,
indicating the cleaning and restoring effect of the thermal pulse process. All the garnet
peaks of both the untreated and thermal pulsed samples matched well with the standard
cubic garnet phase (PDF#80-0457)'4". The main difference is the relative intensity of
each peak, especially the ones highlighted by the dashed-line box, which indicates a
possible slight change in the lattice parameter. According to this XRD analysis, we can
eliminate the possibility of a phase change from cubic to tetragonal due to excessive Li
loss at high temperature.

Raman spectroscopy was also measured for the garnet SSE before and after the
thermal pulse treatment. All the main bands corresponding to LLZO agree with the

cubic garnet phase (Figure. 6-3c), which further confirms there was no phase change
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after the thermal pulse treatment®, The Raman spectra also confirm the cleaning effect
of the rapid thermal pulse treatment. The intense bands in the Raman spectrum at 158
cm™ and 1091 cm™ indicate a significant amount of Li,COs formation in the aged

sample!®

. After rapid thermal pulse treatment, no obvious bands corresponding to
Li>COz can be identified, which agrees with the morphology changes of the samples
shown in Figure. 6-2 and the XRD analysis of Figure. 6-3b.

To characterize the lithium loss during the rapid thermal pulse treatment,
neutron depth profiling (NDP) was used to quantitatively measure the lithium
change'®187, Freshly-made garnet pellets were used to avoid the influence of Li.COs,
and the surface was dry-polished with 1200 grit SiC sandpaper'*’ for both the untreated
and thermal pulse-treated pellets just prior to NDP analysis. The Li depth distribution
profiles of the untreated and the thermal pulse-treated garnet pellets are shown in Figure.
6-3d. The profiles are from the 3H reaction products only. After integrating the counts
over the whole energy range, the Li loss was calculated to be 1.59% =+0.14% after
treatment, much lower than that of other thermal treatments'©618218 The quantitative

NDP measurements indicate that Li loss during the rapid thermal pulse treatment is not

significant within the bulk, which agrees with the XRD and Raman results.
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Figure 6-3. Characterization of the garnet SSE before and after thermal pulse treatment.

(a) Grain size distribution of the untreated and thermal pulse treated garnet, indicating

no grain size change. (b) XRD patterns and (c) Raman spectra of the garnet pellets

before and after the thermal pulse treatment. (d) Li depth profile of the garnet pellets

before and after the thermal pulse treatment, as measured via NDP analysis. The similar

counts indicate that the Li loss to the bulk of the sample during thermal pulse treatment

is negligible. Fractional error bars are calculated based on experimental counting

statistics.
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The color changes of the garnet pellets can be directly characterized by the UV-
Vis absorption spectrum. On the UV-Vis spectra (Fig. 6-S3), the untreated garnet has
higher absorption than the rapid thermal pulse-treated garnet, especially in the high
wavelength range. The UV-Vis measurements indicate that the rapid thermal pulse-
treatment increases the band gap of the garnet SSEs, which may potentially increase
their chemical stability against Li metal*®. This color change effect has been previously
reported in several works. Goodenough and his coworkers thought the color change
was due to the removal of Li,COj3 during thermal pulse treatment!®2, However, Doeff
et al. have demonstrated that the sintering atmosphere can affect the color and the ionic
conductivity of garnet pellets, and they proposed that the color change may be due to
the formation of oxygen vacancies!®.

To understand the color change, we conducted X-ray photoelectron
spectroscopy (XPS) analysis of the garnet pellets before and after the rapid thermal
pulse treatment. Data was also collected after Ar ion sputtering to remove the post
surface contamination for both the untreated and treated samples, designated as
“untreated-S” and “treated-S,” respectively. In the C 1s spectra (Figure. 6-4a), both the
treated and untreated garnet SSEs before sputtering have peaks corresponding to
Li.CO3 and hydrocarbon contaminations. After sputtering all the Li.COsz and
hydrocarbon have been removed from the treated-S sample, and most of it from the
untreated-S sample, again showing that Li.COs is found in the form of an overlayer.
The absence of the peak at ~290 eV corresponding to carbonate species for the thermal
pulse-treated garnet further demonstrates the removal of Li.CO3 by the rapid thermal

pulse treatment. The peaks in the O 1s spectra at 529 eV and 531eV correspond to the
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O from garnet and Li>COs, respectively (Figure. 6-4b)'®2, Before sputtering, the treated
garnet displays a higher O% intensity at ~529 eV compared to the untreated sample,
indicative of the larger attenuation of the carbonate overlayer after the thermal pulse.
After sputtering, as seen by the absence of carbonate in the C 1s spectra (Figure. 6-4a),
there should be no oxygen from carbonate in the O 1s spectra. However, there is still a
peak at the higher binding energy (~531 eV) for the treated-S garnet sample. Since
there is only one type of oxygen in the cubic LLZO crystal structure, it has been
suggested that this peak could be due to oxygen vacancies®®, which is a common defect
in garnet SSEs annealed in low oxygen atmospere'®18L, Even though the intensities of
the peaks at ~531 eV for treated-S and untreated-S in the O 1s spectra look equivalent
on first glance, for the untreated-S sample there is actually still some carbonate
remaining that is contributing to the signal. We calculated based on the C 1s peak that
approximately 28% of the O 1s peak at ~531 eV for the untreated-S sample is due to
carbonate. If the peak at ~531 eV is due to O vacancy, this would imply a larger number
of vacancies in the thermal pulsed sample (treated-S) than the untreated garnet
(untreated-S). Besides the difference in intensity, the peak at ~531 eV for the treated-S
sample is slightly shifted to lower energy, which may also indicate the formation of O
vacancies. In the Zr 3d and La 3ds/> spectra, there were no obvious changes after the
rapid thermal pulse treatment (Figure. 6-4c, d). Therefore, the two main possible
reasons for the observed color change are the removal of Li.CO3 and the formation of
oxygen vacancies.

To further exam these two explanations, a control experiment was conducted,

in which the white thermal pulsed garnet pellets were re-annealed in pure oxygen
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atmosphere at 800 °C for 10 min. All the white pellets change back to a grayish color
after this treatment. The result indicates that the color change during the rapid thermal
pulse treatment is due to the formation of oxygen vacancies rather than the removal of
Li>COgz, which is in agreement with previous reports that garnet SSEs annealed in argon
are whiter than those annealed in air or oxygen®®°. Previous studies have shown that
white garnet SSEs with more oxygen vacancies typically have better Li ionic
conductivities'81%°, However, the synthesis of garnet SSE in air is more practical and
cost-effective, and the use of oxygen atmosphere can help densify the pellet during
annealing®®. Our rapid thermal pulse treatment can therefore take advantages of both
processing conditions. Specifically, garnet SSE synthesized in air or oxygen can be
rapidly treated in inert gas to introduce oxygen vacancies and improve the ionic

conductivity.
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Figure 6-4. XPS measurement of garnet SSEs before (Untreated) and after (Treated)

thermal pulse treatment, including (a) C 1s, (b) O 1s, (c) Zr 3d, and (d) La 3d spectra.

The data was also collected after argon ion sputtering for both the untreated and treated

samples, designated as “untreated-S” and “treated-S.”

We studied the electrochemical properties of the rapid thermal pulse-treated

garnet SSE by measuring the ionic conductivity and cycling performance of Li/SSE/LI

symmetric cells. As electrochemical impedance spectroscopy (EIS) shows in Figure.

6-5a, the ionic conductivity of the thermal pulse-treated garnet (~3.2>10* S/cm) was
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about twice that of the untreated material (~1.6><10* S/cm) due to the formation of
oxygen vacancies, which is in agreement with the literature!®®%°, To further
demonstrate the improved electrochemical properties of the thermal pulse-treated
garnet, Li-Garnet-Li symmetric cells were assembled to conduct cycling at different
current densities. The EIS spectra of the symmetric cells with the thermal pulse-treated
garnet are shown in Figure. 6-5b, and the voltage profile of the cycling behavior is
shown in Figure. 6-5c¢. The cell was cycled with elevated current densities from 100
pA/cm?, and we observed the voltage profile was stable and smooth at current densities
up to 300 pA/cm?. At the end of the 300 pA/cm? cycling, the EIS was measured and
shown in Figure. 6-5b, which only featured a slight increase from approximately 250
Q-cm? to 280 Q-cm?, indicating excellent electrochemical stability. When the current
density was further increased to 500 A/cm?, the voltage profile of the treated garnet
starts to show polarization and becomes noisy at the fourth cycle (Figure. 6-5c). After
500 pA/cm?, the EIS curve shown in Figure. 6-5b indicates a short-circuit, however,
the current density achieved using the treated sample is comparable to the highest
reported in the literature for garnet SSEs'®. As a comparison, a control cell made with
the untreated garnet was cycled at the same condition, and the cell died in the first cycle
at a current density of 100 pA/cm? (Figure. 6-5¢). Note that the starting garnet pellets
used in this work only have moderate density and ionic conductivity. If we began with
higher quality garnet, we expect the electrochemical performance of the treated
material would be even further improved.

The improved electrochemical performance of the treated garnet can be

attributed to the increased ionic conductivity and the removal of Li2CO3z during the

101



rapid thermal pulse treatment. Therefore, this treatment method can be used to quickly
restore and boost the electrochemical properties of garnet SSEs during the practical
fabrication of solid-state batteries. Compared with regular thermal treatment, the rapid
thermal pulse has much shorter treatment time (Figure. 6-5d), which allows it to be
integrated in roll-to-roll processes for potential scalable processing of ceramic
materials. As the schematic in Figure. 6-5e shows, the untreated ceramic thin pellet
with surface contamination and degradation can be quickly transported through two
ultra-fast radiating heaters, in which the ceramic is thermally pulsed, producing a

cleaner and more electrochemically stable material for battery application.
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Figure 6-5. Electrochemical performance of the thermal pulse-treated garnet SSE. (a)
EIS measurement of the garnet SSE before and after the thermal pulse treatment. (b)
EIS measurement of the symmetric cells with the thermal pulse-treated garnet at
different cycling stages. (c) Voltage profiles of the symmetric cells cycled at different
current densities. The blue curve is the cell with the untreated garnet, and the red curve
is the cell with the thermal pulse-treated garnet. (d) Processing time of thermal pulse
and conventional thermal treatment techniques. () Schematic of the roll-to-roll process

for rapid thermal treatment of ceramic materials.
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6.4 Conclusion

For the first time, we have developed a thermal pulse technique for rapid
ceramic surface processing that can quickly clean surface contamination and restore
the materials in less than 2 s. As a demonstration, we successfully cleaned LioCOs
contamination from the surface and grain boundaries of garnet SSEs. The ultra-short
processing time prevented Li loss and any phase change of the garnet SSE at high
temperature. We systematically studied the formation of oxygen vacancies by this
process, which results in an increase in ionic conductivity of the garnet SSEs from
about 1.6x10* S/cm to 3.2x10* S/cm. The rapid thermal pulse treatment also
significantly improved the electrochemical stability of the material. Additionally, the
critical cycling current density in symmetric cells increased from 100 pA/cm? to 500
pA/cm? after the thermal pulse treatment. This unique Joule heating method and ultra-
fast process enable the potential for roll-to-roll processing for ceramic surface treatment

in practical applications.

6.5 Experimental

Synthesis of the Garnet Solid-State Electrolyte. The Al-doped Lis.7sLaszZr.0O12 garnet
electrolyte was synthesized via a solid-state reaction method. LiOH H20 (99.9%,
Sigma Aldrich), La2O3 (> 99.9%, Sigma Aldrich), and ZrO> (99.9%, Sigma Aldrich)
were used as precursors. Stoichiometric amounts were adequately mixed in isopropyl
alcohol (IPA) for 12 h. 12% excess LIOH H.0 was added to compensate for the loss

of lithium during synthesis. Al.O3 nanopowder (~2 wt% of the total material) was
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added to help the sintering process. The stoichiometrically mixed powders were
calcined at 920 °C for 12 h. Then the powders were mixed with IPA and ball-milled for
9 h. The powders were pressed into pellets with diameters of 10 mm at 300 MPa and
sintered at 1150 °C for 9 h. After the sintering process, the surface of the pellets was
polished with 1200 grit sandpaper in an Ar-filled glovebox.

Thermal pulse treatment. Two tips of the carbon felt heating strip were attached to
the edge of glass substrates using silver paste (SP1 Supplies). Then a conductive copper
tape was used to connect the heating strip with the power supply (VOLTEQ
HY6020EX). The garnet pellets were directly placed on the heating strip. A Keithley
2400 power supply unit was used to generate signals that controlled a solid-state relay
to control the power on and off. The thermal pulse process was recorded using a digital
camera (Canon 60D, 30 frames st). The temperature of the heater was calculated by
fitting the radiation spectrum following a previous method®3, which was collected by
a VIS-NIR spectrometer (USB2000+, Ocean Optics).

Electrochemical Measurement. A Li metal anode was coated on the garnet using a
previous method!®. Electrochemical tests of Li/garnet/Li symmetric cells were
conducted on a BioLogic VMP3 potentiostat at room temperature. The EIS was
performed with a 20 mV AC amplitude in the frequency range of 100 mHz to 1 MHz
for Li/garnet/Li cells. Galvanostatic stripping-plating of the Li/garnet/Li symmetric
cells were recorded at room temperature with various current densities. The cells were
placed in an Ar-filled glovebox to conduct all measurements.

Materials Characterization. The morphologies and elemental mapping of the Li

alloy-garnet cross sections were conducted on a Tescan XEIA Plasma focused ion
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beam SEM at 10 kV. XRD spectra were measured on a C2 Discover diffractometer
(Bruker AXS, WI, USA) using a Cu Ka radiation source operated at 40 kV and 40 mA.
Raman characterization was done with a Horiba Jobin-Yvon equipped with a 532 nm
laser and using an integration time of 4 seconds repeated for 4 measurements. The
absorbance spectra were measured with a UV-Vis Spectrometer Lambda 35
(PerkInElmer, USA). XPS data was collected on a Kratos Axis 165 operating in hybrid
mode using monochromatic Al Kalpha X-ray source (1486.7 eV). Charge
neutralization was required to minimize sample charging. Survey spectra and high-
resolution spectra were collected with pass energies of 160 eV and 40 eV, respectively.
Data was collected both before and after argon ion sputtering. Sputtering was done at
4 kV and 25 ma emission current. The argon ion beam had a spot size of ~1 mm and
was rastered to create a crater of 7 by 7 mm in size. The current measured at the sample
holder when the beam was static (not rastered) was 2.5 pJA. Samples were sputtered for
20 minutes. All the XPS spectra were calibrated to the lowest multiplet of the Zr 3ds.
spin orbit split component at 180.8 eV. All samples were transported to the XPS
instrument in an Ar environment, in which samples were polished in the glove box
prior to transport to the XPS, and a glove bag was attached to the XPS instrument to
minimize exposure to oxygen and water in an effort to prevent the formation of a thick
Li.COz layer on the surface.

NDP data was collected at the Neutron Guide 5 (NG5), Cold Neutron Depth Profiling
station at the NIST Center for Neutron Research (NCNR) at the National Institute of
Standards and Technology (NIST, Gaithersburg, MD). The garnet pellets were dry

polished with sand paper right before the measurement to reduce the effect of LioCO:s.
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Samples were mounted with a 3.0 mm circular, Teflon® aperture. Each sample was

irradiated at a near constant neutron fluence rate of cold neutrons (= 10° cm2s™), and

all experiments were conducted under vacuum and at room temperature. NDP spectra
were collected for ~10 h per sample. °Li nuclear reaction (°Li(n,a)*H) product triton
particles (3H) were detected using a circular transmission-type silicon surface-barrier

detector that was positioned ~120 mm from the sample surface. Each spectrum was

corrected for variations in the neutron fluence rate, detector dead time (= 0.01 %), and

background noise. Li concentrations were calculated in reference to the known
concentration of °B in a B-implanted concentration standard, according to the
following equation. Fractional error was calculated based on experimental counting
statistics.

[a] = [b] 22

00,a
in which [a] and [b] are the concentrations (atoms/cm?) of isotopes a and b being
measured in the sample and standard, respectively, and oo is the thermal neutron cross-
section for the charged-particle emission. The slight difference in the position of the
surface between the two samples is most likely due to the slight depletion of Li from

the sample’s surface during dry polishing.
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6.6 Supporting information

Untreated Garnet

Treated Garnet

Figure 6-S1. Cross-sectional photograph of the untreated and thermal pulse-treated

garnet pellets, indicating the color change occurs throughout the whole pellet.

Figure 6-S2. Cross-sectional SEM images of the (a) untreated and (b) high-temperature

treated garnet, indicating no obvious grain size change.
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Untreated Garnet

Treated Garnet
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Figure 6-S3. UV-Vis absorbance spectra of the garnet pellets before and after the
thermal pulse treatment. The untreated garnet has higher absorbance than the thermal

pulse-treated material.
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Chapter 7: Flexible, Scalable and Highly Conductive Garnet-

Polymer Solid Electrolyte Templated by Bacterial Cellulose”

7.1 Abstract

Solid-state electrolyte is a promising candidate for the next-generation lithium-
ion battery, as it has advantages of eliminating the leakage hazard of liquid solvent and
elevating stability. However, inherent limitations such as the low ionic conductivity of
solid polymer electrolytes and the high brittleness of inorganic ceramic electrolytes
severally impede their practical application. Here, we report an inexpensive, facile and
scalable strategy to fabricate a hybrid LizLasZr01. (LLZO) and poly(ethylene oxide)-
based electrolyte by exploiting bacterial cellulose as a template. The well-organized
LLZO network significantly enhances the ionic conductivity by extending long
transport pathways for Li ions, exhibiting an elevated conductivity of 1.12 x 107* S -
cm™ . In addition, the hybrid electrolyte presents a structural flexibility, with minor
impedance increase after bending. The facile and applicable approach establishes new
principles for the strategy of designing scalable and flexible hybrid polymer

electrolytes that can be utilized for high-energy-density batteries.

* The results in this chapter have been published: Xie, H.; Yang, C.; Fu, K. K.; Yao, Y.; Jiang, F.;
Hitz, E. Flexible, Scalable , and Highly Conductive Garnet-Polymer Solid Electrolyte Templated by
Bacterial Cellulose. Adv. Energy Mater. 2018, 1703474, 1-7.
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7.2 Introduction

The future of electric vehicles, consumer electronics, and grid-scale renewable
energy storage will place challenging demands on the performance requirements of
portable energy storage?®?. While the lithium-ion (Li-ion) battery dominates the
current battery market, improvement of the batteries in terms of cycle life, safety as
well as system stability will be crucial to meet growing demands. However, traditional
commercial electrolytes dissolved in organic solvents have the potential hazard of
leakage and are extremely flammable, which can easily result in fire or explosion,
causing more concerns about the safety issues of Li-ion batteries.?* To address the
safety issues and increase the durability, many strategies such as gel polymer
electrolytes and all-solid-state electrolytes have been considered. Gel polymer
electrolytes, which possess properties of both solid and liquid electrolytes, have been
systematically scrutinized®”?>%, But their relative poor mechanical strength and high
cost have limited further wide application. All-solid-state electrolytes are considered
promising direction, two sorts of which are extensively studied: solid polymer
electrolyte and inorganic solid electrolyte.>>3° Polymer electrolytes, such as
poly(ethylene oxide) (PEO) or polyacrylonitrile (PAN)-based matrices exhibit several
advantages, including high flexibility and easy fabrication, using commonly available
Li salts such as bis(trifluoromethane)sulfonimide lithium(LiTFSI) or LiClO4 to impart
sufficient ionic conductivity to the system.*® However, solid polymer electrolytes
usually present a relatively lower ionic conductivity compared to liquid electrolytes.*
Although adding inorganic ceramic particles as fillers can increase their ionic
conductivity, they still fall behind the requirements for commercial application.*>#4
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Compared with solid polymer electrolytes, inorganic solid electrolytes possess high
ionic conductivity and have a high shear modulus to suppress the growth and
penetration of Li dendrites. LizLasZr.O12, garnet-type Li solid-state electrolyte, has
attracted much attention since it was first reported in 2007448, Despite its attractive
ionic conductivity and excellent chemical and electrochemical stability, the brittleness
and mass density of the ceramic ion conductor are too high to allow broad application
of inorganic electrolytes.

One effective strategy to combat the limitations of both electrolyte types is to
integrate both polymer and inorganic solid electrolytes into a single hybrid solid
electrolyte®%7 with the following advantages: (1) an enhanced ionic conductivity to
reach the magnitude of 10* S/cm compared with controlled PEO-LiTFSI electrolyte;
(2) improved electrochemical stability; (3) relative flexibility to bear the stresses
resulting from cell fabrication and cycling; (4) reduced ceramic mass to increase the
energy density per unit mass of the whole battery. However, experiments have proven
that the simple combination of the solid polymer electrolyte and nano-size inorganic
solid electrolyte does not always enhance the ionic conductivity of the electrolyte,
owing to the agglomeration of the inorganic solid electrolyte.*?” Following a
percolation mechanism, a long-distance Li-ion conductive pathway, which can be
created by modifying the morphology of inorganic solid electrolyte inside the hybrid
electrolyte, will allow the fast transport of Li ions in the pathway between the anode
and cathode during charge and discharge cycles. Three-dimensional structures provide
another possibility for combining inorganic and polymer solid electrolytes that is more

efficient at achieving and maintaining conductivity than 2D or 1D structures.'® To
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achieve scalable 3D structures of sufficient feature dimensions and thus extend ion
conduction paths, electrospinning is an attractive method capable of generating
continuous inorganic solid electrolyte fibers. But there is still a need to find a strategy
to decrease the cost of manufacture and to expand to large-scale fabrication.

Cellulose is one of the most copious natural polymer materials in the world, and
bacterial cellulose, produced by cultivating Acetobacter with carbon and nitrogen
sources, possesses very attractive properties, such as extremely fine and pure fiber
network, high water absorption capacity, high mechanical strength and good physico-
chemical stability!®®2%2, These advantages make this low-cost natural polymer material
a promising candidate as a template for engineering novel materials with similar porous
morphology.29%-207

Here, we designed a facile, low-cost, and large-scalable strategy to use bacteria
cellulose (BC) as a template to synthesize a hybrid electrolyte membrane with a c-
LLZO interconnected network and PEO polymer with LiTFSI. BC, produced by
bacteria in the genus Acetobacter, possesses highly networked nanofibrils and presents
a distinguished water absorption capacity.?®® Owing to its porous microstructure and
high water-absorption capacity, bacterial cellulose can be exploited to absorb the
relevant precursor salt solution to produce porous cubic-phase garnet-type LLZO
nanofiber network after calcination. PEO-LITFSI electrolyte was infiltrated into the
LLZO nanofiber network to improve its flexibility and form a hybrid electrolyte. In
this hybrid electrolyte, both the BC-templated c-LLZO and the conformal interface
between PEO and LLZO offer interconnected channels for Li ions to move for long

distances without obstacles. Because of these fast ion transport pathways and the high
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aspect ratio of the LLZO network, the hybrid electrolyte is expected to have a high
ionic conductivity comparable to that of a bulk LLZO disk. The addition of PEO Li-
TFSI polymer not only acts as a cushion surrounding the LLZO to absorb the exerted
external stresses and protect the fiber network from breaking into pieces, but it also
works as a binder to connect the electrode and electrolyte, significantly reducing the
interface issues and suppressing uneven Li deposition during cycling. This inexpensive
but efficient strategy can also be applied to synthesize similar types of hybrid

electrolyte in other electrochemical energy storage systems.

7.3 Results and discussion

Figure 7-1 illustrates the schematic strategy for the synthesis of LLZO/PEO-
LiTFSI hybrid electrolyte. A BC aerogel membrane was exploited as a scalable and
hydrophilic template for soaking in an LLZO precursor solution. After a calcination
treatment, BC fibers can be completely removed and the c-LLZO membrane was
fabricated. A polymer-ceramic hybrid electrolyte was successfully synthesized by
mixing the PEO-LITFSI polymer and c-LLZO membrane (for details, see the
experimental method part). The fast Li-ion transport pathways are also schematically
displayed in Figure 7-1, in which the c-LLZO network offer a fast Li-ion conductive
route. Several mechanisms give rise to the significantly enhanced ionic conductivity of
the hybrid electrolyte. The inorganic LLZO ceramic itself exhibits excellent bulk ionic
conductivity, which can reach about 1073 S-cm™! at room temperature through
doping various elements?®®-21°, The continuous ion conducting network offers fast Li-

ion conductive pathways inside the fibers and acts as a scaffold to offer mechanical
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support for the solid polymer electrolyte. It is also reported that the interface interaction
between the polymer and the inorganic ceramic can effectively increase the ion
transport ability along the fiber surface.?*121® The 3D interconnected fiber network and
the conformal structure of the PEO polymer to the LLZO fibers contribute to the high
flexibility of the hybrid electrolyte. The 3D fiber network’s large length-to-diameter
ratio and its intertwined structure facilitate the absorption of local strain energy and
tailor the redistribution of stress by reducing the stress concentration at localized points.
A PEO polymer coating on the LLZO fibers acts as the protection layer, enhancing the
mechanical resilience of the structure. In addition, compared to the conventional liquid
electrolyte, this hybrid electrolyte can not only reduce the safety concerns about the
flammability of liquid solvent, but it can also substitute the separator to isolate anode
and cathode during the operation of a battery. This facile and large-scalable method is

also applicable to the fabrication of other types of hybrid electrolytes as well.
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Figure 7-1. Schematic demonstrating the procedure for the synthesis of the hybrid
electrolyte with BC as an inexpensive, scalable, and efficient template. The

microstructures for Li-ion transport are also schematically illustrated.

Purified BC nanofibers typically present a white gel-like morphology, as is
shown in Figure 7-2a, which can be acquired in large scale owing to its abundance.
SEM images (Figure 7-2b) show that long, interconnected cellulose fibers assemble
into larger BC fibrils, which are randomly distributed in a 3D porous network to form
the overall membrane. A higher magnification image in Figure 7-2c indicates that the
diameter of the interconnected cellulose fibers is around 30 to 100 nm, twisting at the
connection nodes. Each fiber is composed of subordinate structures of elementary
fibrils with numerous hydroxyl groups whose hydrophilic properties and 3D porous

structure provide an excellent advantage when soak up the liquid precursor solution.

Figure 7-2. Fabrication of c-LLZO porous network with BC nanofiber as the template.
(A) Digital photo of a large-scale BC membrane. (B) SEM image of the well-organized
and interconnected 3D network structure of the BC aerogel membrane after freeze-

drying treatment, which provides a high water absorption capacity. (C) Zoomed-in
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SEM image of the cellulose fibrils, with a diameter under 100 nm to facilitate precursor

solution absorption.

Thermal calcination is required to achieve the c-LLZO phase from the precursor
and to remove the BC template. Figure 7-3a and b depict the microstructure and
morphology of the as-calcined porous LLZO inorganic electrolyte membrane.
Compared to the topography of original BC nanofibers, the ceramic membrane after
sintering can maintain the well-organized, interconnected, and 3D porous structure.
The apparent pore dimension in the ceramic membrane is increased compared to that
of the porous BC nanofibers. However, the quintessence of the microstructure, namely
the 3D interconnected network crucial for fast Li-ion transport, is well maintained after
the BC fibrils are decomposed at high temperature. A high magnification SEM image
(Figure 7-3b) depicts that the ceramic fibers have a width of 500 nm to 1 um, which is

a sufficiently high aspect ratio to realize structural flexibility.
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Figure 7-3. (a) SEM image of the LLZO membrane after calcination at 850 °C, the 3D

interconnected porous structure of which is critical to offer fast Li-ion transport
pathways and to increase the concentration of free Li ions. (b) SEM image showing a
cross-section view of the LLZO nanofiber network. Inset is the transmission electron

microscopy (TEM) image of single LLZO fiber.

Figure 7-4 presents the X-ray diffraction (XRD) pattern of the as-calcined
LLZO membrane, which indicates a good fit with data of the cubic garnet-type
structure belonging to the Ia3d space group. In the cubic LLZO (c-LLZO) structure,
Zr atoms are situated at the center of an octahedral site with six coordinated oxygen
atoms around and La atoms are situated at the center of a dodecahedral site with eight
coordinated oxygen atoms around. Owing to the existence of Li vacancies, Li ions can
migrate or hop in the garnet vacancy network, exhibiting a three-dimensional
conduction mechanism with a high ionic conductivity. It should be noted that the cubic
garnet phase can be effectively stabilized at room temperature through doping with
aluminum, as the conductivity of cubic-phase LLZO is 2 orders of magnitude higher
than that of tetragonal LLZ0O.?72!8 In addition, compared to bulk LLZO sintering,
which usually takes place at a temperature higher than 900 °C, the 3D interconnected
porous microstructure facilitates the formation of c-LLZO after calcination at a lower

sintering temperature (850 °C).

118



Intensity (a.u.)

Iy A 1 1 |l. |||||‘ .II il nI.IlI 1 I
50

20 30 40 60 70 80
20 (°)

Figure 7-4. The XRD pattern of the as-achieved LLZO fiber network. The peaks
correspond to cubic garnet type with space group Ia3d (PDF 01-080-4947), which

presents a higher ionic conductivity compared with the tetragonal phase LLZO.

After calcination, PEO-LITFSI electrolyte was infiltrated into the nanoporous
c-LLZO membrane to obtain the hybrid electrolyte. Figure 7-5a and b depict the top
surface morphology of the hybrid electrolyte, in which the LLZO ceramic membrane
is covered by the polymer electrolyte. Because of the high viscosity of PEO after the
volatilization of acetonitrile solvent, the polymer electrolyte and LLZO fibers can form
very conformal microstructures, which effectively address interfacial concerns
between the two types of electrolytes. It should be noted that this rugged morphology
can further reduce the interfacial impedance between the hybrid electrolyte itself and

electrodes due to the high viscosity of the polymer and improvement of their interfacial
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contact. Figure 7-5¢ shows the cross section of the hybrid electrolyte. The thickness of
the hybrid electrolyte is around 70-100 pm, much thinner than the usual bulk LLZO
electrolytes (200 pum to 400 pm), in favor of small electrolyte resistance.*’ The hybrid
electrolyte with a mixture of polymer and LLZO fibers significantly decreases the mass
used in the electrolyte, which is further beneficial to the energy density per unit mass
of the whole battery. Moreover, after the assembly of the electrolytes, the hybrid
electrolyte presents a structural flexibility and can withstand bending (shown in Figure
7-5d), effectively addressing the fragility of inorganic electrolytes during mass
manufacture. This flexibility is highly correlated with the 3D interconnected fiber
network and the conformal structure, as the LLZO fibers are imbedded in the PEO
polymer. Compared with bulk ceramics, the 3D fiber network possesses a large length-
to-diameter ratio and intertwined structure, which facilitates the absorption of local
strain energy and tailors the redistribution of stress by reducing the stress concentration

positions.
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Figure 7-5. The morphology and flexibility of the hybrid electrolyte. (A) SEM image
of the top surface of the hybrid electrolyte. The surface displays a rugged morphology.
(B) Zoomed-in SEM image of the top surface of the hybrid electrolyte, presenting a
conformal structure of ceramic fibers coated with PEO polymer. (C) Cross-sectional
SEM image of the hybrid electrolyte with a thickness ranging from 70 um to 100 pm,
which also acts as a separator to isolate the electrodes. (D) Photo showing the flexibility
of the hybrid electrolyte, which is associated with the fiber network and conformal

structure between ceramic fibers and a polymer electrolyte.
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Figure 7-6 shows the Fourier-transform infrared spectroscopy (FTIR) of hybrid
electrolyte. Owing to the introduction of LLZO, the absorption peaks of PEO-LITFSI
around 870, 1425 and 1475 cm™ are significantly enhanced, indicating that the two-
component electrolytes have a synergistic effect, contributing to the high ionic

conductive performance.

PEO - LiTFsI
100 | —— Hybrid electrolyte

QO
&
c
U 80
—
=
e
c 60
©
| .
=

40
=S

20 1 A 1 L [

800 . 1000 1200 1400
Wavenumber (cm-')
Figure 7-6 FTIR of the hybrid electrolyte, in which PEO-LIiTFSI and LLZO present

enhanced peaks around 870, 1425 and 1475 cm™,

Electrochemical impedance spectrum (EIS) was employed to measure the ionic
conductivity of the hybrid electrolyte (Figure 7-7a) and the ionic conductivity for
hybrid electrolyte at room temperature is 1.12 x 10™* S+ cm™!. As the temperature
increases from room temperature, the ionic conductivity of the hybrid electrolyte also
increases. Figure 7-7b depicts the relationship between ionic conductivity of the

electrolyte and temperature for both the hybrid electrolyte and PEO-LITFSI electrolyte.
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Compared to the PEO-LITFSI, the hybrid electrolyte presents a significant
improvement of the ionic conductivity, much higher than that of controlled PEO-
LiTFSI electrolyte (about 1 x 107 S-cm™?1). Understanding the mechanisms that
govern the impressive increase in the ionic conductivity can offer the guidance for the
design of novel hybrid electrolytes. BC-templated LLZO ceramic membrane has
played a significant role in the improvement of conductivity. The interconnected
network functions as a single entity and effectively eliminates the degradation of ionic
conductivity owing to the agglomeration of ceramic nanofibers, enhancing the
transport along the fibers with less obstacles. In addition, the high aspect ratio of the
ceramic network offers more interfacial areas between LLZO ceramic and PEO
polymer, and the transport of Li ions in both PEO polymer and LLZO ceramic
contributes to the impedance decrease of the hybrid electrolyte , augmenting the ionic
conductivity. Figure 7-7c illustrates the linear sweep voltammetry (LSV) profile for the
hybrid electrolyte. Compared to PEO-LITFSI electrolyte, the hybrid electrolyte
exhibits a very stable voltage window up to 6.0 V vs. Li*/Li, revealing suitability of

this hybrid for high-voltage Li-ion battery applications.
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Figure 7-7. (a) EIS profiles of hybrid electrolyte at temperature 25°C, 50 °C and 75 °C,
in which the ionic conductivity at room temperature can reach1.12 x 10~*S-cm™1,
(b) Relation between ionic conductivity of electrolyte and temperature for both hybrid
electrolyte and PEO-LIiTFSI electrolyte. (¢) LSV profile for hybrid electrolyte, in which

the hybrid electrolyte exhibits a stable voltage window up to 6.0 V vs. Li/Li*

As is shown before, the hybrid electrolyte has very good structural flexibility
after the combination of polymer and c-LLZO fiber network, which does not display

any obvious cracks during bending. To evaluate the influence of flexibility on the ionic
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conductivity, the bend test was carried out with a hybrid electrolyte strip sealed in the
Al/polymer soft packaging with carbon coated Al foil stretched out as current collector
as displayed in Figure 7-8a. A controlled sample with the same mixture ratio of LLZO
powders and PEO-LITFSI was also examined in the bend test. EIS was exploited to
analyze the ionic conductivity changes from the flat state to the fully bent state (Figure
7-8b). Normalized EIS curves show that hybrid electrolyte possesses a higher ionic
conductivity than that of PEO-LITFSI/LLZO powder electrolyte, which proves the ion
transport efficiency of nanofiber network. It is also noted that the bent-state hybrid
electrolyte has sufficiently high ionic conductivity for battery application, addressing
the concerns about brittle inorganic electrolyte during manufacturing. In contrast, the
PEO-LITFSI/LLZO powder electrolyte presents a huge impedance increase in the bend
test compared to its flat state. In fact, the control sample is barely flexible and easy to
break into pieces, leading to poor conductivity performance after bending. The
flexibility of the hybrid electrolyte can address the brittleness of inorganic solid
electrolyte owing to the effective absorption of local strain energy by the nanofiber
network and reduction in the stress concentration positions, which paves the way for

large-scale manufacturing of Li-ion batteries with solid-state electrolytes.
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Figure 7-8. (a) images to show the flat and bent states of the hybrid electrolyte (b) EIS

test for both the flat and bent state electrolyte, in which the ionic conductivity of hybrid

electrolyte addresses the brittle issues for inorganic electrolytes.

7.4 Conclusion

In conclusion, we have successfully exploited bacterial cellulose nanofiber as a
template to synthesize a polymer-ceramic hybrid electrolyte, in which a c-LLZO
network acts as a scaffold coated with PEO-LITFSI. This hybrid electrolyte possesses
a 3D interconnected fiber network, presenting a structural flexibility comparable with
conventional bulk inorganic ceramic electrolyte. The well-organized interconnected c-
LLZO network not only provides fast Li-ion diffusion pathways, but also raises the
concentration of free Li ions in the polymer electrolyte. As a result, the hybrid
electrolyte exhibits an ionic conductivity of 1.12x10™* S/cm at room temperature, much

higher than that of controlled PEO-LiTFSI electrolyte (about 1 X 107 S - cm™1). LSV
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curve reveals that hybrid electrolyte exhibits a stable voltage window up to 6.0 V vs.
Li/Li*, satisfying the requirement of most high-voltage Li-ion batteries. The ionic
conductivity test for the flat and bent hybrid electrolyte addressed the concerns of
brittleness for the inorganic electrolyte. This facile and applicable template-based
approach provides new principles for the strategy of battery design that can be further

extended to other electrolyte materials as well.

7.5 Experimental

Fabrication process of hybrid electrolyte
LLZO network preparation.

LiNOgz, La(NOz3)3-6H.0, ZrO(NOz3)2-6H.0O (from Alfa Aesar) were weighed
stoichiometrically and dissolved in the 15% acetic acid solution. A stoichiometric
amount of AI(NO3)3-9H,0 is also dissolved in the solution, as Al atoms act as the
dopants in the LLZO to increase the concentration of Li vacancies and stabilize the
cubic phase at room temperature. A BC nanofiber was cut in the dimension of 10 mm
x 5 mm and placed in the freeze dehydration machine for 48 h to dry completely. The
freeze-dried BC aerogel was soaked in the LLZO precursor solution for 2 h and then
compressed to squeeze out the excess solution. The membrane template was then
transferred to a constant temperature oven in vacuum for 24 h to volatilize the solvent
and keep the membrane from encountering moisture. The membrane was calcined to
850 °C for 1h at a ramp rate 7 °C/min. After calcination in a muffle furnace at 850 °C

in the air, BC fibers were completely removed and the c-LLZO membrane was
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fabricated. Then the calcined membranes were carefully transferred to the glovebox
within Ar gas environment to protect the garnet structure by inhibiting the formation

of Li»CO:s.

Hybrid electrolyte preparation.

Poly (ethylene oxide) with average molecular weight about 600,000 g mol™* was
mixed with LiTFSI in acetonitrile (ACN) to form a homogeneous solution. The process
should be performed in the glovebox to avoid contact with moisture. The PEO-LITFSI
solution was dropped on the LLZO network until the membrane was covered with
enough polymer. Then, the sample was transferred to constant temperature oven at 65°C

for 24 h to dry the hybrid membrane completely.

Characterization
Morphological characterization

Tescan XEIA3 SEM was used to characterize the morphology of the BC aerogel,
LLZO nanofiber network, and the hybrid electrolyte. The XRD pattern was achieved

using a D8 Bruker Advanced X-ray Diffraction system.

Electrochemical characterization
All the samples for EIS test were prepared in the glovebox. The ionic
conductivity was examined by sandwiching hybrid electrolyte between two stainless

steel plates. The range of frequency for EIS was 1MHz to 100 mHz. The
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electrochemical stability of hybrid electrolyte was examined with LSV method at a

sweep rate of 1 mV/s in the range of 0to 6 V.
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Chapter 8: Breaking Enabled Flexible Garnet Solid-State

Electrolyte Membranes”

8.1 Abstract

Inorganic solid-state electrolytes for lithium metal batteries have attracted a lot
of interest because of their non-flammability, high ionic conductivities, and wide
electrochemical potential window. However, the poor flexibility of solid-state
electrolytes due to their brittle nature severely hurdles their widespread applications.
Our everyday experience that smaller objects are more difficult to break than larger
ones is governed by fundamental fracture mechanics principal: The energy available in
the smaller objects to drive the rupture scales down with the body size. Herein, based
on fracture mechanics, we propose a mechanics-guided strategy to design a composite
solid-state electrolyte with superb flexibility. Short flakes pre-cleaved from garnet-type
electrolyte film are jointed with styrene-butadiene copolymer via additive
manufacturing technique to form an assembled membrane. The dimensions of the
electrolyte flakes are determined through parametric finite element studies to ensure
the suppression of the brittle fracture for several target deformations bending curvature.
In addition, the styrene-butadiene copolymer grid serves as a deformable buffer to
further reduce the stress transferred to the garnet flakes. Therefore, excellent
deformability can be imparted to the proposed composite solid-state electrolyte. The

electrolyte membrane achieves an ultimate tensile strength of 5.12 MPa, three to five

* The results in this chapter have been submitted: Xie, H.; Bao, Y.; et al. Breaking Enabled
Flexible Garnet Solid-State Electrolyte Membranes
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times higher than the prevalent polyethylene oxide-based polymer electrolyte, as well
as significant extensibility up to 220% before rupture. This facile and pragmatic
strategy presents a new design principle for flexible solid-state electrolytes and paves
the way towards the next-generation all solid-state batteries for microelectronic

devices.

8.2 Introduction

The booming growth in electric vehicles, consumer electronics, and large-scale
energy storage drives the surging needs for energy storage devices with high energy
density, long-time cycling stability and high safety®219-222_ Lithium metal is revisited
recently as a promising anode candidate to replace conventional ion intercalation anode
materials and attracts much attentions owing to its low reduction potential (~-3.05 V
versus standard hydrogen electrode) and high specific capacity (3860 mAh/g
theoretically)!'7?23-226 et issues such as cycling stability and dendrite-growth induced
safety concerns still haunt around, severely hurdling the widespread use of Li-metal
batteries??422228, Developing enhanced inorganic solid-state electrolytes (SSES) is one
of the promising strategies to address these issues'?3130229230 among which cubic
phase garnet-based electrolyte (LizLasZr,O12, usually doped with tantalum or
niobium)2%147.231 js heavily investigated because of its outstanding properties such as
high ionic conductivity, excellent chemical and electrochemical stability window, as
well as high modulus. However, the extreme brittleness of garnet SSEs leads to their
poor flexibility, greatly limiting their scalability and potential usage for flexible

electronic devices.  Considerable efforts have been devoted to synthesize
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inorganic/polymer electrolyte micro-architectures to mitigate the effects of the
brittleness of garnet SSEs!®"232-2% However, research showed that the existence of Li
salts, such as lithium bis(trifluoromethanesulfonyl)imide (LiTFSI) in the hybrid

electrolyte would induce the formation of Li dendrites?®

. Moreover, the employment
of polymer electrolyte compromises the mechanical strength of the electrolyte, which
in turn leads to a weaker suppression of the dendrite growth %723, Although the
unpredictable fracture of SSEs is extremely detrimental to the battery systems, it is
interesting to note that the fractured electrolytes still maintain their apparent electrical
properties, such as good ionic conductivity and high electrochemical stability window.
Therefore, if fragments of SSE remain well-assembled in the layered sandwich
structure of the battery so that each fragment can performs its electrochemical function,
then the whole battery system can still operate normally.

We are all familiar with an everyday experience that it takes more effort to
break a smaller and slender object than a smaller one. This regular observation is
dictated by a fundamental fracture mechanics law: Rupture is an energetic competition
between the deformation strain energy, which serves as the driving agency of crack
growth, and the surface energy, which resists fracture progression. The strain energy
stored in a deformed body scales with the volume, while the surface energy scales with
the surface area. As the dimension of the body diminishes, at the same deformation
level, strain energy rapidly scales down and falls below the surface energy. In this
scenario, any further rupture ceases since the deformation cannot provide abundant

energy to initiate new cracks or to drive the growth of the existing cracks. Therefore,

there exists a threshold of flake dimension, under which the flakes become immune of
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further cracking. Guided by such fracture mechanics principal, we resort to a strain
energy-management approach and present a flexible copolymer/garnet composite SSE
architecture. By directly modulating the dimension of garnet flakes, we successfully
harness the strain energy below the fracture toughness of garnet SSE, thus eliminate
further random electrolyte cracking in user condition. As a result, superb flexibility can
be achieved with an ultimate tensile strength of 5.12 MPa, three to five times higher
than the prevalent polyethylene oxide-based polymer electrolyte, as well as significant
extensibility up to 220% before rupture. We perform a parametric study using finite
element analysis (FEA) to get quantitative guiding principles based on the relation
among SSE flake threshold, SSE thickness, and bending curvature. Experimental
verifications were carried out to evaluate the analysis results from the parametric study,
which presented good consistency between theory and practice. Under this direction,
we fabricated the flexible LLZO flake array membrane, jointed with styrene butadiene
(SB) copolymer. The as-synthesized LLZO electrolyte membrane presents high
mechanical strength and flexibility, good electrochemical performance and nice
compatibility with modern microelectronics manufacturing technologies. The facile
and pragmatic design provides a promising methodology addressing the brittleness
issue of SSEs and paves the approach for cost reduction and improvement of SSE

scalability during battery manufacturing.

8.3 Results and discussion

Figure 8-1a illustrates the concept of this methodology, decreasing the aspect

ratio of LLZO to inhibit the strain energy surpassing the limit defined by the fracture
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surface, in which the SB copolymer bridges the flakes and buffers the strain
concentration. SB copolymer possesses attractive properties such as high flexibility and
extensibility, strong bonding strength with ceramic materials and high abrasion
resistance. It is also widely employed as a binder additive for positive and negative
electrodes in lithium batteries?®®242 and as the structural framework for polymer
electrolytes®®. Figure 8-1b schematically presents the major synthetic procedures of
the flexible LLZO solid-state electrolyte membrane. A piece of cubic LLZO thin
membrane was prefabricated as the starting material. The membrane was attached on a
piece of thermal release tape, followed by being cleaved into square flakes with
appropriate dimensions achieved through the parametric investigation and verified
through experimental test. SB copolymer ink was extruded from the nozzle of an
additive manufacturing printer?424 at tunable rate by controlling air flow to ensure the
complete binding of neighboring LLZO flakes together to form a continuous electrolyte
membrane. A free-standing LLZO film with satisfactory flexibility was fabricated after
being transferred from the thermal release tape, in which each flake acts a vertical ion
conductive unit for lithium ions. SB copolymer performs as a releasor with good
flexibility which buffers the stress introduced during manufacturing, packaging,
transportation, as well as applications. This pragmatic approach also enables the

potential for a roll-to-roll process of flexible LLZO electrolyte membrane fabrication.
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Figure 8-1. Schematic demonstrating the novel methodology for the fabrication of
flexible LLZO solid-state electrolyte membrane. (a) Styrene butadiene copolymer was
employed to join the short flakes. (b) General procedure for the composite electrolyte
fabrication. A piece of LLZO membrane was diced into short flakes with diameters
optimized from FEA parametric analysis, and SB copolymer ink was extruded from the
3D printer nozzle to bind firmly the neighboring LLZO flakes. The as-synthesized

membrane maintains the existing advantage of SSEs while presents good flexibility.

The pivot of this methodology lies in the achievement of optimal flake
dimensions, which can provide guidance for tailoring the aspect ratio of the flakes and
maintaining sufficient mechanical strength to resist cracks. It is noted that in addition

to the intrinsic mechanic strength of the SSEs, factors such as membrane thickness and
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bending curvature exert influences on the appropriate dimension as well. Fracture
mechanics demonstrate that the strain energy reserved in the SSEs increases with the
volume of the flakes, whereas the fracture surface energy is proportional to the area,
indicating the existence of a threshold where the two parameters present equal. To
forestall the formation of cracks, dimension of the flakes should be curbed under the
threshold, in which the impact of strain energy would not surpass that of fracture
surface energy. Therefore, we envision that the LLZO membrane could be adjusted to
be immune to fracture or even flexible if flake dimension parameters are reasonably
tuned. To quantitatively analyze the threshold dimensions of the SSE flakes, a
parametric FEA investigation was carried out to simulate the crack formation process
with proper mechanic parameters from literature (Young’s Modulus of LLZO is 150
GPa, Poisson ratio is 0.26, and the fracture toughness is 39.528 MPa mm?</?)246247 The
general process for parametric analysis was depicted in Figure 8-2, in which a LLZO
membrane stuck to the polyethylene tape was pressed onto a steel rod surface
continually. High stress induced the formation of cracks, breaking the LLZO membrane
into strain-released flakes. Owing to the existence of constraint between flakes and
tape, each flake still behaves at a proper bending state as the membrane conformed
firmly with steel rods. The strain energy in the LLZO flakes which already surpassed
the fracture surface energy threshold would generate cracks and partially release along
with the formation of smaller segmented parts, giving rise to the decrease of flake
dimensions. The strain energy that decreased along with the volume reduction of flake
was inadequate to overcome its fracture surface energy. As a result, the dimensions of

the flakes were eventually stabilized into a certain range. The stable flake dimension
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range was significantly influenced by the diameters of steel rods as high bending

curvature would give rise to a decrease of the flake dimensions.

Press

1 |
\ ;l
g L

Steel rod

Tape Press
LLZO flake

Figure 8-2. The schematic of LLZO breaking procedure during bending.

In the FEA analysis, LLZO flakes with thickness from 50 um to 250 um were
evaluated under different bend state, in which both tape and LLZO flake were
simplified as elastic materials owing to the small strain. Figure 8-3 presents a
simulating example of a LLZO flake with 1.2mm long and 200 pum thick under different
bending states. The top surface of the flake was under tensile stress, while the bottom
surface was under compression. Generally, breaking initiation takes place on the top
surface of the flake. A small notch was designed on the top surface functioning as a
crevice generator for the stress concentration to trigger the fracture event. The stress
evolution around the notch on the top surface indicates clearly that the stress

concentration near the notch tip became more severe when the bending radius Ry
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decreased gradually from flat to 6.25 mm. On the other hand, considering the LLZO
flakes were under the same bending state (e.g R, = 10 mm), the concentrated stresses
near the notch tip were significantly relieved when the length of the LLZO flake
decreased from 1.8 mm to 0.6 mm. As a result, the stress in the short LLZO flake cannot
provide enough high fracture energy for crack initiation. Comparing the stress intensity
factor evolution with LLZO Fracture toughness®*® Kic (red dashed line), the critical

bending state was determined for each LLZO flake with a certain length.

Flat Rp=25.0mm Rp=12.5mm R,=6.25mm f 1

LLZO flake (1.8mm) LLZO flake (1.2mm) LLZO flake (0.6mm) o1 )

_ _ " .

i 0.0

-5.0

Figure 8-3. The FEA simulation of 200 um thick LLZO flake (length 1.2mm) under

bending state. The red dashed frames show the stress evolution around a tiny notch (1.5

um depth).

The relation between bending curvature and stress intensities for various flake
lengths was depicted in Figure 8-4a, in which LLZO flakes with shorter length can
sustain a higher bending curvature. Figure 8-4b presents that the threshold dimension
of LLZO flakes was also determined by the bending curvature, as LLZO flakes under

higher bending state possess a shorter threshold dimension.
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Figure 8-4 (a) The relation between stress intensity factor and bending curvature in 200

um thick LLZO flakes with different length from 0.2 to 3.6 mm. (b) The relation

between stress intensity factor and flake length under different bending curvature (from

0.0 to 0.20 mm™) in 200 um LLZO flakes.

For different thickness of LLZO flakes from 50 um to 250 um, the FEA

analyses were showed in Figure 8-5 and 8-6. Due to the higher bending stiffness, the

thicker LLZO flake will have a higher threshold length for a certain bending extent.
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Figure 8-6. The relation between stress intensity and flake length under different

bending curvature (from 0.0 to 0.25 mm™) in LLZO flakes with different thickness (a)

50 pm, (b) 100 pm, (c) 150 um, (d) 250 pm.

Finally, a 3D suggested flake-stable size zone, which was influence by the

bending curvature and thickness of LLZO flakes, was presented in Figure 8-7. These

FEA results provide a significant guide for designing a stable pre-segregated LLZO

electrolyte membrane with reasonable size LLZO flakes.
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Figure 8-7. The threshold points derived from FEA simulation. Based on the bending
curvature (bending radius) and the thickness of LLZO flakes, a suggested flake-stable

zone is presented which is below the enveloping surface of these points.

To verify the parametric analysis results aforementioned, an experimental test
was carried out to statistically evaluate the distribution of breaking flake dimensions.
LLZO thin pellets with a fixed thickness of 200 um were employed to be bended under
different curvatures. One side of LLZO thin pellets with diameter 10 mm were attached
on the tape and the side without tape was clung to the steel rods with diameters of 10
mm, 18 mm and 26 mm respectively. The thin pellets were bent to effectuate the
conformation with the steel rods until no extra crack emerging. A consequent 90-degree
rotation was performed, and the same operation was repeated until no more new flakes

were generated during the whole process (the cracks were marked with dash red line in
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Figure 8-8). Dimensions of as-formed flakes on these three different steel rods were
collected statistically in Figure 8-8 and compared with the simulation results.
Considering the randomness of crack emerging positions, the average dimensions of
flakes for each pellet can be selected as the characteristic value to weigh the threshold
lengths resisting the fracture at specific bending curvature. Statistic results show that
all the dimensions for various rod diameters present typical Gaussian distributions with
a distribution from several hundred micrometers to several millimeters. The
characteristic values for flakes on 10 mm, 18 mm and 26 mm are 0.7 mm, 1.2 mm and

1.5 mm respectively. With the increase of the bend rod radius, the dimension of the

flakes shows an increasing trend.
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Figure 8-8. Experimental results of flake dimension distribution for LLZO thin pellets

with thickness of 200 um (the flake edges were marked with red dashed lines)
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The experimental characteristic dimensions for different bending curvatures
were drawn in Figure 8-9 to compare with the parametric analysis results. The
parametric analysis presents a flake-stable zone below the threshold points calculated
from the FEA study, where the flakes can maintain their shape and effectively resist
the forming of cracks. The experimental characteristic values fall exactly in the flake-
stable zone, very close to the calculated threshold curve, demonstrating a nice

consistency between the experimental results and theoretical predictions.
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Figure 8-9. The characteristic LLZO flake lengths (blue points) in breaking experiment
fall in the predicted flake-stable zone (shadow area), which is below the threshold

points derived from FEA simulation.

Motivated by the parametric analysis results above, we introduce an electrolyte
engineering methodology to pre-crack the solid-state electrolyte into flakes with
sufficient stiffness to resist the fracture and bind them with flexible adhesive polymer

to form a continuous membrane. This scalable approach for the fabrication of flexible
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LLZO solid-state electrolyte membrane was successfully demonstrated by employing
3D printing technique. Figure 8-10a presents the SB copolymer printing process to fill
the gap between flakes in the grid pattern with a preprogrammed design route. The SB
copolymer ink stored in the syringe was vertically mounted to the 3D printer’s stage
and the prepared diced LLZO flakes attached on the tape was fixed on the silicon wafer
with appreciate coordinates. During the printing process, SB copolymer ink is extruded
from the nozzle at appropriate speed which could be tuned by air flow to ensure the
complete binding of neighboring LLZO flakes. Figure 8-10b presents one specific
example of the as-synthesized electrolyte membrane, in which the 3D printed SB
copolymer bonded structure presents high robust feature, which allow for direct
handling after the SB copolymer was completely cured. The flakes pre-cleaved from
membrane with thicknesses varying from 50 pum to several hundred micrometers
present a square shape with dimension of 1.2mm x 1.2 mm (scale bar 1 mm, Figure 8-
10c). Figure 8-10d and e show the scanning electron microscope (SEM) image for the
surface morphology of the membrane, in which a clear boundary between the LLZO
flakes and SB copolymer can be observed. Figure 8-10f presents the cross-sectional
image of the membrane with thickness that can be tailored from 50 um to several
hundred micrometers. Figure 8-10g depicts the energy-dispersive X-ray spectroscopy
(EDS) mapping results for typical elements, in which the Zr and La elements belong to
the LLZO electrolyte and carbon belongs to the SB copolymer, indicating a good and

distinct bonding was formed between the SSE and SB copolymer.
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Figure 8-10. (a) Photo of the binding process with SB copolymer extruded from the 3D
printer nozzle. (b) Photo of as-synthesized electrolyte membrane. (¢) Magnified photo
of the square flakes bound with SB copolymer (scale bar: 1mm). (d) and (¢) SEM
images present the surface morphology of the connection area of the LLZO and SB
copolymer. (f) Cross-sectional SEM image of the as-synthesized membrane. (g) EDS

mapping depicts the C, Zr and La element distribution

To evaluate the phase structure of the membrane, X-ray diffraction analysis

(XRD) was employed to detect the composite solid-state electrolyte membrane. Figure
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8-11 depicts the XRD patterns, in which diffraction peaks present great consistency
with the cubic-phase garnet LizLasZr.O12 (Joint Committee on Powder Diffraction
Standards card number: 80-4947). It is noted that the broad peak of SB copolymer at
around 19.7<is suppressed by the strong crystalline peaks from LLZO. The XRD
patterns prove that the LLZO flakes maintain cubic-garnet phase after bonding with SB

copolymer.

As-synthesized membrane

Intensity (a.u.)

PDF# 01-080-4947
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Figure 8-11. XRD patterns for the membrane. (b) FTIR of the SB copolymer and
electrolyte membrane from 3250 cm-1 to 640 cm-1. Good stability of the SB copolymer

in the membrane can be observed.

To further investigate the chemical stability of cubic garnet flakes with the SB

copolymer, Fourier-transform infrared spectroscopy (FTIR) was exploited to evaluate
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the pure SB copolymer and the composite electrolyte membrane, presented in Figure
8-12a from 3250 cm™ to 640 cm™. The absorption peaks located at 3000 cm™ and 3080
cm are attributed to the aromatic hydrogen or unsaturated carbon. Signals at 2915 cm”
Land 2844 cm™ are related to the vibration peaks of methylene groups?4824%, Compared
with pure SB copolymer, it is noted that the electrolyte membrane presents similar
absorption results, which demonstrates good chemical stability and compatibility
between SB copolymer and LLZO. Figure 8-12b shows the FTIR transmittance spectra
of pure LLZO powders, SB copolymer, as well as the membrane in the fingerprint
region from 1100 cm™ to 640 cm™. The band at 864 cm™ of the membrane comes from

the strong characteristic vibration of Zr-O-Zr group in LLZO?#72%,
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Figure 8-12. (a) FTIR of the SB copolymer and electrolyte membrane from 3250 cm-1
to 640 cm-1. Good stability of the SB copolymer in the membrane can be observed (b)
FTIR of the fingerprint region from 1100 cm-1 to 640 cm-1. LLZO brought about

absorption peaks around 864 cm-1 in the membrane due to Zr-O-Zr group vibration.

To evaluate the mechanical properties of the as-synthesized membrane, tensile
test was carried out to investigate the bond strength between LLZO flakes and SB
copolymer. Figure 8-13 shows the engineering stress-stain curves for the as-
synthesized membrane and the comparison with related reports on flexible polymer
electrolytes®12%2, Our membrane demonstrates a significantly high ultimate tensile
strength of 5.12 MPa, three to five times higher than the current prevalent polyethylene
oxide (PEO) type solid-polymer electrolyte (PEO-LIiTFSI) or its hybrid mixture with
inorganic nasicon solid electrolyte. In addition, this membrane possesses high
extensibility which can be stretched to 220% before rupture, ensuring excellent flexible

capability.
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Figure 8-13 Engineering stress-strain curve for the as-synthesized membrane and its

comparison with current prevalent PEO based polymer?? or hybrid electrolytes®?,

With the elastomeric SB copolymer as buffering grid, the composite electrolyte
membrane presents can easily withstand bending curvatures analyzed in the parametric
study (Figure 8-14). To prepare the Li metal coated membrane for electrochemical
performance characterization, a 400 pum thick pellet was pre-melted with Li metal on
both sides and after the pellet was broken into small flake segments, SB copolymer was

employed to seal the gap between different flakes.
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Flexibility

Figure 8-14. Photo demonstrating good flexibility of the membrane.

To evaluate cycling capability of the membrane against Li dendrites, a
symmetric Li | electrolyte | Li cell was employed to carry out the charge and discharge
processes. Figure 8-15a presents the typical Nyquist plot of the Li | electrolyte | Li cell
achieved from the electrochemical impedance spectroscopy (EIS), two semi-circles of
which are attributed to the impedance of garnet SSE (high frequency R1) and the
interface resistance (low frequency R2) respectively, as showing in the equivalent
circuit. During charge and discharge processes at a constant current, lithium ions were
plating and stripping through the membrane to mimic the operation of charging and
discharging lithium metal batteries. Figure 8-15b presents the voltage profiles of the
symmetry cell with the electrolyte membrane around 50 cycles at a constant current
density of 0.1 mA/cm? at room temperature. The voltage profiles show stable curves
which indicates stable impedance and excellent stability of the Li metal and LLZO

membrane interface during electrochemical cycling.
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Figure 8-15. (a) EIS profile of the membrane at room temperature. (b) Voltage profile
of the lithium plating/striping cycling with a current density of 0.1 mA/cm? at room

temperature.

8.4 Conclusion

We have demonstrated an effective “break management” strategy to design a
flexible LLZO electrolyte membrane, in which the electrolyte film was cleaved into
short flakes and then were bound together with SB copolymer, resisting brittle fracture
through buffering the excessive stresses from each short flake. Parametric FEA study
was carried out to analyze the relations between the dimensions of the flakes and
multiple parameters, delivering the optimal dimensions of flakes with various
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electrolyte thickness under different curving state. The flexible membrane maintains
all existing attractive properties of LLZO solid-state electrolyte and presents an
ultimate tensile strength of 5.12 MPa enhanced by the copolymer/electrolyte periodic
structure, three to five times higher than the prevalent PEO-LITFSI solid electrolyte or
its hybrid with inorganic nasicon solid electrolyte. In addition, the composite
electrolyte possesses significant high extensibility which can be stretched to 220%
before rupture, ensuring excellent flexible capability. This high flexibility and nice
compatibility with modern manufacturing technologies prove high application
potential for future microelectronics. This scalable strategy and the unique design
methodology can also be applied to other inorganic brittle membrane to improve the

flexibility.

8.5 Experimental

Finite element parametric analysis

A LLZO flake under bending which simplified from the LLZO breaking
experiment was modeled through a standard analysis in ABAQUS 6.13 (See details in
Supporting Information). In the simulation, the top surface of the LLZO flake was tied
to the tape, while the bottom surface of the LLZO flake was in contact with the surface
of the steel rod. A displacement load was applied on the two sides of LLZO flakes to
model the bending process. A 1.5 um depth notch was considered at the top surface of
the LLZO flake for calculating the stress intensity. Then, a series of LLZO flakes with
different thickness and different length were modeled to determine the critical breaking

length of LLZO flakes.
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Materials Synthesis

The Al-contained Lis.7sLasZr1.7sTao.2s012 garnet powders were synthesized via
solid-state reaction method. LiOH H>O (99.9%, Sigma Aldrich), La203 (> 99.9%,
Sigma Aldrich), ZrOz (99.9%, Sigma Aldrich) and Ta>Os (99.9%, Sigma Aldrich) were
used as precursors, with stoichiometric amounts mixed in isopropyl alcohol (IPA) for
12 h. 10% excess LiOH H.0 were induced to compensate the loss of lithium. Al203
nanopowders (around 2%wt of the total materials) were added to improve the sintering
process. The stoichiometrically mixed powders were calcined at 920 °C for 12 h. Then
the powders were mixed with IPA and ball-milled for 9 h. The powders were pressed
into thin membrane at 300 MPa and sintered at a temperature 1150 °C for 9 h.

Li metal was exploited to test its stability with the SB copolymer and the image
of the contact between the two were shown in figure 8-S1. No obvious interface change
could be observed after the SB copolymer got completely cured.

Membrane fabrication

The membrane was attached to a thermal release tape and was cut into small flakes
with dimension 1.2 mm X 1.2 mm to form a garnet array. A 3D printer was employed
to extrude the SB copolymer glue to seal the gap between flakes. After the copolymer
is completely cured, the membrane was transferred to a hot plate to remove the thermal
release tape from the garnet array. The two sides of the membrane were polished to get

rid of impurities.

Materials characterization.
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The morphologies of the electrolyte were evaluated on a Tescan XEIA Plasma
FIB/SEM. X-ray diffractions (XRD) of the binary alloys were performed on a D8
Bruker Advanced X-ray Diffraction system using a Cu Ko radiation source operated at
40 kV and 40 mA. A single column tabletop model testing system (Instron, USA) was
used to perform mechanical tests. A 1000 N load cell was used with a nominal strain

rate of 2 mm/min.

Electrochemical measurement.

Li metal was melted on the surface of LLZO membranes, the membranes were
cleaved into flakes and SB-copolymers was employer to bind the flakes together.
Electrochemical tests of Li/garnet/Li symmetric cells were tested on a BioLogic VMP3
potentiostat at room temperature. The electrochemical impedance spectra (EIS) were
performed with a 20 mV AC amplitude in the range of 100 mHz to 1 MHz.
Galvanostatic stripping-plating of the Li/garnet/Li symmetric cells was recorded at
room temperature with a current density of 100 pA/cm?. The cells were placed in an
argon filled glovebox to conduct all measurements. A Thermo Nicolet NEXUS 670

FT-IR was used to measure the FT-IR spectrum.

8.6 Supporting Information
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Figure 8-S1. The stability test of the SB copolymer with Li (a) when Li metal and the
SB copolymer contact (b) good stability after the SB copolymer get completely cured

(48 h)
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Figure 8-S2. Thermogravimetric analysis of the as-synthesized membrane.
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Models LLZO flake length (mm)

02 04 06 08 10 12 14 16 20 24 28 32 36
LLZO 100 1 12 13 14 15 16 17 18 19 110 111 112 1-13

flake
Thicknes 150 2-1 22 23 24 25 26 27 28 29 210 211 212 213

S
("m) 200 31 32 33 34 35 36 37 38 39 310 311 312 3-13

50 41 42 43 44 45 46 47 48 49 410 411 412 413

Table 8-S1. Geometric parameters of LLZO flake used in FEA modeling

Parameters Values

Etape, Young’s Modulus of tape?, 2.5 GPa
(BOPP)

viape, POIsSsonN ratio of tape 0.43

ELLzo, Young’s Modulus of LLZO%** 150 GPa

vLLzo, Poisson ratio of LLZO%5 0.26

Kic LLZO Fracture toughness 39. 528 MPa mm*?

Table 8-S2. Parameters used in FEA modeling

Detailed finite element modeling (FEM) method

In the LLZO sheet breaking experiment, LLZO flakes were under bending due
to the constraints on each other and the tape. We modeled a single LLZO flake bending
process through a standard analysis in ABAQUS 6.13. To determine the critical
breaking length of LLZO flakes. Four different thicknesses of LLZO flakes, 50 pum,
100 pm, 150 um, 200 pum, 250 um were considered. For each thickness, a series of
LLZO flakes with different length from 0.2 mm to 3.6 mm were adopted in the
modeling. The geometric parameters of LLZO flakes with different thickness and

length were showed in Table S1. These 2D models were analyzed at the plain strain
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condition. The thickness of tape film was 50 um, and the length was equal to the LLZO
flakes. Due to the small strain in the tape during the bending process, both of the tape
and LLZO flake were simplified as elastic materials. The mechanical parameters were
shown in Table S2. The top surface of the LLZO flake was tied to the tape, while the
bottom surface of the LLZO flake was in contact with the surface of the steel rod, which
was treated as an analytical rigid object in the simulation. A displacement load was
applied on the two sides of LLZO flakes to model the bending process. A 1.5 pm depth
notch was introduced in the middle position on the top surface of the LLZO flake for
calculating the stress intensity. The bending curvature was calculated based on the
displacement load. While the simulated stress intensity exceeds the LLZO Fracture
toughness?*® K¢, the surface notch started to crack. Based on this criterion, the relation
among the critical lengths of LLZO flake, the bending curvature (bending radius) and

thickness was decided.
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Chapter 9: Conclusion and Future Outlooks

The research presented in this dissertation has focus on the high temperature
process approaches for material nanostructure designing in two distinct emerging
electrochemical systems, with a range of physical, chemical, electrochemical
characterizations. Throughout this process, a number of techniques have been
employed to overcome the limitations of promising candidate material systems, which
can significantly improve their properties such as chemical stability, electrochemical
durability, as well as flexibility and adaptability for harsher operation conditions. The
reported result in this research can offer a thorough picture of the methods and
directions which help explain the mechanism, guide the optimization process, as well
as inspire novel strategies for advances in the material design. Here some of the most
interesting and important findings are summarized, together with ideas for future work

to resolve the remaining questions in the current systems.

9.1 Research summary

Necklace-like Silicon Carbide and Carbon Nanocomposites

We employ Joule heating on the C/Si nanocomposite fibers to do an in-situ
synthesis of a SiC/carbon necklace-like nanostructure, in which the nanoparticles of
SiC can be interconnected with each other while still maintaining their high specific
surface area. The CSNF acts as a reservoir to provide C and Si atoms before Joule
heating, as a micro furnace to heat the pristine reagent during Joule heating, and finally

as the substrate to host the formed SiC nanoparticles. Pristine CSNF films were heated
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to 2000 K, which significantly improved the graphitic structure of the carbon
nanofibers, thereby increasing the conductivity of substrate. The high-temperature
enabled by the Joule heating efficiently boosts the in-situ formation of SiC, while also
enhancing the bonding strength between the SiC nanoparticles and carbon nanofibers.
SiC nanoparticles can be homogeneously distributed and strongly anchored on the
carbon nanofibers, which is advantageous for the potential application of this novel
composite. Joule heating, as an effective and scalable method, has the potential to
promote the in-situ synthesis of other homogenous carbide nanoparticles, which in turn
could have enhanced bonding strengths with carbon-based substrates and similar

homogeneous distribution similar to the results discussed herein.

Ultrathin-Graphene-Coated Metal Nanoparticles for Oxygen Reduction Reaction

We report a one-step synthetic technique to simultaneously fabricate supported
Co@graphene core-shell nanoparticles. This strategy presents several advantages, such
as generation of core-shell nanostructures in one facile processing step, tunability and
control over graphene shell thickness down to monolayer graphene, as well as the
abundance of substrate candidates. The ORR test shows that their stability and
durability exceeded previously reported PGM-free catalysts. DFT calculations proved
that local contact between Co core and graphene shell produces carbon atoms with
lower electron density which promote ORR process. This facile synthetic approach
provides a pathway towards the design and development of metal/graphene core-shell
nanoparticles with controllable graphene coating thickness for a wide range of potential

applications in the fields of catalysis and beyond.
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Improving the Interface between Li/Na Alloys and Various Substrates for Batteries
We report that by adding alloying elements to molten Li and Na, the surface
energy and viscosity of negative electrodes can be manipulated to directly solder onto
various substrates. As a demonstration, a Li-Sn alloy was soldered onto the surface of
garnet SSEs within 10 seconds and exhibits a conformal and tight contact. The alloy
significantly decreases the interfacial resistance against garnet SSE to as low as ~7
Q-cm?. Subsequent electrochemical studies confirm the excellent stability of both the
interface and the alloy electrodes during the long time and high capacity cycling. To
demonstrate the versatility of this alloy-based soldering technique, several other Li
binary alloys were studied and display similar wetting behavior on metal, ceramic, and
polymer substrates. Moreover, this direct soldering technique was extended to molten
Na alloy systems, and in particular, a Na-Sn alloy was successfully coated on an
alumina substrate. This direct soldering technique will inspire new strategies to develop

safe Li and Na metal batteries with high energy densities.

High Temperature Thermal Pulse for High Performance Solid State Electrolyte

We demonstrate a thermal pulse technique for rapid ceramic surface processing
that can quickly clean surface contamination and restore the materials in less than 2 s.
As a demonstration, we successfully cleaned Li.COs contamination from the surface
and grain boundaries of garnet SSEs. The ultra-short processing time prevented Li loss
and any phase change of the garnet SSE at high temperature. We systematically studied
the formation of oxygen vacancies by this process, which results in an increase in ionic
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conductivity of the garnet SSEs from about 1.6>10* S/cm to 3.2x10* S/cm. The rapid
thermal pulse treatment also significantly improved the electrochemical stability of the
material. Additionally, the critical cycling current density in symmetric cells increased
from 100 pA/cm? to 500 pA/cm? after the thermal pulse treatment. This unique Joule
heating method and ultra-fast process enable the potential for roll-to-roll processing for

ceramic surface treatment in practical applications.

Garnet-Polymer Solid Electrolyte Templated by Bacterial Cellulose

We have successfully exploited bacterial cellulose nanofiber as a template to
synthesize a polymer-ceramic hybrid electrolyte, in which a c-LLZO network acts as a
scaffold coated with PEO-LIiTFSI. This hybrid electrolyte possesses a 3D
interconnected fiber network, presenting a structural flexibility comparable with
conventional bulk inorganic ceramic electrolyte. The well-organized interconnected c-
LLZO network not only provides fast Li-ion diffusion pathways, but also raises the
concentration of free Li ions in the polymer electrolyte. As a result, the hybrid
electrolyte exhibits an ionic conductivity of 1.12x10* S/cm at room temperature, much
higher than that of controlled PEO-LiTFSI electrolyte (about 1 X 107 S - cm™1). LSV
curve reveals that hybrid electrolyte exhibits a stable voltage window up to 6.0 V vs.
Li/Li*, satisfying the requirement of most high-voltage Li-ion batteries. The ionic
conductivity test for the flat and bent hybrid electrolyte addressed the concerns of
brittleness for the inorganic electrolyte. This facile and applicable template-based
approach provides new principles for the strategy of battery design that can be further

extended to other electrolyte materials as well.
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Breaking Enabled Flexible Garnet Solid-State Electrolyte Membranes

We have demonstrated an effective “break management” strategy to design a
flexible LLZO electrolyte membrane, in which the electrolyte film was cleaved into
short flakes and then were bound together with SB copolymer, resisting brittle fracture
through buffering the excessive stresses from each short flake. Parametric FEA study
was carried out to analyze the relations between the dimensions of the flakes and
multiple parameters, delivering the optimal dimensions of flakes with various
electrolyte thickness under different curving state. The flexible membrane maintains
all existing attractive properties of LLZO solid-state electrolyte and presents an
ultimate tensile strength of 5.12 MPa enhanced by the copolymer/electrolyte periodic
structure, three to five times higher than the prevalent PEO-LIiTFSI solid electrolyte or
its hybrid with inorganic nasicon solid electrolyte. In addition, the composite
electrolyte possesses significant high extensibility which can be stretched to 220%
before rupture, ensuring excellent flexible capability. This high flexibility and nice
compatibility with modern manufacturing technologies prove high application
potential for future microelectronics. This scalable strategy and the unique design
methodology can also be applied to other inorganic brittle membrane to improve the

flexibility.
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9.2 Future work strategy

Although the research in this dissertation has improved our understanding in
materials properties through high temperature process techniques, there are still some
interesting questions that could become the core of future research.

PGM-free catalysts for ORR

Although the PGM-free catalyst present good performance and durability in
ORR for fuel cell, there is still a challenge that the incomplete reduction of O2 would
result in formation of H.O>. The formation of destructive H202 not only decreases the
activity and stability of PGM-free catalysts (H.O> has been shown to degrade PGM-
free ORR), but also damages the membrane and ionomers in the catalyst layer.

We propose further study of the approaches that could suppress the formation
of H>O», such as introducing another catalyst functioning as the H>O> scavenger.
Thermal shock technique can also be applied in the synthesis of this scavengers. We
propose to use thermal shock approach to develop well-dispersed Group IV and V
metal oxide/oxynitride nanoparticles, with increased oxygen vacancies and decreased
dimensions of less than 10 nm, as highly active and durable catalysts for H>O»/radical
removal. These nanoparticles will be homogenously assembled onto high surface area
carbon substrates or directly on PGM-free catalysts to remove H>Oz/radicals during the
oxygen reduction reaction (ORR).

The H2O2/radical removal activity of oxides, such as CeOy, ZrOx, and TaxTiOy,
is attributed to the existence of oxygen vacancies. The number of active sites will be
enhanced by using nitrogen precursors with more free N-content and achieving a high
pyridinic N-doping level. We will use heat treatment under an oxygen deficient
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environment, as well as under NHz atmosphere for nitrogen doping, to elevate the
number and stability of the oxygen vacancies.

Garnet solid-state electrolyte for Lithium batteries

Although in this dissertation, two different approaches are introduced to improve the
flexibility of the solid-state electrolyte, there are still a number of remaining questions
related to specific issues of the electrolyte. The morphology evaluation of electrolyte
with lithium anode can be characterized with FIB/SEM. Furthermore, compositional or
interfacial modifications could be adopted to improve the cycle capability at higher
current density. Cathodes materials should be modified to decrease the interfacial
impedance with the solid-state electrolyte. For example, ball milling can be employed
to decrease the dimensions of the cathode materials which could be better deposited on
the solid-state electrolyte. Moreover, porous structure design of the soli-state
electrolyte could also be carried out to improve the effective contact surface area with
electrode active materials. Additionally, high specific capacity electrode materials (for
instance, Li/S) could be combined to the solid-state electrolyte to elevate the energy

density of the full battery cell.
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