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Fast ionic conductors have great potential to enable novel technologies in 

energy storage and conversion. However, it is not yet understood why only a few 

materials can deliver exceptionally higher ionic conductivity than typical solids or 

how on can design fast ion conductors following simple principles. In this 

dissertation, I applied first principles computational method to understanding the fast 

ionic diffusion within fast ionic conductors and I demonstrated a conceptually simple 

framework for guiding the design of super-ionic conductor materials.  

I studied Na0.5Bi0.5TiO3 (NBT) as the model material for oxygen ionic 

conductor. The structure-property relationship of the NBT materials is established. 

Based on the newly gained materials understanding, our first principles computation 

predicted that Na and K were promising dopants to increase oxygen ionic 

conductivity. The newly designed NBT materials with A-site Na and K substituted A 



  

sites exhibited a many-fold increase in the ionic conductivity at 900K comparing to 

that in the experimental compound. 

We demonstrated that the concerted migration mechanism with low energy 

barrier is the universal mechanism of fast ionic diffusion in a broad range of ionic 

conducting materials. Our theory provides a conceptually simple framework for 

guiding the design of super-ionic conductor materials, that is, inserting mobile ions 

into high-energy sites to activate concerted ion conduction with lower migration 

barriers. We demonstrated this strategy by designing a number of novel fast Li-ion 

conducting materials to activate concerted migration with reduced diffusion barrier.  

We identified the common features of crystal structural framework for lithium 

SICs. Based on the determined attributes, we performed a high-throughput screening 

of all lithium-containing oxide and sulfide compounds. The screening revealed 

several crystal structures that are potential to be fast ion conductors. Through 

aliovalent doping, we modified the Li content of these structures which resulting in 

different Li sublattice within the structure and we found a number of lithium super-

ionic conductors that are predicted to have Li+ conductivities greater than 0.1 mS/cm 

at 300K.  



  

 

 

 

 

 

 

 

 

 

 

 

FIRST PRINCIPLES COMPUTATIONAL STUDY OF FAST IONIC 

CONDUCTORS 

 

 

 

by 

 

 

Xingfeng He 

 

 

 

 

 

Dissertation submitted to the Faculty of the Graduate School of the  

University of Maryland, College Park, in partial fulfillment 

of the requirements for the degree of 

Doctoral of Philosophy 

2018 

 

 

 

 

 

 

 

Advisory Committee: 

Professor Yifei Mo, Chair, Advisor 

Professor Eric D. Wachasman 

Professor Mark D. Fuge 

Professor Liangbing Hu 

Professor Chunsheng Wang, Dean’s representative 

 

 



  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

© Copyright by 

Xingfeng He 

2018 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



 

 

ii 

 

Dedication 

To Pingyu  



 

 

iii 

 

Acknowledgements 

First and foremost, I would like to thank my thesis advisor, Professor Yifei 

Mo, for his great guidance and comprehensive support through my graduate study. I 

am lucky and honored to be his first Ph.D. student. In the last five years, the most 

important thing I learned from Prof. Mo is to do insightful research we and others 

believe and care. Beyond his rigorous research style, I was also deeply impressed by 

his insightful vision and dedicated support on students. I appreciate the stress, the 

laugh, the arguments, the excitement and the unforgettable time I experienced. These 

shaped me and will continue to be a part of me. Thank you, Prof. Mo. 

I would like to thank my committee, Prof. Eric Wachsman, Prof. Chunsheng 

Wang, Prof. Mark Fuge and Prof. Liangbing Hu. I learned a lot from interactions with 

them. I am honored to have them as my committee. 

I also thank my collaborators, Prof. Hailong Chen from Georgia Institute of 

Technology, Dr. Fudong Han from  Prof. Wang’s group, Dr. Xiaogang Han and Dr. 

Kun Fu from Prof. Hu’s group, Dr. Yunhui Gong from Prof. Wachsman’s group. 

I would like to thank my labmates: Dr. Yizhou Zhu, Qiang Bai, Alex Epstein, 

Addie Nolan,  Yunsheng Liu and  Shafiqul Islam. I appreciate your help on my 

research. 

I would like to than my undergraduate advisors, Prof. Jiaping Wang, Prof. 

Yang Wu and Prof. Shoushan Fan. Thank you for introducing me to the world of 

materials science. 



 

 

iv 

 

I also thank my roommates over the last five years: Xing Niu, Yingqi Zhang, 

Dr. Jinfeng Rao, Dr. Ang Gao, Dr. Zhihao Li, Hong Zhou, Nairui Zhou. We shared a 

lot of happy memories at Westchester, Lakeside North and University Square. 

I also thank my undergraduate friends Dr. Bin Dai, Dr. Wenhan Zhang, Dr. 

Panyu Hou, Dr. Yiquan Zou and Dr. Haoxiang Yang. Our daily chat on Wechat is 

one of the most interesting things in my PhD study.  

I also thank my friends at UMD, Pingshan Luan, Dr. Jiayu Wan, Dr. Chen 

Gong, Jing Nie, Sheng Yang, Feng Gu, Lingxi Kong, Dr. Zhi Yang, Dr. Jiaqi Dai, 

Zhengyang Wang, Yang Zhang and Xiaoxiao Ge. I also thank my friends I met in the 

DC area, Dr. Jin Yan, Dr. Shawn Zeng, Dr. Tao Gao, Dr. Hong Lin, Dr. Fei Xin, Dr. 

Kun Gu, Weixun Qu, Zezhou Cai, Rui He, Yuanxin Liao, Yunru Feng and Huiling 

Li. You made my life at Maryland more colorful. 

I would like to thank my friends at Kedao, Yanyang Wu, Dr. Guang Chen, Dr. 

Xiang Li, Jiachen Zhang. Our work on environmental protection is a great memory. 

I would like to thank my colleagues and friends when I did intern at 

California. Dr. Yifan Zhang, Dr. Yun Liu, Dr. Shunan Zhang, Yu Kang, Dr. Paul 

Drzaic, Dr. TK Koh, Siqi Ma, Sheng Wang, Yitian Bie and Dr. Long Xin. 

I would also like to thank my and my wife’s friends at UVA, Dr. Xiang Wan, 

Dr. Fang Guo, Dr. Zhe Zhu, Dr. Jiekun Yang, Nan Zhi, Zhiqi Wang and Yu Wang. 

Thank you for your help to my wife and me. 

Finally, I would like to thank my family, my grandparents, my parents, my 

parents-in-law, my brother, my brother-in-law, my sisters-in-law and my two super 



 

 

v 

 

lovely nieces, for their unconditional love in my entire life. My deepest gratitude goes 

to my wife. This book is dedicated to you. 



 

 

vi 

 

Table of Contents 

 

Dedication ..................................................................................................................... ii 

Acknowledgements ...................................................................................................... iii 

Table of Contents ......................................................................................................... vi 

List of Abbreviations .................................................................................................... x 

Chapter 1: Introduction ................................................................................................. 1 

1.1. Fast ionic conductors ......................................................................................... 1 

1.1.1. Oxygen ionic conductors ............................................................................ 2 

1.1.2. Lithium ionic conductors ............................................................................ 3 

1.1.3. Current understanding on ionic diffusion mechanism ................................ 5 

1.2. First principles computational methods in understanding diffusion process ..... 7 

1.2.1. Nudged elastic band calculations ................................................................ 8 

1.2.2. Ab initio molecular dynamics simulations ................................................. 8 

1.3. Dissertation overview ...................................................................................... 10 

Chapter 2: Diffusional properties from ab initio molecular dynamics simulations .... 12 

2.1. Introduction ...................................................................................................... 12 

2.2. Results and discussion ..................................................................................... 15 

2.2.1. Quantifying diffusivity, ionic conductivity and activation energy from 

AIMD simulations .............................................................................................. 15 

2.2.2. Regions of MSD-∆t dependence ............................................................... 18 

2.2.3. Lower bound of linear diffusion region .................................................... 20 



 

 

vii 

 

2.2.4. Upper bound of linear diffusion region .................................................... 24 

2.2.5. Statistical variance of diffusivity and conductivity .................................. 28 

2.2.6. Accessible range of diffusivity, activation energy, and temperature ........ 32 

2.2.7. Estimating errors of diffusional properties from Arrhenius relation ........ 35 

2.2.8. Discussion ................................................................................................. 38 

2.3. Conclusion ....................................................................................................... 41 

Chapter 3: Materials design of Na0.5Bi0.5TiO3 oxygen ionic conductors .................... 43 

3.1. Introduction ...................................................................................................... 43 

3.2. Methods............................................................................................................ 44 

3.2.1. Site ordering of the NBT materials ........................................................... 44 

3.2.2. Phase stability ........................................................................................... 45 

3.2.3. Chemical stability ..................................................................................... 46 

3.2.4. Substitution and structure prediction ........................................................ 47 

3.3. Results and discussion ..................................................................................... 48 

3.3.1. Phase stability of the NBT material .......................................................... 48 

3.3.2. Chemical stability against oxygen ............................................................ 51 

3.3.3. Oxygen ion diffusion in the NBT material ............................................... 53 

3.3.4. Computational prediction of new dopants for the NBT materials ............ 57 

3.3.5. Effect of cation sublattice ordering ........................................................... 63 

3.3.6. Discussion ................................................................................................. 65 

3.4. Conclusion ....................................................................................................... 68 

Chapter 4: Origin of fast ion diffusion in super-ionic conductors .............................. 70 



 

 

viii 

 

4.1. Introduction ...................................................................................................... 70 

4.2. Methods............................................................................................................ 70 

4.2.1. Computation Methods ............................................................................... 70 

4.2.2. Time correlation of Li+ dynamics ............................................................ 71 

4.2.3. Energy landscape of single-ion migration ................................................ 72 

4.2.4. Diffusion model for concerted migration ................................................. 72 

4.2.5. Materials construction ............................................................................... 73 

4.3. Results and Discussion .................................................................................... 74 

4.3.1. Concerted ion migration in super-ionic conductors .................................. 74 

4.3.2. Origin of concerted migration with low barriers ...................................... 82 

4.4. Conclusion ....................................................................................................... 84 

Chapter 5:  Lithium super-ionic conductors discovery with high-throughput screening

..................................................................................................................................... 89 

5.1. Introduction ...................................................................................................... 89 

5.2. Methods............................................................................................................ 92 

5.2.1. Ab initio Computation methods ................................................................ 92 

5.2.2. Topological analysis of crystal structural framework ............................... 93 

5.2.3. HT screening of crystal structural framework .......................................... 95 

5.2.4. Doping and DFT computation of representative compounds ................... 98 

5.2.5. Diffusion screening by AIMD simulations ............................................... 98 

5.3. Results and Discussion .................................................................................. 100 

5.3.1 Li-ion spatial occupancy density from AIMD simulations ...................... 100 



 

 

ix 

 

5.3.2. Analyzing Li diffusion channel .............................................................. 103 

5.3.3. Criteria for good Li diffusion channels ................................................... 106 

5.3.4. High Throughput screening of crystal structural framework .................. 108 

5.3.5. New SIC compounds .............................................................................. 112 

5.4. Conclusion ..................................................................................................... 113 

Chapter 6:  Conclusions and Future work................................................................. 115 

6.1. Conclusions .................................................................................................... 115 

6.2. Future work .................................................................................................... 117 

6.3. Publications and conference presentations .................................................... 118 

Bibliography ............................................................................................................. 121 

 

  



 

 

x 

 

List of Abbreviations 

Super-ionic conductors (SICs)  

Na0.5Bi0.5TiO3 (NBT) 

Li1.33Ti1.67Al0.33(PO4)3  (LATP) 

Li10GeP2S12 (LGPS) 

Li7La3Zr2O12 (LLZO) 

Sodium (Na) Super Ionic CONductor (NASICON) 

Lithium Super Ionic CONductor (LISICON) 

Total Mean Squared Displacement (TMSD) 

Relative Standard Deviation (RSD) 

Inorganic Crystal Structure Database (ICSD) 

Solid oxide fuel cell (SOFC) 

All Solid-state Battery (ASB) 

Room Temperature (RT) 

body-centered cubic (bcc) 

Density Functional Theory (DFT) 

Vienna Ab initio Simulation Package (VASP) 

Perdew-Burke-Ernzerhof (PBE)  

Generalized-Gradient Approximation (GGA) 

Nudged Elastic Band (NEB) 

Ab initio molecular dynamics (AIMD)  



 

 

1 

 

Chapter 1: Introduction1 

1.1. Fast ionic conductors 

Fast ionic conductors are solid-state compounds with highly mobile ions, 

which exhibit exceptionally high values of ionic conductivity. Their ionic 

conductivities are several orders of magnitude higher than typical solids and are 

comparable to their ionic conductivities within liquid or molten state. The fast ionic 

diffusion within solid materials is first reported by Faraday in the materials of -PbF2 

in the first half of the 19th century.1 In the following ~200 years, there has been 

significant research efforts into discovering new fast ionic conductors and 

understanding why these compounds can achieve several orders of magnitude faster 

ionic diffusion than other solid materials.2,3 However, given the complexity of the fast 

ionic conductor systems, a general fundamental understanding is still lacking.  

Besides the scientific interest, fast ionic conductors are indispensable 

components in electrochemical energy storage and conversion devices such as 

batteries, fuel cells, and electrochemical membranes4-9, which are critical in the 

societal shift to renewable energy. Thanks to recently found new fast ionic conductors 

which have great potential applications in energy field and the advanced simulation 

                                                 

1 Some text of introduction is adapted from papers: 

X. He and Y. Mo. "Accelerated materials design of Na0.5Bi0.5TiO3 oxygen ionic conductors based on first 

principles calculations." Physical Chemistry Chemical Physics, (2015), 17: 18035–18044. 

X. He, Y. Zhu and Y. Mo. "Origin of Fast Ion Diffusion in Super-Ionic Conductors." Nature Communications, 

(2017), 8: 15893 
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techniques enabled by the availability of high performance computers, there has been 

some significant progress in the study of ionic conductors. In this thesis, we studied 

two types of fast ionic conductors: oxygen ionic conductors and lithium ionic 

conductors. 

 

1.1.1. Oxygen ionic conductors 

Fast oxygen ionic conductor materials have important technological 

applications in electrochemical devices such as solid oxide fuel cells (SOFCs), 

oxygen separation membranes and sensors. For example, increasing the oxygen ionic 

conductivity is critical for increasing the power density and lowering the operational 

temperature of SOFCs.10 Over the past decades, significant research efforts have been 

dedicated to the development of fast oxygen ion conductor materials.11  

Recently, sodium bismuth titanate, Na0.5Bi0.5TiO3 (NBT), a known 

piezoelectric material, was reported as a new family of oxygen ionic conductor by Li 

et al.12 In the prior experimental study12, the NBT material with Mg doping, 

Na0.5Bi0.49Ti0.98Mg0.02O2.965, has achieved an oxygen conductivity of 8 mS/cm at 600 

°C,12 which is comparable to other well-known oxygen ion conductor materials, such 

as La0.9Sr01Ga0.9Mg0.1O2.9 13 and Ce0.9Gd0.1O1.95 14. The fast oxygen ion diffusion of 

the NBT is attributed to the high polarizability of Bi3+ cations and is mediated by 

oxygen vacancies,12 which are introduced by changing the NBT compositions 
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through Bi deficiency and/or Mg doping12,15. As a newly reported oxygen conductor, 

this NBT material may potentially achieve an even higher oxygen-ion conductivity.  

Further improvement of the NBT ionic conductor materials requires the 

understanding of oxygen diffusion mechanisms in the perovskite crystal structures of 

the NBT material. The Mg doping has been the only doping methods demonstrated 

for the NBT material,12 and the doping of other elements is still to be explored. In 

particular, the doping at the Na/Bi sites instead of the Ti-site substitutions have not 

been investigated. Given that the off-stoichiometry of the Na and Bi sites of the 

perovskites have shown to greatly impact the oxygen diffusion,12,15 it is of great 

interests to understand how the atomic configurations of Na and Bi cations and their 

substitutions affect the atomistic mechanisms of O diffusion. It has been shown in 

other perovskite materials such as Gd0.5Ba0.5MO3-δ (M=Mn, Co)16-18 and 

PrBaCo2O5+x
19 that the cation ordering increases oxygen ionic conductivity. 

Therefore, gaining the materials insights in the NBT materials are critical for the 

design and development of this new family of oxygen ion conductors. 

 

1.1.2. Lithium ionic conductors 

Lithium super-ionic conductors (SICs), including Li10GeP2S12 (LGPS)20, 

Li7P3S11
21, lithium garnet (e.g., Li7La3Zr2O12

22,23), and Li+-conducting NASICON 

(e.g., Li1.3Al0.3Ti1.7(PO4)3
24), achieve high Li ionic conductivity, ~1–10 mS cm−1 at 

room temperature (RT), and low activation energy, ~0.2–0.3 eV. These materials are 
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promising solid electrolytes for the development of next-generation all-solid-state Li-

ion batteries, which provide improved safety, higher energy density, and better 

thermal stability than current organic electrolyte-based Li-ion batteries9,20,25,26. 

Despite significant research efforts, only a few materials out of tens of thousands of 

known inorganic materials have been identified as SICs. It is of great scientific 

interests to understand why these SICs can achieve several orders of magnitude faster 

ionic diffusion than other solid materials and to enable a rationally guided materials 

design strategy for fast ion conductors. 

 

Fig. 1.1. Crystal structures of lithium super-ionic conductors, Li10GeP2S12, Li7P3S11,  

-Li3PS4, Li7La3Zr2O12, Li6ZnGe2O8, Li0.2La0.6TiO3, Li1.3Al0.3Ti1.7(PO4)3. Li sites 

(partially filled green spheres), Li+ diffusion channels (green bars), and polyanion 

groups (polyhedra). 
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1.1.3. Current understanding on ionic diffusion mechanism 

Current understanding of ionic diffusion in solids is based on the classical 

diffusion model, which describes ionic transport as the hopping of individual ions 

from one lattice site to another through inter-connected diffusion channels in the 

crystal structural framework2. (Fig. 1.2) The crystal structural framework determines 

the energy landscape of the ion migration. During ion diffusion, a mobile ion 

migrates through the energy landscape, and the highest energy of the energy 

landscape along the diffusion path determines the energy barrier Ea of ionic diffusion. 

A low activation energy Ea and a high concentration nc of mobile ion carriers (e.g. 

vacancies or interstitials) are required to achieve high ionic conductivity σ, which is 

proportional to nc·exp(−Ea/kBT) at temperature T.  

On the basis of this classical diffusion model, current research efforts in the 

design and discovery of fast ion conductors target materials with crystal structural 

frameworks that yield an energy landscape of low barriers. For example, the 

structural framework with body-centered cubic (bcc) anion packing yields the flattest 

energy landscape with the lowest Li+ migration barrier, e.g. ~0.2 eV in lithium-

abiding sulfides, whereas non-bcc structural frameworks such as in face-centered 

cubic or hexagonal close-packed exhibit significantly higher energy barriers26. 

Unfortunately, bcc anion packing is a rare structural feature in Li-abiding oxides and 

sulfides and among known Li SICs is only found in LGPS and Li7P3S11. Other well-
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known SICs, such as lithium garnet and NASICON, do not exhibit bcc anion packing 

but still achieve high Li+ ionic conductivity of ~1 mS cm−1 at RT.  

 

Fig. 1.2. Schematic illustration of single-ion migration in classical diffusion model in 

typical solids.  

 

Super-ionic conduction is known to be activated at high mobile ion 

concentration nc and specific mobile ion sublattice configuration achieved through 

materials doping. For example, Li garnet achieves the highest RT Li conductivity, σRT 

= ~0.1 to 1 mS cm−1 (Ea = ~0.3 eV), at 6.4–7.0 Li per formula unit in the doped, 

cubic-phase Li7La3Zr2O12 compositions23,27,28, whereas Li5La3Ta2O12 composition of 

the same crystal structural framework only exhibits σRT = ~10−3 mS cm−1 (Ea = ~0.5 
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eV)29. Li+-conducting NASICON Li1+xAlxTi2−x(PO4)3 achieves high ionic 

conductivity σRT = ~1 mS cm−1 (Ea = ~0.3 eV) at x = 0.2–0.3 24, whereas LiTi2(PO4)3 

composition has only σRT = ~10−3 mS cm−1 (Ea = ~0.45 eV)24,30. Therefore, the super-

ionic conduction in these materials is only activated at certain doped compositions 

with particular Li+ sublattice ordering. However, the classical diffusion model, which 

predicts similar migration barriers for the same crystal framework, fails to capture 

such super-ionic conduction in these materials. For example, the classical model 

cannot explain why Li+ migrations suddenly exhibit significantly lower activation 

energy barriers in the same crystal structural framework with similar energy 

landscape, as seen in doped Li garnet and NASICON. The answer to this question 

may help guide the design of SIC materials, especially those with distinctive crystal 

structural frameworks that deviate from the optimal bcc anion packing. 

 

1.2. First principles computational methods in understanding diffusion process 

Computational modeling can simulate the diffusion process at the length scale 

of nanometer and time scale of sub-nanosecond, which is not easily accessible in 

experiments. We can utilize the computational methods to conduct the fundamental 

study of the diffusion process. Compared to classical simulation methods which have 

limited choices of reliable potentials to describe the interionic interactions, first 

principles computations based on density functional theory can study and predict new 

materials with ab initio level of accuracy and chemical versatility. 
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1.2.1. Nudged elastic band calculations  

It is important in understanding diffusion process to calculate the lowest 

energy path for the migration of one or several ions from one stable configuration to 

another. The nudged elastic band (NEB) method is widely used to identify the lowest 

energy path and calculate the potential energy profile along the path. The transition 

state with maximum potential energy along the path is the saddle point, which is used 

to calculate the activation energy barrier of the migration. 31  

1.2.2. Ab initio molecular dynamics simulations 

Ab initio molecular dynamics (AIMD) simulation, as a powerful modeling 

technique, has been recently applied to a wide range of research topics in chemistry 

and materials science 32-35. AIMD simulations are carried out using the potential 

energy surface and atomistic forces calculated from ab initio methods such as density 

functional theory (DFT), and model the dynamics of atomistic systems with ab initio 

level of accuracy and chemical versatility, which are lacking in classical molecular 

dynamics (MD) simulations based on the interatomic potentials (a.k.a. force fields). 

Therefore, AIMD simulation is the method of choice for studying the dynamics of 

atoms with complex chemistry changes and the materials that cannot be described by 

available interatomic potentials. AIMD simulations have been successfully 

demonstrated in studying diffusional properties 36-40, reaction processes 41,42, 

vibrational frequency 43-45, amorphous materials 46-48, phase transition 49, etc.  
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 Mo et al.36  pioneered the application of AIMD simulations for studying ionic 

diffusion in lithium ionic conductor materials, such as Li10GeP2S12. Since then, 

AIMD simulation has been widely adopted as a standard technique for studying fast 

ionic conductor materials with a wide range of mobile species (e.g., Li+, Na+, Mg2+, 

O2-) 37,38,50-54. AIMD simulations model the real-time dynamics of atoms with a 

femtosecond-scale time resolution, which is difficult to directly obtain from 

experimental characterizations or from other computational methods. AIMD 

simulation technique has achieved great successes in identifying diffusion mechanism 

at the atomistic scale and in quantifying the diffusional properties. 

Major advantages of AIMD simulation are that the diffusion events, i.e., 

atom/ion hops, in the materials are directly observed from the dynamics and 

trajectory of atoms and that specific diffusion mechanism is not presumed as 

calculation input. For example, recent AIMD simulations identified that the diffusion 

mechanism in lithium super-ionic conductors, such as thio-LISICON 40,55 and lithium 

garnet 40,56,57, is a concerted migration of multiple ions rather than isolated ion 

hopping. AIMD simulations played unique roles in uncovering and identifying these 

concerted migration mechanisms, whereas isolated ion hopping is often assumed for 

NEB calculations. In addition, AIMD simulations sample the statistical contributions 

of all diffusional events and obtain the diffusional properties such as diffusivity and 

ionic conductivity from the collective contributions of all different diffusion modes. 

In addition, performing AIMD simulations at different temperatures obtains the 
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Arrhenius relation of diffusivity and ionic conductivity including the pre-factor and 

overall activation energy, similar to experimental measurements.  

 

1.3. Dissertation overview 

This dissertation consists of six chapters. 

Chapter 1 gives an introduction about fast ionic conductors, their applications, 

and first principles computation methods for studying ionic conduction used in this 

thesis. 

Chapter 2 presents our established procedure of using  AIMD simulations to 

quantify diffusivity and ionic conductivity from the AIMD simulations with minimal 

errors and quantified statistical uncertainties.  

Chapter 3 presents a systematical first principles computational study on an 

oxygen ionic conductor, Na0.5Bi0.5TiO3 to understand the diffusion mechanism and to 

design the materials with higher ionic conductivity. 

Chapter 4 presents our fundamental understanding on the fast ionic diffusion 

mechanisms in super-ionic conductors. We demonstrate that the concerted migration 

mechanism with low energy barrier is the general phenomenom in a broad range of 

ionic conducting materials. We propose and demonstrate new strategies to design new 

fast ion-conducting materials.  

Chapter 5 presents our quantitative analysis on the crystal structural 

frameworks of fast Li ionic conductors. We performed a high-throughput screening of 
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all lithium-containing oxide and sulfide compounds from inorganic crystal structure 

database (ICSD) to discover new crystal structural framework for fast ionic 

conductors. 

Finally, we conclude in Chapter 6 with major conclusions of this dissertation 

and potential future research topics. 
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Chapter 2: Diffusional properties from ab initio molecular 

dynamics simulations2 

2.1. Introduction 

Despite ab initio accuracy and chemical versatility, ab initio calculations 

require high computational expenses, which limit the accessible length scale and 

timescale of AIMD simulations. The small system size and short physical time scale 

are the major shortcomings of AIMD simulations compared to classical MD 

simulations 58,59. Even on the state-of-the-art supercomputing facilities, typical AIMD 

simulations are limited to a system size of a few hundred atoms and a total physical 

time duration of tens to thousands of picoseconds. As a result, a limited number of 

diffusion events, i.e., ion hops, are observed during an AIMD simulation. The limited 

sampling of diffusion events may lead to significant statistical variances in calculated 

diffusional properties or even to erroneous values if only a few ion hops were 

sampled.  

As AIMD simulation has become a widely used technique in studying 

diffusion mechanisms and in quantifying diffusional properties of materials, the 

procedures for applying AIMD simulations to extract diffusional properties need to 

be systematically established.  

                                                 

2 This chapter has been published in  

X. He, Y. Zhu, A. Epstein and Y. Mo. “Statistical Variances of Diffusional Properties from Ab Initio Molecular 

Dynamics Simulations.” NPJ Computational Materials, (2018), 4: 18. 
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First, the fitting procedure of AIMD simulation results requires a number of 

steps and parameters (2.2.1–2.2.3). Currently, every study and research group choose 

their own tested parameters, which may significantly impact obtained diffusional 

properties as we show in this chapter (2.2.4–2.2.6), but the choice of these parameters 

have not been discussed.  

Second, most previous studies correlated the error bar and statistical 

uncertainty of diffusivity to the goodness of linear fitting to the Einstein relation. 

However, as we show in this chapter (section 2.2.7), the goodness of linear fitting to 

the Einstein relation does not necessarily capture the true statistical variance of fitted 

diffusivity. Instead, the statistical variance and uncertainty of fitted diffusivity should 

be a direct consequence of the limited observation of diffusion events (i.e., ion hops) 

during the MD simulation. In the literature, several studies estimated the errors in the 

fitted diffusivity from single-particle tracking 60-63, classical MD simulations 64 and 

kinetic Monte Carlo simulations 65. However, these studies, which are developed and 

tested for systems and measurements with a significantly larger number of diffusion 

events than typical AIMD simulations, are not ideal for analyzing errors from AIMD 

simulations, where the total number of diffusion events are small.  

Third, a significant number of diffusion events should be captured to quantify 

the diffusion with statistical validity. However, in many studies, the AIMD 

simulations only capture and sample ion diffusion from a few ion hops with a total 

mean-squared displacement of a few Angstrom2. The diffusion properties from such 
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poor sampling of ion hops may have low statistical confidence. The limitation of 

AIMD simulations should be quantified and charted out.  

In summary, the following three problems of using AIMD simulations to 

study diffusional properties need to be addressed:  

1) How to properly extract diffusional properties from the dynamics of atoms with 

minimal errors? 

2) How to quantify the statistical variances of diffusional properties extracted from 

AIMD simulations?  

3) What are the accessible ranges of materials properties and physical conditions for 

typical AIMD simulations in studying diffusion?  

The aim of this chapter is to resolve the aforementioned problems and to 

establish a systematic procedure for quantifying diffusional properties and their 

statistical variances from AIMD simulations. In 2.2.1–2.2.4, we examine and 

establish the proper procedure to extract diffusivity D from the atomic trajectory of 

AIMD simulations. In 2.2.5, we illustrate the origin and the functional dependence of 

the statistical variance of the diffusivity D. In 2.2.6, we estimate the proper 

temperature range for AIMD simulations to obtain D with reasonable accuracy. In 

2.2.7, we estimate the errors of activation energy and ionic conductivity from the 

Arrhenius relation for typical super-ionic conductor materials.  
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2.2. Results and discussion 

2.2.1. Quantifying diffusivity, ionic conductivity and activation energy from AIMD 

simulations 

The diffusional properties are calculated from the trajectory of ions (or atoms) 

𝒓𝑖(𝑡) from AIMD simulations. The displacement 𝒓𝑖 of ion i from time t1 to t2 can be 

calculated as   

∆𝒓𝑖(∆𝑡) = 𝒓𝑖(𝑡2) − 𝒓𝑖(𝑡1),  where ∆𝑡 = 𝑡2 − 𝑡1.   (2.1) 

The total squared displacement sums up the squared displacement of all mobile ions, 

∑ (|∆𝒓𝑖(∆𝑡)|2)𝑁
𝑖=1 , and describes the movement of all N mobile ions over a time 

interval t. During AIMD simulations over a total time duration ttot, there are many 

(Nt) time intervals with the same duration t (t < ttot) but with different starting 

time t. Since the displacement of ions over t reflects the mobility of ions, the total 

mean squared displacement (TMSD) for all diffusional ions over time interval t is 

calculated as 

𝑇𝑀𝑆𝐷(∆𝑡) = ∑ (|∆𝒓𝑖(∆𝑡)|2)𝑁
𝑖=1 = ∑

1

𝑁∆𝑡
∑ |𝒓𝑖( 𝑡 + ∆𝑡) − 𝒓𝑖(𝑡)|2𝑡𝑡𝑜𝑡−∆𝑡

𝑡=0
𝑁
𝑖=1         (2.2) 

by averaging over a total of Nt time intervals with the same duration t. This 

averaging over different Nt time intervals provides essential ensemble sampling to 

obtain more accurate diffusional properties. To estimate the diffusivity of the mobile-

ion species, the mean-squared displacement (MSD) over time interval t is calculated 

as the TMSD per mobile ion:  
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𝑀𝑆𝐷(∆𝑡) =
1

𝑁
𝑇𝑀𝑆𝐷(∆𝑡).     (2.3) 

N is the number of ions that are assumed to be the mobile carriers contributing to 

diffusion.  

In general, the dependence of MSD over time interval t follows a linear 

relationship if a large amount of diffusional displacement is captured during the MD 

simulation. The diffusivity of these ions is calculated as the slope of the MSD over 

time interval t according to the Einstein relation:  

𝐷 =
𝑀𝑆𝐷(∆𝑡)

2𝑑∆𝑡
+ 𝐷offset ,       (2.4) 

where d = 3 is the dimension of the system, and the offset Doffset of this linear 

dependence is discussed in later sections. This calculated diffusivity D is the tracer 

diffusivity of the mobile-ion species and is an intrinsic property of the material at the 

given condition.   

From the diffusivity D, the ionic conductivity is calculated based on the 

Nernst-Einstein relation: 

𝜎 =
𝑁𝑞2

𝑉𝑘𝑇
𝐷,      (2.5) 

where V is the total volume of the model system, q is the charge of the mobile-ion 

species, T is the temperature, and k is the Boltzmann constant. By combining Eq. 

(2.3–2.5), the ionic conductivity is directly determined by TMSD(t)/t:  

𝜎 =
𝑞2

𝑉𝑘𝑇

𝑇𝑀𝑆𝐷(∆𝑡)

2𝑑∆𝑡
 .     (2.6) 
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The ionic conductivity and TMSD calculated in Eq. (2.6) are independent of the 

specific choice of the diffusion carrier, such as vacancy or interstitial. In comparison, 

the diffusivity D can be calculated for specific carriers, e.g. Li+ or vacancy, by 

normalizing the specific number of carriers in Eq. (2.3). The choice and counting of 

mobile carriers do not affect the calculated ionic conductivity from Eq. (2.6). 

Therefore, the use of conductivity and TMSD is more straightforward in describing 

the overall diffusion that occurred during the AIMD simulations.  

In addition, the Nernst-Einstein relation (Eq. (2.5)) assumes dilute, non-

interacting mobile ions in the materials systems. However, recent AIMD simulation 

studies have shown the strong correlation of the ionic diffusion in fast ionic 

conductors 40,55-57,66-68. The Haven ratio is often used to describe the correlation 

factor, and can be quantified by the ratio of the jump diffusion coefficient DJ against 

the tracer diffusivity D calculated from Eq. (2.4) 69-71. The jump diffusion coefficient 

DJ, which describes the collective migration of all ions, is estimated from the MSD of 

the mass center of all mobile ions. However, our analysis found that tracking the 

displacement of the single center point exhibits higher statistical variance. In this 

chpater, the scheme for estimating statistical variance is developed for tracer 

diffusivity D in Eq. (2.5-2.6), but a similar scheme can be applied and developed for 

analyzing the variance of DJ.      

As in the experiments 20,22,72,73, AIMD simulations can be performed at multiple 

temperatures to obtain the Arrhenius relation of D as a function of T: 

𝐷 = 𝐷0exp (−
𝐸𝑎

𝑘𝑇
).      (2.7) 
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The activation energy Ea of ion diffusion can be obtained through fitting the data of 

log D versus 1/T to the Arrhenius relationship (Eq. (2.7)). The fitted Arrhenius 

relationship can be used to extrapolate the diffusivity D and conductivity  to other 

temperatures. It should be noted that, by extrapolating this Arrhenius relation to other 

temperatures, the identical diffusion mechanism is assumed at those extrapolated 

temperatures.  

 

2.2.2. Regions of MSD-∆t dependence  

Fig. 2.1 shows a typical MSD-t curve from AIMD simulations of the Li-ion 

superionic conductor LATP. The linear MSD-t dependence as described in the 

Einstein relationship (Eq. (4)) only holds within a certain range of time intervals t, 

and a notable fraction of this dependence is not linear. The MSD-t curve at short 

time interval t < 0.1 ps follows 𝑀𝑆𝐷 ∝ 𝑡1.42, which is consistent with the local 

harmonic vibration motion model as shown in the Figure 2.3. This portion of the 

MSD-t curve is named the ballistic region, corresponding to the ballistic and 

vibrational motion of Li ions around their local equilibrium sites rather than Li-ion 

hopping to new sites 64,74. More details of this ballistic region are discussed in the 

next section.  
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Fig. 2.1. MSD of Li+ as a function of t in LATP from an AIMD simulation over 200 

ps at 1200 K. The linear 𝑀𝑆𝐷 ∝ ∆𝑡 dependence (red dash line) corresponds to 

diffusional displacement. The 𝑀𝑆𝐷 ∝ ∆𝑡1.42 dependence (blue dash line) shows the 

behavior for the local vibrational motion of ions. (Inset) the MSD-t curve at < 0.1ps 

in linear-scale axes. 

 

In t range of 10 to 100 ps, the MSD-t curve follows 𝑀𝑆𝐷 ∝ 𝑡, the linear 

Einstein relationship for diffusional displacement. However, when t reaches a large 

fraction of ttot ( >100 ps in the case of Fig. 2.1), the MSD-t curve shows notable 
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variance and deviation from the linear relationship. This deviation is a result of poor 

statistics for large t values, as values that are comparable to ttot result in averaging a 

smaller number of time intervals Nt in Eq. (2.2) than would be averaged for small t 

values that are a small fraction of ttot. The effect of this deviation is quantified in the 

next section.  

Given that the linear MSD-t dependence only holds at certain t range, one 

should not utilize the entire MSD-t curve to fit the Einstein relation (Eq. (2.4)) and 

to deduce the diffusivity. The ballistic region at short times intervals and the poor 

statistical region at large time intervals should be excluded from fitting diffusivity. 

The linear fitting of MSD-t curve should be performed in a range [tlow, tup], where 

tlow and tup are the lower and upper bound, respectively. In last sections, we 

establish the procedures to determine the bounds tlow and tup for the linear fitting of 

MSD-t in order to minimize the errors caused by improper fitting to the Einstein 

relation. 

2.2.3. Lower bound of linear diffusion region 

In Fig. 2.2, the local derivative dMSD/dt calculated using a finite difference 

method shows the transition from the ballistic region to the linear region and is used 

to determine the lower fitting bound tlow. The derivative dMSD/dt has a large value 

at small t values (< 0.2 ps), and decreases significantly as t increases. The MSD-t 

curve becomes linear at t > ~1 ps, and the value of dMSD/dt reaches a plateau 
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value of ~3 Å2/ps. In the case of Fig. 2.2, the cut-off of the ballistic region (black 

dotted line in Fig. 2.2) is at an MSD value of ~5 Å2. An MSD of 5 Å2 is 

approximately 0.5a2, where a is the distance between two neighboring Li sites and is 

3.2 Å in LATP, which is typical of Li ionic conductors. The ballistic region has the 

MSD cut-off at a fraction of a2 because the local vibration of Li ions on their 

equilibrium sites is confined within the potential well between two nearby sites. This 

local vibrational displacement at small t < tlow does not represent the ionic 

diffusion from site to site, and should be excluded from the linear fitting for D.  
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Fig. 2.2. MSD (black) of Li+ and dMSD/dt (red) as a function of t from the AIMD 

simulation of LATP in Fig. 2.1.  The black dotted line illustrates the cut-off of the 

ballistic region. 

 

One may identify the specific range of the ballistic region and the precise 

lower fitting bound tlow for each individual AIMD simulation of different materials 

systems at different temperatures using the same procedure shown in Fig. 2.1 and 2.2.  

The cut-off values of t (i.e., tlow) and MSD for the ballistic region are dependent on 

the temperatures and the materials, which yield different potential energy surfaces 

near the equilibrium sites. In general, the displacement of local vibration is within a 



 

 

23 

 

fraction of site distance a, so the ballistic region corresponds to the MSD ranging 

from 0 to a fraction of a2 (Fig. 2.3). Therefore, we propose to quantify the cut-off 

values of t, i.e., tlow, by defining the cut-off in MSD using the value of a fraction of 

a2 (e.g. 0.5 a2).  As a safer measure for lower fitting bound (i.e., tlow), the entire 

region with MSD less than this cut-off based on a2 may be excluded.  

 

Fig. 2.3. Harmonic motion model.  (a) The MSD as a function of ∆t for simple 

harmonic vibration, and (b) MSD-∆t curve at 0 < ∆t < 500 gives a dependence of 

∆𝑡1.42. 

 

 The linear fitting to Einstein relation should only be performed on the linear 

region corresponding to diffusional displacement. Otherwise, a part of ballistic 

motion would be included into the fitting for D, leading to an over-estimation of D. 

This over-estimation of D would be pronounced for the MSD-t curves with small 

values of the maximum MSD (~a few Å2), due to a significant fraction of ballistic 

motion mixed into the MSD-t curve. Therefore, AIMD simulation should be long 
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enough to have the MSD per mobile ion larger than a few a2, so that the ballistic 

region (and tlow) can be distinguished and separated from the linear fitting for D.  

 

2.2.4. Upper bound of linear diffusion region 

The upper fitting bound tup is determined by the transition from the linear 

diffusion region to the region at large t with large variance and deviation. Ten 

different MSD-t curves from AIMD simulations of the same LATP structure model 

at 1200 K over 50 ps (Fig. 2.4a) were obtained by dividing a total AIMD simulation 

over 500 ps into ten non-overlapping parts. The significant deviations from the linear 

dependence of these ten MSD-t curves are typically observed at large values of t, 

i.e., > 25 ps in Fig. 2.3 or >~50% of ttot. At large t, a smaller number of time 

intervals Nt is averaged in Eq. (2.2) and many of these t intervals overlap other 

intervals that contain physically identical trajectories of ions, thus leading to larger 

deviation from the linear MSD-t relation. Therefore, the linear fitting for D should 

be performed below the upper bound tup of the linear diffusion region.  
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Fig. 2.4. Variances of MSD-t curves. (a) MSD-t curves from ten different AIMD 

simulations of the same LATP structure model over 50 ps at 1200 K. Each curve 

represents an independent AIMD simulation over 50ps (ttot = 50 ps). (b) Goodness of 

linear fit R2 of MSD-t curves using different upper fitting bound. The values and 

error bars of R2 are the average and the standard deviation, respectively, from ten 

AIMD simulations.  

 

To determine the upper fitting bound tup, we fitted these MSD-t curves to 

the Einstein relation (Eq. (2.4)) with different tup values ranging from 10% to 100% 

of ttot. For the fitting of each curve, the value of R2 in the linear regression was 

calculated to evaluate the goodness of fitting. The average and standard deviation of 

R2 values over these 10 curves are shown in Fig. 2.4b. At tup ≤ 0.3ttot, all values of 

R2 are very close to 1, showing good linearity of MSD-t curves at small t. At tup > 

0.7ttot, R2 values decrease significantly from 1, indicating poor linearity of MSD-t 
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curves at large t, and the standard deviation of R2 also increases. Therefore, one 

should only fit the linear region of MSD-t below an upper fitting bound of < 0.7ttot. 

By performing the same test on other fast ion conductor materials, such as LGPS and 

LLZO at a few different temperatures, we found this tup < 0.7ttot to be generally 

applicable (Fig. 2.5). As the optimal tup values may depend on the material (the 

mobile ions) and temperatures, for unique systems one may use this scheme to 

determine the specific tup values.  

Within properly determined lower and upper fitting bounds, the goodness of 

fitting to the MSD-t curve would always be good. Therefore, the goodness of fitting 

itself does not reflect the statistical variance in the fitted D, the slope of the MSD-t 

curve, and is different among different AIMD simulations for the same materials 

model (Fig. 2.4a). The changes in the slopes of MSD-t curves below tup reflect the 

statistical variances in the fitted diffusivity D from different runs of AIMD 

simulations, which are quantified and analyzed in the next section.  
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Fig. 2.5. Upper fitting bound analysis of LGPS and LLZO. (a-d) MSD-t curves 

from several different AIMD simulations of the same LGPS (a-b) and LLZO (c-d) at 

900 K (a, c) and 1200 K (b, d). Each curve represents an independent AIMD 

simulation. (e-h) Goodness of linear fit R2 of MSD-t curves for LGPS (e-f) and 

LLZO (g-h) at 900 K (e, g) and 1200 K (f, h) using different upper fitting bounds. 

The values and error bars of R2 are the average and the standard deviation, 

respectively, from a number of AIMD simulations. 
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2.2.5. Statistical variance of diffusivity and conductivity 

In Fig. 2.4a, the diffusivities, i.e. the slopes of different MSD-t curves, 

exhibit significant variance among different AIMD simulations of the exact same 

material model. The variance among the fitted diffusivities D are a result of the 

stochastic nature of the diffusion process, which causes different numbers of ion hops 

during AIMD simulations with different initial conditions.  

In this section, we quantify the statistical variance of the fitted diffusivity D 

from AIMD simulations. The statistics were calculated based on a set of MD 

simulations that were created by dividing a long MD simulation into several non-

overlapping shorter MD simulations, each of which was treated as an individual MD 

simulation. Following our established fitting procedure, the value of D was extracted 

from each MD simulation. The standard deviation of D, sD, was calculated from the 

set of fitted D values. The relative standard deviation (RSD) of D was calculated as 

sD/Dtrue, where the true value of the diffusivity Dtrue is calculated from the longest 

available MD simulation. Since more ion hops improve the sampling of the 

diffusional property, we found that the RSD of D decreases with the total effective 

ion hops Neff as  

𝑆𝐷

𝐷true
=

𝐴

√𝑁eff
+ 𝐵 .      (2.8) 
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Neff is calculated as 

𝑁eff =
max

∆𝑡
[𝑇𝑀𝑆𝐷(∆𝑡)]

𝑎2
 ,      (2.9) 

where max
∆𝑡

[𝑇𝑀𝑆𝐷(∆𝑡)] is the maximum value of TMSD over the entire MSD-∆t 

curve. Neff can be considered as the effective number of ion hops that contributed to 

the TMSD of all mobile ions in the entire duration of the MD simulation. The value of 

a is 2.4, 3.2, 2.8, 3.4 Å for LLZO, LATP, LGPS, RbAg4I5, respectively, as averaged 

distance between neighboring mobile-ion sites. For all materials in Fig. 2.6, the 

values of A and B are fitted as 3.43 and 0.04, respectively. As shown in Fig. 2.6, Eq. 

(2.8) and its parameters are general for ionic conductor materials and also hold for a 

classical MD simulation of LLZO over much longer time duration with a large 

number of ion hops (Fig. 2.6b).  
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Fig. 2.6. Relative standard deviation (RSD) of D, sD/Dtrue, as a function of total 

effective hops Neff of the mobile ion (Li+ or Ag+). Red line is the fitted relationship 

between RSD of D and the total effective ion hops Neff.  

 

Eq. (2.8) can be used to estimate the statistical variance of D calculated from 

any given AIMD simulation, where the number of total effective ion hops Neff can be 

first estimated from the maximum TMSD of all mobile ions using Eq. (2.9). For 
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example, in a material with site distance a = 3 Å (assumed for all following 

estimations), an AIMD simulation that reaches a maximum TMSD of 1800 Å2, 

corresponding to Neff = ~200, results in an RSD of D of ~28%. In addition, since the 

diffusivity D and ionic conductivity  are linearly dependent (Eq. (2.5)), the RSD of 

 is equivalent to the RSD of D. Thus, Eq. (2.8) is also valid for estimating the RSD 

of ionic conductivity  from AIMD simulations.  

This result suggests that in order to obtain more accurate diffusivity from 

AIMD simulations, one should run longer MD simulations that sample more diffusion 

events, i.e., have larger Neff. For AIMD simulations with an estimated Neff of 50, 100, 

and 150, corresponding to max(TMSD) of 450, 900, and 1350 Å2, respectively, RSD 

of D is 52%, 38%, and 32%, respectively. These levels of RSD are reasonable, but 

still allow for a notable statistical error of the fitted D. To obtain D with <20% RSD, 

the AIMD simulation should observe more than max(TMSD) of ~4150 Å2 (Neff 

=~460). The RSD is reduced to ~10% for Neff = 3200 and max(TMSD) = ~30000 Å2. 

It should be noted that Neff and TMSD are from all mobile ions, while only MSD per 

ion is often presented in the literature. A max(TMSD) of a few thousand Å2 is quite 

significant for typical AIMD simulations within 1 ns and can only be reached in fast 

ion conductors at relatively high temperatures. In addition to running longer MD 

simulations, running MD simulations on larger systems with more mobile ions, for 

example as is done in classical MD simulations, can achieve more effective ion hops 

Neff  and hence less statistical variance in D and . 
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2.2.6. Accessible range of diffusivity, activation energy, and temperature 

Given the short physical time duration of 100 ps to 1 ns in typical AIMD 

simulations, AIMD simulations of materials with large activation energy Ea or at low 

temperature T may not observe enough number of ion hops. In order to achieve a 

reasonable accuracy of the fitted D, AIMD simulations may only be applicable to 

materials with relatively high ionic conductivity. Given the high computational costs 

of AIMD simulations, it is often desired to pre-estimate the range of temperatures that 

can be performed for a given material (with an estimated Ea). The accessible ranges 

of T at a given Ea can be estimated as follows. The estimation here assumes an AIMD 

simulation over a total physical time duration of 1 ns and a supercell with a volume V 

of 1000 Å3 (i.e., 10Å10Å10Å) with N=20 mobile ions and a site distance a = 3 Å. 

In order to achieve < 50% RSD of D and , Neff should be >55 according to Eq. (2.8).  

For this RSD limit, the ionic conductivity should be >0.025 S/cm at 600 K to achieve 

Neff > 55 over 1 ns (Eq. (2.4) and (2.5)). This ionic conductivity corresponds to a Li+ 

diffusivity of ~4.210–7 cm2/s (Eq. (2.5)) for the assumed supercell model. For the 

materials supercell with different size V or different number of mobile carriers N, the 

accessible range of diffusivity can be estimated in the same way using Eq. (2.5-2.8). 

In general, a minimum diffusivity of ~10-7 cm2/s is accessible by the AIMD 

simulations with typical size (~1 nm3) and time duration (~1 ns), in order to have a 

reasonable number of effective ion hops (Neff > 50).  
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Fig. 2.7. Diffusivity D as a function of activation energy Ea and temperature T for a 

typical ionic conductor with assumed site distance a = 3 Å and an attempting 

frequency  = 1012 Hz.  

 

Figure 2.7 shows a plot of D as a function of Ea and T estimated from the 

transition state theory  

𝐷 = 𝑎2𝑣∗ exp (−
𝐸𝑎

𝑘𝑇
),      (2.10) 

where 𝑣∗ is the attempting jump frequency and is chosen to be 1012 Hz, a is the 

neighboring-site distance, and k is the Boltzmann constant. The geometric factor and 

correlation factor, which also affect the value of D, were neglected in this back-of-



 

 

34 

 

the-envelope estimation. This plot can be used to estimate the range of Ea and T 

accessible to typical AIMD simulations. In the same example model above, a 

minimum diffusivity of ~510–7 cm2/s is needed to achieve an RSD of ~50% within 1 

ns. The highest Ea and lowest temperatures to have the desired D value can be read 

from this plot (Fig. 2.7). For materials with an Ea of 0.6 eV, as in some cathode 

materials, AIMD simulations below 900 K may not observe enough ion hops and the 

fitted D would have a large error. For super ionic conductors with an Ea of 0.20 eV or 

lower, the temperature accessible by AIMD simulations may go as low as 300 K.  

In addition, this plot can be used to determine the appropriate temperatures for 

AIMD simulations to obtain D with reasonable accuracy. For example, in order to 

achieve a desired RSD of ~20%, a maximum TMSD of 4150 Å2 over 1 ns is needed 

(Eq. (2.7–2.8)), and this maximum TMSD corresponds to a minimum diffusivity of 

~310–6 cm2/s (Eq. (2.5)) in the same example material model. To achieve that 

diffusivity, AIMD simulations of a material with Ea of 0.2 eV need to be at above 450 

K (Fig. 2.7). An ionic conductor with Ea of 0.3 eV should have AIMD simulations 

above 700 K to achieve similar accuracy (RSD =~20%). An AIMD simulation at 

>1150K is needed for an ionic conductor with Ea of 0.5 eV. Therefore, for materials 

with slow diffusion, long AIMD simulations at high temperatures are essential to 

obtain D with low statistical uncertainty. In general, AIMD simulations containing a 

significant number of ion hops are crucial for achieving small error bounds and a high 

confidence level in the fitted D.  
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2.2.7. Estimating errors of diffusional properties from Arrhenius relation 

 

Fig. 2.8. Arrhenius plot of Li+ diffusivity D as a function of temperature T in 

Li1.33Ti1.67Al0.33(PO4)3 (LATP), Li10GeP2S12 (LGPS) and Li7La3Zr2O12 (LLZO) from 

AIMD simulations. The error bar is the statistical uncertainty of each diffusivity data 

point estimated from Eq. (2.7–2.9).  

 

Given the statistical uncertainty of fitted D, it is crucial to include the 

statistical uncertainty of every D data point into the fitting of Arrhenius relation. In 

particular, the data points from the simulations at lower temperatures or over shorter 

durations may have a significantly smaller number of ion hops and thus a higher 

uncertainty, and this uncertainty should be taken into account during the fitting. The 
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data points in Fig. 2.8 indeed show significantly larger variance at lower 

temperatures. Therefore, these lower-temperature data points should have less weight 

in the fitting. As a common practice in linear regression, the inverse square of the 

standard deviation of log(D) is factored into the fitting as the weight of each data 

point to account for the statistical uncertainty 75. Given that the fitting of the 

Arrhenius relationship is usually performed as a linear fitting of log(D) and 1/T, the 

derived standard deviation of log(D) shall be used as the weight on each point (as 

shown as error bars in Fig. 2.8) for the linear fitting . Therefore, the error bounds and 

statistical intervals of Ea and D0 in the Arrhenius relation (Eq. (2.7)) can be obtained 

using standard error analysis for linear regression, and so are also the errors for 

diffusivity and conductivity when extrapolated to other temperatures.  

 

Table 2.1. Activation energy Ea and extrapolated Li+ conductivity  at 300 K from 

fitted Arrhenius relation.  

Composition Ea (eV) 
 at 300 K 

(mS cm-1) 

Error bound 

[min, max] 

(mS cm-1) 

Li1.33Ti1.67Al0.33(PO4)3 0.25 ± 0.02 1.2 [0.5, 2.5] 

Li10GeP2S12 0.21 ± 0.01 14.2 [8.1, 25.0] 

Li7La3Zr2O12 0.26 ± 0.02 1.1 [0.5, 2.1] 

 

Table 2.1 shows the error bounds of the activation energy Ea and ionic 

conductivity  extrapolated to 300 K for LATP, LGPS and LLZO Li-ion conductors. 

Ea and extrapolated  at 300 K agree well with experimental values, showing the 
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capability of AIMD simulations for quantifying diffusional properties.20,22,24,76 For all 

three materials, the Ea has a standard deviation of ~0.02 eV, and the extrapolated  at 

300 K has the error bound within 1-2 orders of magnitude. It should be noted that 

extrapolated conductivity (i.e. room temperature conductivity) assumes that there is 

no change in the slope of the Arrhenius relation due to a phase change. While 

excellent agreement of AIMD simulations and experiments is widely reported, one 

should note that the statistical uncertainty of extrapolated  at 300 K can be as large 

as an order of magnitude for typical AIMD simulations. The errors in Ea and   may 

be larger for AIMD simulations over shorter duration or on slower ion conductors, 

which sample fewer diffusion events. Using short AIMD simulations, especially at 

low temperatures, would lead to significant overestimation of diffusivity and, in 

particular, the RT conductivity.  

In addition, the errors of Ea and extrapolated  also depend on the number of 

data points and the linearity of the relationship according to the error analyses of 

linear regression 75. To minimize the error of Ea and extrapolated , more data points 

are helpful. For example, the error of Ea and  may increase significantly if some data 

points are omitted for the LGPS data in Fig. 2.8, leading to more deviations from the 

experimental values. Therefore, having more data points of D (from sufficiently long 

AIMD simulations) would lead to smaller error and less statistical uncertainty for 

fitted diffusional properties.  
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2.2.8. Discussion 

In this chapter, we systematically test and establish the procedures to obtain 

the diffusional properties and their statistical variances from AIMD simulations. Only 

the linear region of the MSD-t curve within the lower and upper fitting bound tlow 

and tup, which corresponds to diffusional displacements, should be used to fit the 

diffusivity. The cut-off of the ballistic region, tlow, is at the MSD per mobile ion of 

less than a fraction of a2 (a is the distance between neighboring mobile-ion sites), 

since the local ballistic vibration is limited within the potential well of the equilibrium 

site. The AIMD simulation should be long enough to have the MSD per mobile ion 

larger than a few times a2 so that the distinction between the linear diffusion region 

and the ballistic region can be clearly observed. Otherwise, a part of ballistic motion 

would be mixed into the fitting, leading to the over-estimation of D. Moreover, the 

upper fitting bound tup should be set as <30%–70% of ttot to exclude the region with 

poor linearity at large t. An adequately long AIMD simulation with properly 

determined lower and upper fitting bounds is crucial to have a linear MSD-t curve 

for fitting D.  

If the proper procedure is followed to determine the linear diffusion region of 

the MSD-t curve, the goodness of fitting to the MSD-t curve would be nearly 

perfect and would not reflect the statistical variance of the fitted diffusivity. The 

statistical variance of the fitted diffusivity and conductivity is instead a direct result of 

the total number of ion hops sampled during the MD simulations. The statistical 
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variances of D from fitting Einstein relation should be quantified by the total 

displacement TMSD using the empirically determined relation in Eq. (2.8).  

On the basis of these results, AIMD simulations should be adequately long to 

collect a sufficient number of ion hopping events. As shown in typical alkali-ion 

conductor materials, a simple rule of thumb is that a maximum TMSD of a few 

hundred Å2 is necessary to obtain a reasonable estimation of D (with ~50% RSD), 

and a maximum TMSD of a few thousand Å2 is necessary to obtain a more accurate D 

(~20–30% RSD). Given the high uncertainty of D from typical AIMD simulations, 

the error bounds of diffusivity and conductivity should be reported.  

Given the need to collect a large number of ion hops, AIMD simulation is 

more suitable for studying fast-ion-conducting materials. Likewise, it is necessary to 

perform AIMD simulations at high temperature for most materials. A minimum 

diffusivity of ~10-7 cm2/s is necessary for a material to be accessible by AIMD 

simulations and a diffusivity of ~10-5 cm2/s may allow for the calculation of a more 

accurate D. On the basis of these estimated bounds of minimum diffusivity, the 

approximate accessible temperature ranges of AIMD simulations may be estimated 

using the plot in Fig. 2.5 or using a back-of-the-envelope estimation based on the 

Arrhenius relation. For materials with a high activation energy, running AIMD 

simulations at sufficiently high temperatures is crucial for simulating an adequate 

number of ion hops.   

In addition, it is also crucial to include the statistical error bounds of each 

diffusivity data point when fitting to the Arrhenius relation (Eq. (2.7)). The error 
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bounds of D should be accounted for as a weight into the linear fitting of log(D) over 

1/T. The error of Ea and extrapolated  can be established through standard regression 

error analysis. Such error analyses indicate that the typical statistical error bounds of 

extrapolated  at 300 K may be as large as an order of magnitude, even for fast ionic 

conductors with many data points at different temperatures and with long AIMD 

simulations. One should consider the statistical variances when interpreting the 

diffusional properties calculated from AIMD simulations.  

While the results of this chapter are largely based on AIMD simulations, our 

analyses, schemes, and conclusions are applicable for diffusional studies using 

classical MD simulations. While AIMD simulations provide ab initio potential energy 

surfaces, leading to more accurate diffusion properties, classical MD simulations can 

be performed on significantly larger model systems with more mobile ions and over 

longer time scales, so more diffusional events can be observed. When the TMSD and 

total effective ion hops Neff from classical MD simulations are large, the statistical 

variances of diffusional properties are expected to be small. However, in classical 

MD simulations in which TMSD or Neff is small, which is common for systems with 

slow diffusion or at low temperatures, our scheme and analyses should be carried out 

to properly quantify diffusional properties and their statistical variances.  
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2.3. Conclusion 

In summary, the major conclusions for calculating diffusional properties from 

AIMD simulations are as follows. These conclusions also serve as specific guidelines 

for future practices.  

1) In the calculation of diffusivity, fitting to the Einstein relation (Eq. (2.4)) should 

be limited to the linear diffusion region of the MSD-t curve. This linear diffusion 

region excludes the ballistic region at MSD < ~a2 and the poor linearity region at 

large t > tup (tup < 0.7ttot).  

2) The AIMD simulations should be long enough and should only be performed on 

materials with reasonably fast diffusion so that a large number of diffusion events 

can be captured to obtain accurate diffusivity. In addition, the MSD per mobile 

ion should be larger than a few times a2 to distinguish the ballistic region (i.e., 

tlow).  

3) The statistical variance of the diffusivity should be derived from the total 

diffusional displacements (such as maximum TMSD using Eq. (2.8-2.9)) rather 

than the goodness of fitting to the Einstein relation. The statistical variance of 

fitted diffusivity values from AIMD simulations should be reported.  

4) The statistical uncertainties of each data point of diffusivity should be included 

when fitting to the Arrhenius relation. The error bounds of activation energy and 

extrapolated ionic conductivity are non-negligible and should be evaluated using 

standard regression analysis.  
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Our study establishes the proper calculation procedures and statistical error 

analyses for the correct application of AIMD simulations in estimating diffusional 

properties. The obtained knowledge and established procedures are the basis for 

quantifying diffusional properties, drawing proper conclusions from the AIMD 

simulation results, and further developing AIMD simulations.  
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Chapter 3: Materials design of Na0.5Bi0.5TiO3 oxygen ionic 

conductors3 

3.1. Introduction 

In this chapter, we establish the structure-property relationship of the NBT 

materials using first principles computation techniques, to understand the O diffusion 

mechanisms in the NBT material with different cation sublattice or with different 

doping, and to design the NBT material with improved ionic conductivity using 

newly gained materials understanding. We first investigated the phase stability and O 

diffusion mechanism of the NBT material using first principles calculations. On the 

basis of new understanding about this NBT material, we leveraged the first principles 

calculations to examine a large number of new dopants and to identify the potential 

dopants that can enhance oxygen diffusion in the NBT material. As a result, new 

NBT compositions with good phase stability were predicted offering several fold 

increases in oxygen ionic conductivity. Our study demonstrated the first principles 

calculation approach in providing materials insights into new materials systems and 

in designing materials with enhanced properties. 

 

                                                 

3 This chapter has been published in  

X. He and Y. Mo. "Accelerated materials design of Na0.5Bi0.5TiO3 oxygen ionic conductors based on first 

principles calculations." Physical Chemistry Chemical Physics, (2015), 17: 18035–18044. 
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3.2. Methods 

All density functional theory (DFT) calculations in this chapter were performed 

using the Vienna Ab initio Simulation package (VASP)77 within the projector 

augmented-wave approach.78 All total energy calculations were performed using the 

Perdew-Burke-Ernzerhof (PBE) generalized-gradient approximation (GGA) 

functional.79 The static DFT calculations were spin-polarized using the convergence 

parameters consistent with the Materials Project.80-82 

 

3.2.1. Site ordering of the NBT materials 

 
Fig. 3.1. Crystal structure of Na0.5Bi0.5Ti3O3. Na and Bi ions share the A sites and Ti 

ions occupy the B sites. The octahedral of TiO6 is shown for clarity. 

 

The Na0.5Bi0.5TiO3 (NBT) material has a perovskite crystal structure ABO3, where 

Na and Bi ions share the A sites with a disordered co-occupancy and Ti ions occupy 

the B sites (Fig. 3.1). The NBT perovskite materials have three phases, such as 

rhombohedral, tetragonal, and cubic phases.83 The cubic phase is stabilized at the 
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temperature of 520 °C or higher, and the rhombohedral phase is stabilized at the 

temperature of 255 °C or lower.83 The calculations were performed on the cubic phase 

except for the Nudge-Elastic-Band (NEB) calculations. We used (2√2 × 2√2 ×

3)R45° supercell models of the NBT cubic perovskite structure, which contain 24 

formula units of Na0.5Bi0.5TiO3 and a total of 120 atoms. We first determined the A-

site configurations of Na and Bi ions, which have disordered co-occupancy of the A 

sites in the NBT perovskite structure.  We used the pymatgen package 84 to generate a 

total of 70 symmetrically distinctive structures, of which twenty were generated by 

minimizing the electrostatic energies of the structures and the other fifty were generated 

by randomizing the disordered occupancies. All these structures were statically relaxed 

in the DFT calculations, and the structure of the lowest DFT energy was identified as 

the ground state structure for other calculations.  

 

3.2.2. Phase stability 

We evaluated the phase stability of the doped NBT compositions using the scheme 

in ref. 85-87. Computational phase diagram was constructed using the DFT data of all 

compounds in the relevant elementary spaces, e.g. Na-Bi-Ti-O, from the Materials 

Project80,87,88 and our calculation results of the NBT compositions. The concept of 

‘energy above hull’ defined in the previous studies85-87,89 was used as the measure of 

the phase stability. The energy above hull ∆E at 0 K is the negative of the reaction 

energy for the NBT composition to decompose into the predicted equilibrium phases. 
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A positive value of ∆E suggests that the corresponding phase is not thermodynamically 

stable at 0 K.  

To evaluate phase stability of doped NBT at non-zero temperatures, we defined the 

decomposition energy  

∆G = ∆E + P∆V - T∆S        

  (1) 

at temperature T. Given the purpose of comparing the stability among solid phases, the 

contribution of the P∆V term was small and was neglected as in prior studies,85-87,89. 

Given the disordering of the A-site Na/Bi cation sublattice, the A-site configurational 

entropy Sconfig is likely the dominant contribution to ∆S comparing to the 

configurational contribution of the dopants and the vibrational contribution to the 

entropy, which were neglected. On the basis of a random mixing of A-site Na and Bi 

cations at the temperatures of interests, we defined the A-site configuration entropy  

                 𝑆config = −𝑘B(𝑥 ln(𝑥) + (1 − 𝑥) ln(1 − 𝑥))    

    (2) 

where kB was Boltzmann constant, and x was the partial occupancy of Na/Bi at the A 

sites.  

 

3.2.3. Chemical stability 

We assessed the chemical stability of the NBT materials by constructing oxygen 

grand potential phase diagrams. Oxygen grand potential phase diagram85,86 provided 
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the range of oxygen chemical potential where the NBT was thermodynamically stable. 

We correlated the O chemical potential to the temperature and O2 gas partial pressure 

according to the following equation: 

𝜇𝑂(𝑇, 𝑃𝑂2
) =

1

2
[𝐸𝑂2

+ ∆𝐻(𝑇, 𝑃𝑂2

0 ) − 𝑇𝑆𝑂2
(𝑇) + 𝑘𝐵𝑇 ln (𝑃𝑂2

𝑃𝑂2

0⁄ )] − 𝜇𝑂
0  

  (3) 

where 𝐸𝑂2
 was the DFT energy of O2 molecules including a correction term of 1.36 

eV/O2 for the GGA errors determined by Wang et al.90 We used the diatomic ideal gas 

enthalpy ∆𝐻(𝑇, 𝑃𝑂2

0 ) = 7/2 𝑘𝐵𝑇  and the experimental O2 gas entropy 𝑆𝑂2
(𝑇)  at 1 

atm.91 The 1/2 term was to account for the two O atoms in the O2 molecules. The 

logarithm term described the dependence of the entropy on the oxygen partial pressure 

based on the ideal gas approximation, where 𝑃𝑂2

0  = 1 atm. In this paper, we set the 

reference 𝜇𝑂
0 =

1

2
𝐸𝑂2

, thus 𝜇𝑂 = 0 𝑒𝑉 at 0 K.  

3.2.4. Substitution and structure prediction 

To investigate the Mg doped NBT material as demonstrated in the previous 

study,12 the Mg doped structure, which corresponds to the composition 

Na0.5Bi0.5Ti0.96Mg0.04O2.96 was generated by replacing a Ti atom with Mg and by 

removing an O atom from the supercell. This composition was chosen to have a similar 

oxygen vacancy concentration as the experimental composition 

Na0.5Bi0.49Ti0.98Mg0.02O2.965. Other bivalent B2+ B-site substitutions, such as 

Na0.5Bi0.5Ti0.96B0.04O2.96, were generated in the same way. We also considered trivalent 
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B3+ substitution for B-site Ti by adding an oxygen vacancy and replacing two Ti with 

B3+ in the supercell model, which had the composition Na0.5Bi0.5Ti0.92B0.08O2.96. In 

addition, we considered A+ and A2+ substitutions for A-site Bi. The supercells of these 

A-site substituted structures had an oxygen vacancy and one or two Bi atoms replaced 

by A+ or A2+ to form the composition Na0.5A0.04Bi0.46TiO2.96 or Na0.5A0.08Bi0.42TiO2.96, 

respectively. The candidate dopants for the NBT material were suggested by the ionic 

substitution probabilistic model,92 which was built on the data mining of all known 

inorganic crystal materials. We only considered the valences of the dopants that could 

potentially create oxygen vacancies, while some of the dopants might have multiple 

possible valences. The valence states of the dopants that were not energetically 

favorable would be screened and excluded during the phase stability calculations. The 

configurations of the A-site sublattice, dopants, and oxygen vacancies were determined 

by the computation methods described in 3.2.1, and the lowest-energy structures of the 

doped NBT compositions were identified. The phase stabilities of the doped 

compositions were calculated using the method described in 3.2.2, and the doped 

compounds with good phase stability were identified.  

 

3.3. Results and discussion 

3.3.1. Phase stability of the NBT material 

We calculated and compared the DFT energy of all structures with different A-site 

Na and Bi configurations. The structure with the lowest DFT energy does not exhibit 
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any particular ordering of Na and Bi at the A sites, and a large fraction of structures 

with different disordered A-site configurations have energies within a range of 20 

meV/atom. We also found the structures with the ordered A-site sublattice with the 

rock-salt ordering or the layered ordering93 exhibit higher DFT energies. These results 

indicate a disordered A-site Na/Bi sublattice in the NBT cubic perovskite structure, 

which is in agreement with the experimental observations.83,94  

 
Fig. 3.2. Electrostatic energy versus DFT energy for the Na0.5Bi0.5Ti3O3 with different 

A-site configurations, which were generated by randomizing the disordered 

occupancies (black) and by minimizing the electrostatic energy (red) of A-site Na and 

Bi sublattice. 



 

 

50 

 

 

According to the phase diagram constructed using the DFT results at 0 K, the cubic 

NBT phase is not thermodynamically stable at 0 K and has an energy above hull ∆E of 

18 meV/atom (Table 3.1). The phase equilibria of the Na0.5Bi0.5TiO3 composition at 0 

K are Na2Ti6O13, Na4Ti5O12 and Bi2TiO5. The computation predicted decomposition 

phase, Na2Ti6O13, was observed as a secondary phase in the experiments.94  

Our calculations show that the cubic phase is thermodynamically stable at high 

temperatures 1500 K (Table 3.1) after including the contribution of the configurational 

entropy of the A-site disordering to the free energy (section 3.2.2). Therefore, the 

entropy effect of the A-site disordering plays an important role in stabilizing the cubic 

perovskite structure of the NBT material. The computation result is consistent with the 

experimental observation that the NBT cubic structure is a high-temperature phase.83  

The Mg doping introduces O vacancies in the NBT materials to achieve high 

oxygen conductivity.12 We found that Mg doped compound, Na0.5Bi0.5Ti0.96Mg0.04O2.96, 

exhibits a higher value of energy above hull ∆E of 23 meV/atom (Table 3.1), which is 

likely caused by the high formation energy of the charge-compensating oxygen 

vacancies. The value of ∆G is as small as 5 meV/atom at elevated temperatures, such 

as 1500 K, showing a reasonable phase stability of the doped compound.  
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Table 3.1. Phase equilibria and decomposition energies of undoped and Mg-doped 

NBT materials.  

Composition Phase equilibria at the composition 

∆E at 0 K 

(meV/atom) 

∆G at 1500 K 

(meV/atom) 

Na0.5Bi0.5TiO3 Na2Ti6O13, Na4Ti5O12, Bi2TiO5 18 0 

Na0.5Bi0.5Ti0.96Mg0.04O2.96 MgTi2O5 , Bi2TiO5 , Na4Ti5O12  23 5 

 

 

3.3.2. Chemical stability against oxygen 

 

Fig. 3.3.  Grand potential phase diagram of Na-Bi-Ti-O at oxygen chemical potential 

μO of (a) -0.60 eV and (b) -2.83 eV.  

 

The chemical stability of a material against oxygen is critical for its application in 

electrochemical devices such as SOFCs.10 A good solid electrolyte material in SOFCs 

needs to sustain the reducing and oxidizing conditions simultaneously at the anode and 



 

 

52 

 

the cathode. Our DFT grand potential phase diagrams show that the NBT is stable in a 

wide range of oxygen chemical potential μO from –0.60 eV to –2.83 eV (μO = 0 eV at 

0K). This chemical potential range corresponds to a pressure range from 10-3 to 1012 

Pa of oxygen partial pressure at 1500 K. Our computation results are consistent with 

the good phase stability of the NBT material in a wide range of O2 pressure and 

different chemical environments demonstrated in the experiments.12  

In addition, we calculated the electronic structures, such as the density of states of 

the NBT materials (Fig. 3.4). The DFT calculation predicts a band gap of 2.3 eV for 

the un-doped NBT, whereas the experimental band gap is 3.26 eV.95 The large band 

gap suggests poor electronic conduction in the NBT material. In addition, Mg dopants 

do not decrease the band gap or induce any defect states in the band gap (Fig. 3.4b). 

The computation results are consistent with the relatively low electronic conductivity 

for both undoped and Mg-doped NBT materials observed in the experiments.  

 

Fig. 3.4. Calculated density of states for (a) Na0.5Bi0.5TiO3, and (b) 

Na0.5Bi0.5Ti0.96Mg0.04O2.96.  
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3.3.3. Oxygen ion diffusion in the NBT material 

 

Fig. 3.5. Arrhenius-type plots of O2- diffusion in the Na0.5Bi0.5Ti0.96Mg0.04O2.96 from 

AIMD simulations.  

 

Fast oxygen ion diffusions have been observed in the AIMD simulations of 

Na0.5Bi0.5Ti0.96Mg0.04O2.96. The O2- diffusivity at different temperatures from 1200 K to 

2800 K follows an Arrhenius-type relationship (Fig. 3.5) with an activation energy of 

0.61 eV, which is within the range of experimental values from 0.37 to 0.88 eV and is 

slightly higher than the experimental value of 0.37-0.50 eV for the cubic phase. The 

extrapolated oxygen diffusivity and conductivity at 900 K is 2.1×10-8 cm2/s and 8×10-

3 S/cm, respectively, from the AIMD simulations (Table 3.2). The AIMD simulation 

results are in good agreement with the experimental diffusivity of 1.17×10-8 cm2/s at 
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905 K measured by the tracer diffusion experiments and the ionic conductivity of 8×10-

3 S/cm measured by impedance spectroscopy at 873 K.12 The small differences in the 

diffusional properties are likely caused by the different compositions used in the 

calculations and in the experiments. For example, comparing to our calculated 

compound Na0.5Bi0.5Ti0.96Mg0.04O2.96, the Na0.5Bi0.49Ti0.98Mg0.02O2.965 compound in the 

experiment has a lower Mg concentration and an additional A-site off-stoichiometry, 

both of which lower the activation energy for O diffusion as shown later in the NEB 

calculations. It is worth noting that the nominal composition is reported in previous 

experimental study,12 while our computation uses the exact compositions. In summary, 

our AIMD simulations confirms the fast O diffusion in the NBT materials and the 

absence of Na diffusion in agreement with the tracer diffusion experiment.12  

 

Table 3.2. Calculated and experimental O2- conductivity σ, diffusivity D, and activation 

energy Ea of Mg-doped NBT materials.  

 

σ at ~900 K 

(mS/cm) 

D at ~900 K 

(10-8 cm2/s) 

Ea 

(eV) 

AIMD simulations 

(Na0.5Bi0.5Ti0.96Mg0.04O2.96) 

8 ± 3 2.1 ± 0.8 0.66 ± 0.03 

Experiments 12 

(Na0.5Bi0.49Ti0.98Mg0.02O2.965) 

8 * 1.17 ** 

0.37-0.5 (>593 K) 

0.84-0.88 (<593 K) 

* Ionic conductivity measured by impedance spectroscopy at 600°C 12.  
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** Oxygen diffusivity measured by tracer diffusion experiments at 632°C 12.  

 

 

Fig. 3.6. Migration barriers for oxygen vacancies along different diffusion pathways, 

(a) Bi-Bi-Ti, (b) Na-Bi-Ti, (c) Na-Na-Ti (d) Na-Bi-Mg and (e) Na-Na-Mg. Each 

diffusion pathway (showing in different colors for clarity) is denoted by the two A-site 

ions and a B-site ion of the triangle. The subsets of the cubic perovskite structure on 

the right illustrate the atomic configuration of different pathways. The A-site ions that 

are not in the A-A-B triangle may vary in the actual calculations. All oxygen ions on 

the O sites are shown for clarity.  
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As observed in the AIMD simulations, the O2- diffusion is mediated by oxygen 

vacancies migrating along the edge of the TiO6 octahedra. This oxygen vacancy 

mechanisms and its diffusion pathway have been previously shown in other perovskite 

structures in both experiments and computation.96-100 During the migration, an oxygen 

vacancy passes through a triangle comprising of two A-site ions and one B-site ion 

(Figure. 4). We denote the O diffusion pathway by these three atoms A-A-B in the 

triangle. For example, the Bi-Bi-Ti pathway represents the oxygen migration through 

a triangle consisting of two A-site Bi ions and one B-site Ti ion (Fig. 3.6a).  

We investigated the oxygen vacancy migration along different diffusion pathways, 

such as Na-Bi-Ti, Na-Na-Ti, Bi-Bi-Ti, Na-Na-Mg and Na-Bi-Mg (Figure 3.6), using 

the Nudged Elastic Band (NEB) methods and found that the migration energy barriers 

are highly dependent on the different pathways. The oxygen migration along the Bi-

Bi-Ti pathway has the lowest energy barrier of 0.22 eV. The Na-Bi-Ti pathway has 

higher migration energy barriers of 0.6 to 0.85 eV, and the Na-Na-Ti pathway has the 

highest barriers of 1.0 to 1.3 eV. The values of migration energy barriers vary due to 

the configurations of the rest of the A-site sublattice. The lower diffusion barriers at 

the vicinity of Bi atoms for Bi-Bi-Ti and Na-Bi-Ti pathways are likely due to high 

polarizability of Bi3+ ions caused by the 6s2 lone-pair electronic structure10,14,101 In the 

AIMD simulations, most O2- diffusion happened along the Bi-Bi-Ti and Na-Bi-Ti 

pathways. The oxygen migration along the Na-Bi-Ti pathway is likely the rate-limiting 

step in the overall oxygen diffusion, and the migration energy for the Na-Bi-Ti 
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pathways of 0.6 eV to 0.85 eV from the NEB calculations is consistent with the 

activation energy of 0.61 eV from the AIMD simulations.  

In addition to the significant impact of local A-site configurations on the O 

diffusion, the B-site dopants, such as Mg, significantly increase the migration energy 

barriers for O vacancies. The NEB calculations show that Na-Bi-Mg and Na-Na-Mg 

pathway have significantly higher migration barriers of 1.0 to 1.3 eV and of 2.1 to 2.2 

eV, respectively. The higher migration barrier may be caused by the strong binding 

between O vacancies and Mg ions at the B sites. This higher migration barrier at the 

presence of Mg explains why the activation energy in the AIMD simulations is higher 

than those in the experiments, which were performed on the composition 

Na0.5Bi0.49Ti0.98Mg0.02O2.965 with a lower Mg concentration.  

 

3.3.4. Computational prediction of new dopants for the NBT materials 

Alternative doping methods are identified to overcome the issue of Mg dopants, 

which are shown to increase the activation energy of oxygen diffusion. We aim to 

identify the doping methods that create oxygen vacancies, increase the oxygen 

conductivity, and in the meanwhile maintain the phase stability of the material. The 

substitution probability92 predicted the following probable dopants for A-site and B-

site substitutions, respectively:  

B2+ =Zn2+, Mn2+, Ni2+, V2+, Mg2+, Hg2+, Co2+, Yb2+, Fe2+, Cd2+, Ca2+;  

B3+=V3+, Mn3+, Fe3+, Ga3+, Co3+, Cr3+, Al3+, Ti3+;   
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A+= Ag+, Tl+, Na+, K+, Li+, Rb+, Cu+; and  

A2+=Yb2+, Pb2+, Sn2+.  

We calculated the phase stability for all doped compositions (Fig. 3.7). The 

decomposition energies, ∆E and ∆G, provide an indicator for the synthesizability of 

these doped compositions. Among the Na0.5Bi0.5Ti0.96B0.04O2.96 and 

Na0.5Bi0.5Ti0.92B0.08O2.96 generated by the aliovalent B2+ and B3+ substitution for B-site 

Ti, respectively (Table 3.3), the Mg doping exhibits the best phase stability (i.e. the 

lowest ∆G) as previously demonstrated in the experiment.12 Other bivalent dopants, 

Zn, Cd, Hg, and Ni, and trivalent dopants, Fe and V, are predicted as potential dopants 

for B-site Ti substitution. It is worth noting that Zn and Fe doped NBT has been 

demonstrated in the experiments,102,103 which confirm the predictivity of our first 

principles computation scheme in predicting potential dopants and in determining the 

phase stability of doped materials. The Ti3+ substitution corresponds to the reduction 

of B-site Ti4+ to Ti3+ with oxygen losses. The phase with oxygen loss has poorer phase 

stability than other doped phases with the same oxygen vacancy concentration. In 

addition, Fe3+ and V3+ doping gives better phase stability than their bivalent states. 

These results show the ability of the calculation in identifying the most energetically 

favorable valence states for the dopants.   

The aliovalent doping of A+ and A2+ for A-site Bi substitution in the composition 

Na0.5A0.04Bi0.46TiO2.96 and Na0.5A0.08Bi0.42TiO2.96 also maintains good phase stability 

(Table 3.4 and Fig. 3.7). For example, the Na and K doped compositions, 

Na0.54Bi0.46TiO2.96 and Na0.5K0.04Bi0.46TiO2.96, have similar decomposition energy 
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comparing to Mg doped Na0.5Bi0.5Ti0.96Mg0.04O2.96. The nominal off-stoichiometry 

compositions, such as Bi deficiency and Na excess, in previous studies12,15 may result 

in a similar effect of the Na substitution for A-site Bi. The good substitution with K is 

not surprising given that K and Na ions have similar chemistry, and that K0.5Bi0.5TiO3 

is known to form a solid solution with NBT.104-106  

 

Fig. 3.7.  Decomposition energies ∆G at 1500 K for the doped NBT compositions, 

(from left to right) Na0.5Bi0.5Ti0.96B0.04O2.96, Na0.5Bi0.5Ti0.92B0.08O2.96, 

Na0.5A0.04Bi0.46TiO2.96, and Na0.5A0.08Bi0.42TiO2.96.  
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Table 3.3: Phase equilibria and the decomposition energies for the NBT with B-site 

Ti substitution. 

Dopant ion Phase equilibria 

∆E at 0 K 

(meV/atom) 

∆G at 1500 K 

(meV/atom) 

Mg2+ MgTi2O5, Bi2TiO5, Na4Ti5O12 23 5 

Zn2+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, ZnO 25 7 

Mn2+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, MnTiO3 29 11 

Ni2+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, NiO 26 8 

V2+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, V2O3 30 12 

Hg2+ Na2Ti6O13, Bi2TiO5, Na4Ti5O12 ,HgO 24 6 

Co2+ Bi2TiO5, Na4Ti5O12, CoTi2O5 33 15 

Yb2+ Na2Ti6O13, Bi2TiO5, Na4Ti5O12 ,YbTiO3 30 11 

Fe2+ Bi2TiO5, Na4Ti5O12, FeTiO5 28 10 

Cd2+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, CdTiO3 23 5 

Ca2+ Bi2TiO5 , Na4Ti5O12, Na2Ti6O13, CaTiO3 31 13 

Pb2+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, PbTiO3 43 25 

V3+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13,V2O3 24 6 

Mn3+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Mn2BiO5, Mn3O4 28 10 

Fe3+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Fe2O3 24 6 

Ga3+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, NaGaO2 26 8 

Co3+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Co3O4, NaCo2O4 32 14 

Cr3+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, NaCrO2 29 11 

Al3+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Al4Bi2O9 26 8 

Ti3+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Bi 34 16 

  



 

 

61 

 

Table 3.4: Phase equilibria and the decomposition energies for the NBT with A-site 

Bi substitution. 

Dopant ion Phase equilibria 
∆E at 0 K 

(meV/atom) 

∆G at 1500 K 

(meV/atom) 

Na+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13 21 3 

Ag+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Ag5BiO4 24 6 

Li+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Li2TiO3 24 6 

Tl+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Tl2TiO3 25 7 

Rb+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Rb2Ti6O13 25 7 

Cu+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Cu2O 30 12 

K+ Bi2TiO5, Na4Ti5O12, K2Ti6O13, Na2Ti6O13 22 4 

Yb2+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, YbTiO3 25 7 

Pb2+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, PbTiO3 21 3 

Sn2+ Bi2TiO5, Na4Ti5O12, Na2Ti6O13, Sn2Bi2O7, Bi 34 16 

 

Table 3.5. Diffusional properties of doped NBT materials. Error bound of the ionic 

conductivity is estimated based on the error bars of Ea and D obtained during the 

linear fitting.  

Composition Ea (eV) 

σ at 900 K  

(mS/cm) 

Error bound  

[σmin, σmax] (mS/cm) 

Na0.5Bi0.5Ti0.96Mg0.04O2.96 0.66 ± 0.03 8 [5, 12]  

Na0.5Bi0.5Ti0.96Zn0.04O2.96 0.62 ± 0.06 13 [5, 31] 

Na0.5Bi0.5Ti0.96Cd0.04O2.96 0.64 ± 0.09 6 [2, 23] 
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Na0.54Bi0.46TiO2.96 0.38 ± 0.03 30 [20, 46] 

Na0.5K0.04Bi0.46TiO2.96 0.32 ± 0.04 96 [56, 164] 

 

 

Fig. 3.8. Arrhenius-type plots of the diffusivity of (a) Na0.5Bi0.5Ti0.96B0.04O2.96 

(B=Mg, Zn, Cd) and (b) Na0.54Bi0.46TiO2.96 and Na0.5K0.04Bi0.46TiO2.96. 

The doped compounds with good phase stability were further evaluated for their 

oxygen diffusional properties. We performed AIMD simulations of 

Na0.5Bi0.5Ti0.96Zn0.04O2.96 and Na0.5Bi0.5Ti0.96Cd0.04O2.96 to evaluate their diffusional 

properties. The Zn-doped NBT shows similar O2- conductivity (13 mS/cm at 900K) 

and activation energy (0.62 eV) comparing to Mg doping, while the Cd-doped NBT 

has a lower O2- conductivity of 6 mS/cm at 900 K (Fig. 3.8 and Table 3.5). Therefore, 

Zn or Cd doping does not address the problems of Mg dopants in increasing oxygen 

migration barrier.  

The NBT materials with A-site doping such as Na0.54Bi0.46TiO2.96 and 

Na0.5K0.04Bi0.46TiO2.96 exhibit improved diffusional properties comparing to those with 
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B-site doping. Our AIMD simulations predict that the Na0.54Bi0.46TiO2.96 compound has 

an activation energy of 0.38 eV and an ionic conductivity of 30 mS/cm at 900 K. The 

K doped compound Na0.5K0.04Bi0.46TiO2.96 has an even lower activation energy of 0.32 

eV and the highest conductivity of 96 mS/cm at 900 K, which is an order of magnitude 

higher than the Mg-doped Na0.5Bi0.5Ti0.96Mg0.04O2.96 at the same oxygen vacancy 

concentration. The A-site doping of the NBT material system overcomes the binding 

issue between O vacancies and B-site dopants (e.g. Mg) and provides a significant 

improvement in oxygen ionic conductivity.  

 

3.3.5. Effect of cation sublattice ordering 

 

Fig. 3.9. Pair correlation function g(r) of (a) a disordered A-site Na/Bi sublattice and 

(b) a relatively ordered A-site Na/Bi sublattice in the Na0.54Bi0.46TiO2.96, respectively.  
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Fig. 3.10. Arrhenius-type plots of oxygen diffusivity in Na0.54Bi0.46TiO2.96 with 

disordered (blue) and ordered (red) A-site cation sublattice.  

 

Given that the oxygen vacancy migration energy barriers is strongly dependent on 

the local Na/Bi A-site configurations, the oxygen ionic conductivity in the NBT 

materials may depend on the specific ordering of the A-site Na/Bi cation sublattices. 

To investigate the ionic conductivity on the A-site ordering in the NBT, we generated 

a hypothetical structure of Na0.54Bi0.46TiO2.96 with an A-site Na/Bi sublattice ordering 

that is nearly a rock-salt ordering.93 In this rock-salt ordered A-site sublattice, most Na 

ions are nearest neighbors with Bi ions showing by the predominant first peak of Na-

Bi at ~4 Å (Fig. 3.9b). The small occurrence of the first Na-Na and Bi-Bi peaks is due 

to the A-site off-stoichiometry and the symmetry incompatibility between the rock-salt 

ordering and the supercell lattice. The structure with the disordered Na/Bi sublattice 
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has similar peak intensities for the Na-Bi, Na-Na, and Bi-Bi (Fig. 3.9a) nearest 

neighbors. This A-site disordered structure is the lowest energy structure of this 

composition, which has a formation energy of 27 meV/atom lower than the structure 

with ordered A-site sublattice.  

A significant enhancement of the O2- diffusion is observed in the structure with 

ordered A-site sublattice (Fig. 3.10). Comparing to the disordered A-site NBT, the O2- 

conductivity extrapolated at 900 K is increased from 0.03 S/cm to 0.15 S/cm, and the 

activation energy is decreased from 0.38 eV to 0.24 eV (Fig. 3.10). Therefore, ordering 

the cation sublattice, as a potential design strategy, improves O2- conductivity in the 

NBT materials.  

3.3.6. Discussion 

Our first principles computation results about the oxygen ionic conductivity, 

diffusivity, and activation energy of the NBT materials are in good agreement with the 

previous experimental report by Li et al.12,15 This agreement demonstrated the validity 

of the computation scheme. Our computation revealed the strong dependence of the 

oxygen vacancy migration barrier on the nearest-neighbor cations at A sites and B sites 

of the perovskite structure. In particular, as a critical problem for the fast oxygen 

diffusion, the B-site substitution dopants, such as Mg, increase the oxygen vacancy 

migration barriers. According to our first principles computation results on a large 

number of B-site doped NBT materials, this high oxygen migration barrier is intrinsic 
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for B-site substitutions, which bind with oxygen vacancies, and cannot be mitigated by 

using other dopants, such as Zn or Cd.  

Our first principles computation predicted a more promising material design 

strategy based on the A-site substitutions to resolve the problem of the B-site 

substitutions. We demonstrated the A-site substitutions using a variety of dopants with 

reasonable phase stability in computation. In particular, the NBT compositions with the 

Na or K doping have shown good phase stability and high oxygen ionic conductivity. 

For example, the Na0.54Bi0.46TiO2.96 and Na0.5K0.04Bi0.46TiO2.96 have similar phase 

stability and a significant increase in ionic conductivity, which is predicted to be 30 

mS/cm and 96 mS/cm at 900K, respectively, comparing to the 

Na0.5Bi0.5Ti0.96Mg0.04O2.96 at the same oxygen vacancy concentration. The 

improvement in the Na and K doped NBT materials is likely due to the disordered A-

site sublattice of Na and Bi ions. This disordered A-site sublattice can form different 

local atomistic configurations to accommodate the electrostatic and strain fields of the 

dopants, which helps to maintain the phase stability of the doped structures and to 

reduce the undesired binding with B-site dopants. Our computation results of A-site 

doping are consistent with a recent report15 showing the strong effects of A-site off-

stoichiometry on electronic and ionic conduction, though a direct comparison between 

these two studies is difficult as nominal compositions were used in previous 

experiments.12,15  

The computationally predicted doping methods and compositions are to be verified 

in experimental studies. The computational results for both phase stability and 
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diffusional properties are based on the doped compositions with the oxygen vacancy 

concentration of 1.39% (one vacancy out of 72 oxygen sites). It is difficult to access 

lower doping concentrations, which require supercells with larger sizes. Even if the 

specific oxygen vacancy concentration were not achieved in the experiments, our 

predicted doping methods still provide correct trend for increasing ionic conductivity. 

In addition, we did not consider the formation of competing defects, such as planar 

defects, anti-site defects and segregations, in the doped compositions. Though these 

defects may potentially form to lower the oxygen vacancy concentration in the material, 

the identified phases with decent phase stability are expected to be synthesizable and 

to provide decent ionic conductivity.  

In addition, we demonstrate the design strategy of ordering the A-site cation 

sublattice to increase oxygen diffusion in the NBT materials. The AIMD simulations 

predicted that the ordered A-site sublattice provided a higher O2- conductivity and a 

lower activation energy. The different A-site sublattices in these two structures lead to 

different local pathways for O diffusion and different overall O percolation networks. 

The O diffusion in the structure with ordered A-site sublattice is dominated by Na-Bi-

Ti diffusion pathways, while all Na-Bi-Ti, Bi-Bi-Ti, and Na-Bi-Ti pathways are present 

in the disordered structure. However, the poorer O2- diffusion in the disordered A-site 

sublattice cannot be explained by the higher fraction of the low-barrier Bi-Bi-Ti 

diffusion pathways. We speculate that the ordered cation sublattice makes a 

homogenous energy land scape for oxygen migrations, where the local trapping of 

oxygen ions is inhibited.107 Unfortunately, the higher formation energy of the ordered 
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A-site lattice may impede the realization of the NBT structures with ordered A-site 

sublattice.   

This study demonstrated how one can use first principles calculation methods to 

understand the limitations in a new material system and to overcome these limitations 

by designing the materials. The first principles computation identified promising 

dopants out of all possible elements, and determined whether the doped phases are 

stable and whether they provide enhanced properties. The materials design capabilities 

rely on accurate calculations of materials properties,37,86,87 an algorithm to predict new 

dopants and substitutions,92 and an infrastructure, such as the Materials Project,80 to 

assess the phase stability of new compounds and structures. The first principles 

computation design is scalable and can be performed in a highly parallel and rapid 

fashion to predict new materials with enhanced properties. The materials design 

workflow demonstrated in this study is not limited to oxygen ionic conductor materials, 

and can be easily transferred to other (e.g. Li+, Na+) ionic conductor materials.  

 

3.4. Conclusion 

In summary, we performed a first principles study of the phase stability, chemical 

stability, and diffusion mechanisms of the NBT oxygen ion conductor materials. The 

computation results were in good agreement with previous experiments12. Our 

calculations confirm that the oxygen conduction is mediated by oxygen vacancies, and 

that the local atomistic configurations have a significant impact on the oxygen 
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diffusion. While the high polarizability of the Bi ions promotes fast O diffusion, the 

Mg dopants bind with oxygen vacancies and increase the oxygen migration barriers. 

This fundamental limitation of the Mg dopants motivated the first principles 

computational design to identify new doped NBT materials. Our first principles 

computation predicted that Zn and Cd dopants at B sites did not improve the oxygen 

ionic conductivity, and that Na and K were promising dopants to increase oxygen ionic 

conductivity. The newly designed NBT materials with A-site Na and K substituted A 

sites exhibited a many-fold increase in the ionic conductivity at 900K comparing to 

that in the Mg doped compound at the same oxygen vacancy concentration. This study 

demonstrated that the NBT material system is promising as fast oxygen ionic 

conductors, and that first principles computation has the ability to significantly 

accelerate the materials design processes.  
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Chapter 4: Origin of fast ion diffusion in super-ionic 

conductors4 

4.1. Introduction 

In this chapter, we aim to provide a general understanding about the origin of 

fast ionic diffusion in SIC materials beyond the classical diffusion model by 

considering the energy landscape of the structural framework and the mobile-ion 

sublattice, which have unique configurations and concentrations at super-ionic states. 

Specifically, we establish a simple, general conceptual framework for activating fast 

ion conduction with low migration barriers through materials design, which is not 

limited to one material system but is generally applicable.  

4.2. Methods 

4.2.1. Computation Methods 

All density functional theory (DFT) calculations in this study were performed 

using Vienna Ab initio Simulation package (VASP)77 within the projector augmented-

wave approach. Perdew-Burke-Ernzerhof (PBE)79 generalized-gradient 

approximation (GGA) functionals were adopted in all calculations. The parameters in 

static DFT calculations were consistent with the Materials Project80-82. The nudged 

                                                 

4 This chapter has been published in  

X. He, Y. Zhu and Y. Mo. "Origin of Fast Ion Diffusion in Super-Ionic Conductors." Nature Communications, 

(2017), 8: 15893 
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elastic band (NEB) calculations were performed in supercell models using -centered 

222 k-point grid. 

 

4.2.2. Time correlation of Li+ dynamics 

The van Hove correlation function108 was calculated from the AIMD simulations. The 

distinctive part Gd describes the radial distribution of different ions after time interval 

∆t with respect to the initial ion,  

Gd (r,Dt) =
1

4pr2Nn
d r - ri(t + Dt)- rj (t)( )

j¹i=1

N

å
i=1

N

å
t

,    (4.1) 

where 𝛿 is the Dirac delta function. The correlation function is averaged over the time 

t.  

Haven ratio is often used to measure the correlation effect of ionic diffusion.109 

In this study, we defined a similar correlation factor f to quantify the correlation of 

ion migration: 

     (4.2) 

While D is the self-diffusion diffusivity of individual ions, D is the diffusivity of the 

center of all diffusion ions and is calculated as: 

    (4.3) 
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4.2.3. Energy landscape of single-ion migration 

The energy landscape of a single Li+ along the migration channel (Fig. 4.3d-f) 

is calculated using NEB methods. In LGPS, three Li+ in the c channel were removed, 

and the energy landscape was obtained by migrating a Li+ across c channel. The 

energy landscape of cubic-phase LLZO corresponds to single Li+ migration between 

two neighboring tetrahedral sites after removing a Li ion. The energy landscape of 

LATP corresponds to single Li+ migration between two neighboring M1 sites after 

removing a Li ion. In the NEB calculations, the charge states of all ions were 

maintained by inserting extra electrons into the system as in the previous study26. To 

avoid excessive relaxation of the Li+ sublattice, only non-Li cations and anions were 

relaxed during the NEB calculations. 

 

4.2.4. Diffusion model for concerted migration 

In the diffusion model illustrated in Fig. 4.4, four mobile ions were arranged in a 

1D lattice consisting of two unit cells. The 1D unit cell has a period of L = 6 Å, which 

is similar between two nearest-neighbor M1 sites in LATP (Fig. 4.2f, 4.3f). The total 

energy E of the entire structure is given by the sum of the potential energy  of the 

crystal lattice (i.e., the energy landscape) and the Coulomb interaction among mobile 

ions:  

E = f xi( ) +
K

xi - x j
,

i, j,i¹ j

å
i

å     (4.4) 
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where xi is the position of the ion i, and K is Coulomb interaction strength between 

two mobile ions. The lattice energy landscape  considered in the main text (Fig. 

4.6a, b) are defined as follows. The energy landscape in Fig. 4.6a is given by  

fa x( ) = Ea ×
cosq - 0.25cos2q -C1

C2

,     (4.5) 

where  = 2x/L - , and the normalization factors C1 = -1.25, C2 = 2.00. The energy 

landscape has the highest point of Ea = 0.6 eV, which is set similar to the single Li-

ion energy landscape of LLZO (Fig. 4.4e). The energy landscape in Fig. 4.6b is given 

by 

fb x( ) = Ea ×
cosq -1.5cos2q -C1

C2

,     (4.6) 

where C1 = -2.50, C2 = 4.08. This energy landscape has the same highest energy point 

of 0.6 eV, but a higher local barrier of 0.3 eV at the high-energy sites (Fig. 4.4b). 

4.2.5. Materials construction 

The crystal structures investigated were obtained from Inorganic Crystal 

Structure Database (ICSD)110 and Materials Project. The structures with disordered 

site occupancies were ordered using the same method in the previous studies38,111. 

The structure of Li1.3Ti1.7Al0.3(PO4)3 (LATP) was derived from LiTi2(PO4)3 structure 

by partially substituting Ti with Al and by inserting extra Li atoms into M2 sites (Fig. 

4.2f). The sites of Al/Ti and Li were reordered to obtain the structure.  
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4.3. Results and Discussion 

4.3.1. Concerted ion migration in super-ionic conductors 

 

Fig. 4.1. Schematic illustration of single-ion migration versus multi-ion concerted 

migration. For single-ion migration (upper insets), the migration energy barrier is the 

same as the barrier of the energy landscape. By contrast, the concerted migration of 

multiple ions (lower insets) have lower energy barrier as a result of unique mobile ion 

configuration and strong ion-ion interactions in super-ionic conductors.  
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Fig. 4.2. Li ion diffusion in super-ionic conductors. a-c, Crystal structures of (a) 

LGPS, (b) LLZO, and (c) LATP marked with Li sites (partially filled green spheres), 

Li+ diffusion channels (green bars), and polyanion groups (purple and blue 

polyhedra). d-f, The probability density of Li+ spatial occupancy during AIMD 

simulations. The zoom-in subsets show the elongation feature of probability density 

along the migration channel (Li: green; O/S: yellow). The isosurfaces are 60, 60, 

20 for LGPS, LLZO, LATP, respectively, where 0 is the mean probability density 

in each structure and the inner isosurfaces have twice density as the outer isosurfaces. 

g-i, van Hove correlation functions of Li+ dynamics on distinctive Li ions during 

AIMD simulations. 
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Fig. 4.3. Diffusion properties of super-ionic conductors. Arrhenius plot of Li+ 

diffusivity D in Li10GeP2S12, cubic-Li7La3Zr2O12, Li1.3Ti1.7Al0.3(PO4)3 from AIMD 

simulations. The error bar of D is the statistical uncertainty from the linear fitting of 

mean square displacement (MSD) over time38.  
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Table 4.1. Calculated (AIMD) and experimental (Expt.) Li+ conductivity  and 

activation energy Ea of Li10GeP2S12 (LGPS), Li7La3Zr2O12 (LLZO) and 

Li1.3Ti1.7Al0.3(PO4)3 (LATP). Error bound of calculated  was estimated from the 

linear fitting of the Arrhenius plot (Fig. 4.3). 

Composition Ea (eV) 

 at 300 K 

(mS cm−1) 

Error bound 

[min, max] 

(mS cm−1) 

Li10GeP2S12 (AIMD) 0.23  0.03 10 [3.40, 30.65] 

Li10GeP2S12 (Expt.) 20 0.24 12  

cubic-Li7La3Zr2O12 (AIMD) 0.25  0.02 1.3 [0.47, 3.49] 

cubic-Li7La3Zr2O12 (Expt.)*22,76,112 0.31–0.34 0.31–0.51  

Li1.3Ti1.7Al0.3(PO4)3 (AIMD) 0.25  0.03 1.1 [0.30, 4.05] 

Li1.3Ti1.7Al0.3(PO4)3 

(Expt.)**24,72,113 

0.28–0.29 0.55–5  

* Ref. 112 are based on Li7La3Zr2O12 with 1.7 wt% Sr doping  

** Ref. 72,113 are based on the Li1.2Ti1.8Al0.2(PO4)3 composition  

 

We performed ab initio molecular dynamic (AIMD) simulation to study 

diffusion mechanism in the model SIC materials, LGPS, cubic-phase Li7La3Zr2O12 

(LLZO), and Li1.3Al0.3Ti1.7(PO4)3 (LATP) (Fig. 4.2 and 4.3), which have different 

anion packing (bcc in LGPS versus non-bcc in LLZO and LATP). High Li ionic 
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conductivity and low activation energy calculated from AIMD simulations are in 

good agreement with those from experiments20,22,24 (Table 4.1 and Fig. 4.3). By 

analyzing Li+ dynamics from AIMD simulations, we found that most Li ions migrate 

in a highly concerted fashion, i.e., multiple ions hop simultaneously into their nearest 

sites within a few picoseconds. The van Hove correlation function (Fig. 4.2g-i) of Li+ 

dynamics also confirm strong time correlation in Li+ dynamics. In addition, we 

calculated the correlation factor related to Haven ratio to characterize the extent of 

concerted migrations. As a value of 1.0 corresponds to isolated, single ion migration, 

the correlation factor is calculated as 3.0, 3.0, and 2.1 for LGPS, LLZO, and LATP, 

respectively, in the AIMD simulations at 900 K, confirming highly concerted 

migration in these SICs. Therefore, the concerted migration is the dominant 

mechanism for fast diffusion in SICs, as observed in liquid114,115. 
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Fig. 4.4. Concerted migration and energy landscape in super-ionic conductors. a-

c, Migration energy barrier in (a) LGPS, (b) LLZO, (c) LATP for concerted 

migration of multiple Li ions hopping into the next sites along the diffusion channel. 

Insets show the Li+ pathway (green spheres) and O/S ions (yellow spheres). d-f, The 

energy landscape of single Li+ along the migration channel (Inset) across multiple Li 

sites (partially filled green sphere) and Li+ pathway (red spheres).  

 

The concerted migration extracted from AIMD simulations (Fig. 4.4a-c) 

comprises simultaneous hopping of multiple adjacent ions into their nearest sites. 

Such migrations are illustrated as insets of Fig. 4.4a-c. In LGPS, a typical concerted 

migration mechanism involves four Li ions occupying Li1 and Li3 sites hop 

simultaneously along the c channel into their nearest-neighbor Li3 and Li1 sites, 

respectively (Fig. 4.4a), as observed in a previous study.55 In LLZO, the mobile Li+ 
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sublattice partially co-occupy tetrahedral (T) sites and octahedral (O) sites. During 

concerted migration, T-site Li ions hop to the next nearest-neighbor O sites, and the 

Li ions occupying these O sites hop into their nearest neighbor T sites, resulting 

concerted hopping of multiple Li ions along the garnet diffusion channel (Fig. 4.4b) 

in consistency with previous modeling studies56,57. In LATP, two Li ions at adjacent 

M1 and M2 sites migrate in pair as typical concerted migration mode. The Li+ on M1 

site hops into the unoccupied M2 site, and at the same time the Li+ on M2 site hops 

into the next M1 site (Fig. 4.4c). Using the NEB methods based on ab initio 

computation, the migration barriers of the concerted migration were calculated (Fig. 

4.4a-c) to be 0.20, 0.26, and 0.27 eV in LGPS, LLZO, and LATP, respectively. Given 

the highly disordered nature of the Li sublattice, various modes of concerted 

migration mechanisms involving different number of Li and different Li 

configurations are observed during AIMD simulations. The other modes of concerted 

migration also show similar migration barriers as those typical modes in Fig. 4.4. The 

calculated energy barriers of concerted migration are in good agreement with the 

activation energies obtained from AIMD simulations and from the experiments20,22,24 

(Table 4.1). Therefore, these typical concerted migrations observed in AIMD 

simulations represent the key diffusion mechanisms in SICs. 

Given such low energy barriers for multi-ion concerted migration, a relatively 

flat energy landscape along Li+ diffusion channels is expected. Surprisingly, the 

energy landscape has barriers of 0.47, 0.58, and 0.49 eV for LGPS, LLZO, and 

LATP, respectively (Fig. 4.4d-f), which is significantly higher than the energy barrier 
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of concerted migration. On the basis of classical diffusion model, these high barriers 

of the energy landscape would lead to even higher activation energy Ea, as each 

migrating ion feels the high barriers of the energy landscape along the diffusion 

channel. The low-barrier concerted migration of multiple ions cannot be explained by 

the classical diffusion model. Since these low-barrier migrations are only activated at 

specific composition, the mobile ion interaction and specific ion configuration, which 

has been neglected in classical diffusion model of single ion hopping, must be 

considered to properly describe the concerted migration mechanism in SICs.  

 

Fig. 4.5. Li ion diffusion in non-SICs. (a, b) Crystal structure (left) for (a) Li2S and 

(b) LiMn2O4, and Li+ probability densities at different isosurfaces (right), where 0 is 
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the average probability density. (c) Crystal structure (left) and the energy landscape 

(right) of single Li+ migration in LiTiS2. Li, Mn, Ti, S and O are represented by 

green, purple, blue, yellow and red spheres, respectively. Octahedral (O) and 

tetrahedral (T) sites in LiTiS2 are marked as dark and light green spheres, 

respectively. 

 

4.3.2. Origin of concerted migration with low barriers 

 

Fig. 4.6. Diffusion model for concerted migration. a, b, The potential energy of the 

structural framework with low (a) or high (b) barriers at the high-energy sites. The 

mobile ion (grey sphere) configurations and the migration paths (arrows) are 

illustrated. c, The energy profile for the concerted migration in the energy landscape 

(a) and (b) at K = 3 eV·Å. d, The energy barrier of concerted migration at different 

Coulomb interaction strength K. 

 

Here we performed a simple diffusion model on the basis of classical 

diffusion model to reveal the mechanism of multi-ion concerted migration by taking 
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into account realistic mobile ions configurations and mobile ion-ion interactions in 

the SICs. In the model, we chose an energy landscape (Fig. 4.6a) with a 0.6 eV 

barrier similar to that in LLZO (Fig. 4.4e), and include mobile ion-ion interactions 

with a Coulomb interaction strength K of ~2 to 4 eV·Å fitted to ab initio calculations. 

In addition, the Li+ configuration in SIC materials (Fig. 4.4d-f) is unique. In SICs, the 

mobile ions occupy the high-energy sites (Fig. 4.6a, b), for example, the octahedral O 

sites in LLZO (Fig. 4.4e) and M2 sites in LATP (Fig. 4.4f), which are near the 

highest energy point along the diffusion path. At high Li concentration of these SIC 

materials, the high-energy sites in SICs are occupied, because the low-energy sites 

(e.g. tetrahedral T sites in LLZO and M1 sites in LATP) are preferably occupied and 

cannot accommodate all Li ions. The extra inserted ions occupying high-energy sites 

are stabilized by strong Coulomb interactions from nearby mobile ions (within ~2-3 

Å), which also lead to the minimization of the overall lattice energy. Our model 

shows that such unique mobile ion configuration under strong mobile ion-ion 

interactions is the key for achieving low-barrier concerted migration in these SICs. At 

typical K values of 2-4 eV·Å in these SICs, the concerted migration of multiple ions 

shows significantly lower migration barrier of ~0.2-0.4 eV (Fig. 4.6d), which is in 

good agreement with those from NEB calculations (Fig. 4.4a-c) and AIMD 

simulations (Table 4.1). Therefore, this simple diffusion model captures the key 

physics of concerted migration. Low energy barrier of multi-ion concerted migration 

is a result of the unique mobile-ion configuration with high-energy site occupancy. 

During the concerted migration of multiple ions, the ions located at the high-energy 
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sites are migrating downhill, which cancels out a part of energy barrier felt by other 

uphill-climbing ions. As a result, concerted migration of multiple ions has 

significantly lower energy barrier than the energy landscape of the crystal structural 

framework.  

In addition, the energy landscape of structural framework must have high-

energy sites with locally low barriers (e.g., Fig. 4.6a) for occupying ions to migrate 

out. The high-energy sites are associated with elongated spatial occupancy density of 

mobile Li ions as observed in the AIMD simulations (Fig. 4.2d-e). For example, Li 

probability density is elongated at the octahedral (O) sites in LLZO (Fig. 4.2e). Such 

elongated density indicates flat energy landscape facilitating Li+ to hop out from these 

sites. Otherwise, for the energy landscape in Fig. 4b, multiple ions would 

simultaneously climb uphill, leading to higher energy barrier of concerted migration 

(Fig. 4.6c). In addition, easy migration of ions occupying high-energy sites may 

facilitate the onset of multi-ion concerted migration68.  

 

4.4. Conclusion 

In summary, our theory demonstrates a simple conceptual framework for 

understanding fast ion diffusion in SICs. Specifically, mobile ion occupying high-

energy sites can activate concerted migration with reduced migration energy barrier. 

In addition to the SIC behavior of lithium garnet and NASICON SICs with non-bcc 

anion framework, such mechanism is verified to be universal as observed in other SIC 
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materials, such as Li7P3S11, β-Li3PS4, LISICON, LixLa2/3-x/3TiO3 (LLTO) perovskite66, 

and Na+-conducting NASICON, where high-energy sites are occupied along the 

diffusion path and the concerted migration with low energy barrier is confirmed in 

AIMD simulations. The concerted migration of multiple ions is also reported for low-

barrier diffusion in other Li ionic conductors, e.g., Li3OX (X=Cl, Br)116 and doped 

Li3PO4
59,117. In addition to alkali Li+ and Na+ conductor, our proposed model is 

generally applicable to conductor of other ions. Ag super-ionic conductor, e.g., 

AgI118, is known for highly concerted migration. O ionic conductors of fluorite 

structure (e.g. Bi2O3) and La1-xBa1+xGaO4-x/2
119 have also shown concerted migration 

behavior. Therefore, our proposed theory and identified mechanism are universally 

active for fast diffusion in a broad range of ionic conducting materials.  
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Fig. 4.7. Li ion diffusion in Li1+xTa1–xZrxSiO5 (x=0, 0.25). (a) Arrhenius plot of Li+ 

diffusivity D in Li1+xTa1–xZrxSiO5 (x=0 and 0.25) from AIMD simulations. (b) 

Calculated Li+ conductivity  at 300 K and activity energy Ea. (c) Distinctive part of 

van Hove correlation function for Li+ in Li1.25Ta0.75Zr0.25SiO5 at 900 K. (d) Li+ 

probability density in Li1.25Ta0.75Zr0.25SiO5 from AIMD simulation at 900 K. The 

isosurface is plotted at 40, whereas 0 is the average density. (e) Crystal structure of 

LiTaSiO5. Li sites and MOx (M=Ta, Si) polyhedra are colored as green, yellow and 

purple. High-energy B and C sites are partially occupied in doped 

Li1.25Ta0.75Zr0.25SiO5. (f) Energy landscape of single Li+ migration along typical 

diffusion paths.  
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Fig. 4.8. Li ion diffusion in Li1+xAl1+xSi1–xO4 (x=0, 0.25). (a) Arrhenius plot of Li+ 

diffusivity D in Li1+xAl1+xSi1–xO4 (x=0, 0.25) from AIMD simulations. (b) Calculated 

Li+ conductivity  at 300 K and activity energy Ea. (c) Distinctive part of van Hove 

correlation function for Li+ in Li1.25Al1.25Si0.75O4 at 900 K. (d) Li+ probability density 

in Li1.25Al1.25Si0.75O4 from AIMD simulation at 900 K. The isosurface is plotted at 0, 

whereas 0 is the average density. (e) LiAlSiO4 crystal structure. Li sites and MOx 

(M=Al, Si) polyhedra are colored as green, grey and purple. High-energy B and C 

sites are partially occupied in doped Li1.25Al1.25Si0.75O4. (f) Energy landscape of single 

Li+ migration along typical diffusion paths.  

 

Moreover, our theory provides a conceptually simple framework for guiding 

the design of super-ionic conductor materials, that is, inserting mobile ions into high-
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energy sites to activate concerted ion conduction with lower migration barriers. This 

explains how super-ionic conduction in lithium garnet and NASICON SICs is 

activated at certain compositions with increased Li concentration. Here, we 

demonstrate this strategy by designing a number of novel fast ion conducting 

materials to activate concerted migration with reduced diffusion barrier. We select 

LiTaSiO5 and LiAlSiO4 whose structures have decent bottleneck size of diffusion 

channels and well-connected Li+ percolation network but have not been studied for 

Li+ transport. The original structures show low Li+ conductivity and high activation 

energy similar to their high-barrier energy landscape (Fig. 4.7-4.8). Extra Li ions are 

inserted into the high-energy sites of LiTaSiO5 and LiAlSiO4 by aliovalent 

substitution of non-Li cations with lower valences. In the doped materials, AIMD 

simulations show Li+ concerted migrations with significantly reduced migration 

barrier of 0.23-0.28 eV and Li+ conductivity of 1-4 mS/cm at RT (Fig. 4.7-4.8) 

comparable to many well-known Li SICs. Therefore, the design strategy based on our 

simple conceptual framework is demonstrated for designing novel fast ion conducting 

materials. Such strategy for facilitating diffusion is universal and can be generally 

applied to any ion conducting materials.  
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Chapter 5:  Lithium super-ionic conductors discovery with high-

throughput screening 

5.1. Introduction 

Super-ionic conductors (SIC) are critical for a broad range of electrochemical 

devices, such as batteries, fuel cells and electrochemical membranes. Recently 

discovered solid ceramic SICs such as Li10GeP2S12 (LGPS) and garnet-structured 

Li7La3Zr2O12 (LLZO) serve as solid electrolyte enabling all-solid-state-battery (SSB) 

technology. SSBs have demonstrated the potential to be with improved safety, higher 

energy density, and longer cycle life compared to commercial lithium ion batteries 

with liquid electrolytes. Despite significant research efforts, SICs are rare among 

known solid materials. Therefore, there is significant research interest in 

understanding the structural characteristics that facilitate superionic conducting 

properties. Understanding and quantifying these structure-property relationships will 

motivate the discovery and development of novel SICs.  

In fast ion conductors, Li ions migrate in the structural framework of the 

material, which consists of non-Li cations and anions. The structural framework and 

Li ion sublattice are known to significantly impact the Li ion diffusion within the 

material in several ways. An open structural framework with decent-width channels 

which allow Li percolation is important. In addition, an appropriate Li concentration 

coupled with a disordered Li sublattice generates a high carrier concentration in the 

material, which is also critical for high ionic conductivity, as given by the Nernst-
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Einstein equation. Previous analysis of anion frameworks has provided some insight 

into common structural characteristics of SICs. Ceder and co-workers found that the 

materials with a body center cubic (bcc) anion sublattice had the lowest migration 

barrier.26 This explains the SICs, LGPS and Li7P3S11. This bcc anion sublattice has 

been successfully applied as a design principle for discovering new SICs, such as 

LiZnPS4. While bcc anion framework provides the lowest energy landscape for Li ion 

migration, it is unfortunately rare among Li-containing oxides and sulfides. Other 

SICs such as lithium garnet and NASICON are do not have a bcc anion framework 

but still exhibit exceptional room temperature Li+ conductivity. Recent work by He et 

al. revealed the concerted migration of multiple Li ions, as a dominant ion diffusion 

mechanism shared by most SICs such as LGPS, LLZO, Li1.3Al0.3Ti1.7(PO4)3 (LATP), 

etc, can also exhibit low migration energy barrier in the structural framework with no 

bcc anion framework. He et al. showed that the unique Li ion configurations, such as 

high-energy site occupancy, and strong Li-Li interaction cause the canceling out 

effect of energy migration barrier and activate the concerted migration of multiple 

ions with lower energy barrier than the barrier for single ion migration.40 

It has been an outstanding question what are the common features of the 

crystal structural framework of Li SICs, such as LGPS, garnet, and NASICON, etc., 

which have very different crystal structural frameworks. Beside the open diffusional 

channels, the shared structural features of these crystal structural framework are not 

obvious among these SICs. In addition, a quantitative description of such crystal 

structural features among SICs has also been lacking. For example, the bottleneck 
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size of the crystal structural framework is known to affect migration barrier, but the 

optimal range of crystal bottleneck size for Li migration is yet to be identified, as the 

size too small or too big would both lead to high migration barrier. In addition, while 

short distance between Li sites is hypothesized to be a feature of SICs, it is not clear 

what there would be the optimal distance between Li sites. Understanding the crystal 

structural features shared by LGPS, LLZO, LATP, and other SICs would be critical 

for the future discovery of novel SICs. In particular, given the rarity of bcc anion 

framework, the crystal structural framework that can active concerted migration to 

achieve low migration barrier and disordering of Li mobile sublattice of particular 

importance. 

This chapter aims to use computation techniques to identify such features of 

crystal structural framework for Li SICs, through AIMD simulations of Li diffusion 

within the SIC structures combined with detailed topological analyses of the crystal 

structural framework. From these analyses, we found unique features shared by the 

Li+ spatial occupancy density and the crystal structural framework of SICs. In 

addition, these features of crystal structural framework are quantified. These 

attributes outlined the guidance for further discovery of SICs. Based on the 

determined attributes, we performed a high-throughput screening of all known 

lithium-containing oxide and sulfide compounds from inorganic crystal structure 

database (ICSD). Our structural framework screening uncovered all known SICs, 

confirming the validity of our results and approach. In addition, we also uncovered 

many crystal structure frameworks with potential to be fast ion conductors. For each 
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crystal structure framework, we selected an representative compound and did 

aliovalent doping to modified the Li content of these structures which resulting in 

different Li sublattice within the structure. We found 19 SIC compounds which are 

predicted by AIMD simulations to have Li+ conductivities greater than 0.1 mS/cm at 

300K. 

 

5.2. Methods 

5.2.1. Ab initio Computation methods 

All density functional theory (DFT) calculations in this study were performed 

using Vienna Ab initio Simulation package (VASP)77 within the projector augmented-

wave approach. Perdew-Burke-Ernzerhof (PBE)79 generalized-gradient 

approximation (GGA) functionals were adopted in all calculations. The parameters in 

static DFT calculations were consistent with the Materials Project80-82.  

Ab initio molecular dynamics (AIMD) simulations were performed in 

supercell models using non-spin-polarized DFT calculations with a -centered k-

point. The time step was set to 2 fs. The initial structures were statically relaxed and 

were set to an initial temperature of 100 K. The structures were then heated to 

targeted temperatures at a constant rate by velocity scaling during 2 ps. NVT 

ensemble using Nosé-Hoover thermostat120 was adopted. The total time of AIMD 

simulations were in the range of 100 ps to 1000 ps until the diffusivity is converged. 

The ionic diffusivity and conductivity were calculated following established method 
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in previous study.38,40,121 The probability density of mobile ions was calculated as the 

fraction of time that each spatial location is occupied. 

5.2.2. Topological analysis of crystal structural framework 

The topological analysis of crystal structural framework is performed using 

the Voronoi-Dirichlet partition algorithm implemented in Zeo++ 122,123. The 

topological analysis is performed on the non-Li crystal structural framework (Fig. 

5.2a), where all Li were removed. The crystal ionic radius is used for all ion 

species124, and for sites with co-occupancy of more than one ion species, the smallest 

crystal ionic radius is used. All topologically accessible Voronoi void nodes are 

obtained by performing Voronoi-Dirichlet partition (Fig.5.2b). These Voronoi nodes 

correspond to the center of local space that may be occupied Li ions.  

The effect of anions and non-Li cations in the crystal structural framework are 

also considered for determining potential Li occupancy in Voronoi nodes. Each 

Voronoi node has the property of void radius, which is the size of the local void 

space. The Voronoi nodes that are too short distance to other non-Li cations were 

removed as not suitable for Li-ion occupancy. The minimum cut-off distance between 

the Li sites and cations is 2.3 Å and 2.5 Å for oxides and sulfides, respectively. The 

value is determined from analysis of all Li containing oxides and sulfides compounds 

from Materials Project. In addition, to consider the effect of anions framework, bond 

valence analyses are performed on every Voronoi nodes using pymatgen package84, 

and the Voronoi nodes of poor values of bond valence were also removed as not 
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suitable for Li-ion occupancy (Fig.5.2c). The appropriate bond valence for potential 

Li sites is set to be 0.5-1.2 for oxide materials and 0.4-1.1 for sulfide materials. The 

cut-off values for cation distances and BV are chosen so to reproduce all 

experimental Li sites in Li2O and Li2S.  

Since each Voronoi nodes represents a local space and many Voronoi nodes 

are nearby each other, we determined potential Li site as a collection of multiple 

nearby Voronoi nodes by the following steps: Firstly, we grouped the nodes to groups 

if the corresponding void spaces overlap with each other. Secondly, we select the 

potential Li sites from each group. In each group, if the maximum value of dij (dij is 

distance between node i and node j)  is smaller than 1.8 Å, we used the center of all 

nodes to represent the group. In the case of larger node cluster, we selected the node 

by the order of large radius to small radius and make sure no any two nodes are 

within distance of 1.8 Å. With the potential Li sites, we divided all nodes into node 

clusters based on the distance to the potential Li sites. The size of node cluster is 

defined as maximum value of ri+rj+dij, (ri, rj are node radius of node i and j, dij is 

distance between node i and node j) over all pairs of nodes within the cluster. As 

shown in Results (5.3.1), these predicted potential Li sites agrees perfectly with the 

experimental Li sites, suggesting the validity of topological analysis in identifying the 

Li sites of crystal structure framework (Fig.5.2e.f). 

To analyze connectivity among Li nodes, we determine the minimum Li-Li 

distance d that can connect the Li nodes to form a 3D percolated network. The 



 

 

95 

 

smaller value of d suggests that the Li nodes/sites have smaller distances and can 

more easily form a form 3D percolated network. 

 

5.2.3. HT screening of crystal structural framework 

Table 5.1. The results of HT computation screening framework. 

Screening Step 

Number of oxides 

compounds 

Number of sulfides 

compounds 

1. All oxides/sulfides containing Li 5537 510 

2. Structure checking 2878 157 

3. Proper Li percolation radius 2212 114 

4. Well-connected 3D Li channel 984 59 

5. Large nodes cluster 704 40 

6. Practical consideration 290 40 

7. Unique frameworks 79 20 

We performed the HT screening of crystal structural framework using our 

identified features. The HT screening is performed on all oxides/sulfides containing 

Li from ICSD database (V3.4.0, step 1 in Table 5.1). The screening step and 

corresponding number of compounds passed the step are summarized in the table 1. 

The details about the screening steps are as follow: 

Structure checking (Step 2): We excluded the compounds that have any 

following attributes: having number of elements < 3; having number of sites > 500; 
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containing radioactive elements; having no/wrong oxidation states; containing water; 

containing disordered anion sites. For structures with sites with partial occupancy or 

multiple ionic species, we handled them as follows: the sites with Li partial 

occupancy are treated as Li sites, other sites with partial occupancy or multiple ions 

are treated as the ion species with the smallest radius. For example, the site shared by 

Ge4+ and P5+ in LGPS is treated as P5+. 

Proper Li percolation radius (Step 3): We excluded the compounds without 

decent percolation radius for the 3D diffusion network of crystal structural 

framework. Using topological analysis, we excluded oxides compounds with 

percolation radius of < 0.5 Å and sulfides with percolation radius of < 0.55 Å. These 

values are chosen so all known SICs can pass the screen as shown in 5.3.2.  

Well-connected 3D Li channel (Step 4): We calculated the minimum linking 

length d that can connect Li nodes to form a 3D percolation network as shown in the 

5.3.2. We excluded the compounds with d > 3 Å. The value is chosen so all SICs can 

pass the screen as shown in 5.3.2.  

Practical consideration (Step 5): For practical consideration, we excluded all 

following compounds: ternary compounds Li-O-X, where X is S, I, Si, C, P, Al, Ge, 

Se, B, or Cl, which we consider to be well explored; oxide compounds containing 

conductive transition metal elements, such as Fe, Mn, Ni, Ti, Mo, V, or Co; oxide 

compounds containing N, Re, Ho, Hf, Ru, Eu, Lu;  compounds in which Li share sites 

with other elements. The details of these compounds can be found in SI. 
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Doping and DFT computation of representative compounds 

For each identified compound potential to be SIC, we aim to identify the 

doping methods that increase the Li concentration or introduce Li vacancies into the 

structure, and in the meanwhile maintain the phase stability of the material. For one 

compound, we selected one or several dopants with highest substitution probability92 

for the major cation substitution. We calculated the phase stability for all doped 

compositions and we rejected the compounds with poor stability (Ehull > 50 

meV/atom ). The doped compounds with good stability were further evaluated for 

their lithium diffusional properties. 

 

Diffusion screening by AIMD simulations 

From Nernst-Einstein relation and Arrhenius relation, we have the following 

relationship between conductivity and temperature: 

𝜎𝑇 = 𝜎0𝑇0exp (−
𝐸𝑎

𝑘𝑇
),     (5.1) 

where  is conductivity, T is temperature, 0 and T0 are pre-exponential factors, Ea is 

activation energy and k is Boltzmann constant. We only run AIMD simulations at 

1150 K and 900 K, using a scheme modified from Ong et al.125 To achieve 300K > 0.1 

mS/cm, log(T)1150K can be calculated from equation (5.1) to be smaller than 1.1 

log(T)900K – 0.16, where  is conductivity in unit of mS/cm, T is temperature in unit 

of K. We exclude the materials with  1150K < 33 mS/cm, which would not likely to 
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be super-ionic at RT (assuming Ea=0.25 eV and 300K = 0.1 mS/cm) and would be 

have poor statistics errors in our AIMD simulations screening. 

 

5.2.4. Doping and DFT computation of representative compounds 

For each identified compound potential to be SIC, we aim to identify the 

doping methods that increase the Li concentration or introduce Li vacancies into the 

structure, and in the meanwhile maintain the phase stability of the material. For one 

compound, we selected one or several dopants with highest substitution probability92  

for the major cation substitution. We calculated the phase stability for all doped 

compositions and we rejected the compounds with poor stability (Ehull > 50 

meV/atom ). The doped compounds with good stability were further evaluated for 

their lithium diffusional properties. 

 

5.2.5. Diffusion screening by AIMD simulations 

From Nernst-Einstein relation and Arrhenius relation, we have the following 

relationship between conductivity and temperature: 

𝜎𝑇 = 𝜎0𝑇0exp (−
𝐸𝑎

𝑘𝑇
), 

where  is conductivity, T is temperature, 0 and T0 are pre-exponential 

factors, Ea is activation energy and k is Boltzmann constant. We only run AIMD 

simulations at 1150 K and 900 K, using a scheme modified from Ong et al.125 To 
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achieve 300K > 0.1 mS/cm, log(T)1150K should be smaller than 1.1 log(T)900K – 

0.16, where  is conductivity in unit of mS/cm, T is temperature in unit of K. We 

exclude the materials with  1150K < 33 mS/cm, which would not likely to be super-

ionic at RT (assuming Ea=0.25 eV and 300K = 0.1 mS/cm) and would be have poor 

statistics errors in our AIMD simulation screening. 
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5.3. Results and Discussion 

5.3.1 Li-ion spatial occupancy density from AIMD simulations 

 

Fig. 5.1. Li ion diffusion in typical lithium containing compounds, Li2S, LLZO, 

LGPS, LATP. (a) Li+ spatial occupancy density from AIMD simulations, (b) The 

cross section of Li+ spatial occupancy density as shown in (a), (c-d) Li+ spatial 

occupancy density with (c) experimental sites and (d) Voronoi nodes within local Li 

sites and diffusion channel. 
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A notable common feature of SIC crystal structural framework is noted from 

the Li+ spatial occupancy density in the crystal structure from AIMD simulations. We 

noted many SICs exhibit an elongated spatial occupancy density of Li ions (Fig. 5.1). 

For non-SIC structures such as Li2S, the single experimental Li site and Voronoi 

nodes can fully represent the local spherically symmetric occupancy density. In 

contrast to Li2S, for SIC structures such as LGPS, LLZO, LATP, the local occupancy 

density is not necessarily spherically symmetric, such as the octahedral sites in LLZO 

or Li sites in LGPS and LATP. The experimental two Li 96h sites and two Li1 sites 

are results of the non-spherically symmetric local occupancy density. The Li+ spatial 

occupancy density from AIMD simulations agrees with the nuclear density obtained 

from neutron diffraction analyses126-128. The elongated spatial occupancy density 

corresponds to a flat energy landscape, which can promote the Li disordering. It was 

speculated that the flat energy landscape corresponding to the elongated spatial 

occupancy density is the key for the low energy barrier concerted migration 

mechanism40. 

In addition, these Li+ spatial occupancy densities coincide with the multiple 

partially occupied sites (Fig. 5.1). These sites are within a short Li-Li distance, where 

only one Li can occupy one of such sites. For example, there are two neighboring Li1 

sites in LGPS with a partial occupancy of 0.466 and a short distance of 1.5 Å, and 

two 96h sites in LLZO with a partial occupancy of 0.35 and a short distance of 0.8 Å.  

These two close sites with partial occupancy may also be a crucial feature of SICs, as 

they indicate a flat energy landscape nearby these two sites. Therefore, as shared 
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common features of SICs, these elongated sites are highly correlated with the 

elongation in Li density. Since Li sites and their potential energy surface (PES) are 

originated from the crystal structural framework, we then analyze the topology of the 

crystal structural framework.  
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5.3.2. Analyzing Li diffusion channel 

 

Fig. 5.2. Topological Analysis of Li sites and diffusion channels in LGPS. (a) 

Crystal structure of LGPS without Li. (b) All Voronoi nodes from topological 
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analysis on non-Li crystal structural framework. (c) Li nodes after considering the 

chemical environment such as BV and cation distances. (d) Li+ spatial occupancy 

density from AIMD simulations in consistency with Voronoi nodes in (c), and the 

connection among Voronoi nodes represent the Li diffusion channels from AIMD 

simulations. (e) Predicted Li sites from Voronoi clusters in good agreement with (f) 

Experimental Li sites (Li1-Li4). 

 

Through topological analyses, we found that Li sites characterized from the 

experiments can be well represented by the Voronoi nodes of the non-Li crystal 

structural framework. The Voronoi nodes with the proper consideration of cation and 

anion effects provide a very good description of the local energy landscape of Li in 

the crystal structural framework. For example, In LGPS as shown in Fig. 5.2, the 

node clusters (Fig. 5.2e) match well with the Li1-Li4 sites in LGPS (Fig. 5.2f). In 

consistent with previous observation, two neighboring Li1 sites can be considered as 

a single elongated site, since only one of the neighboring two Li1sites can be 

occupied at the same time. These two Li1 sites are in agreement with the multiple Li 

nodes clustered together, suggesting a local large and elongated space for Li 

occupancy with a possibly flat, low-barrier energy landscape.  

The Voronoi nodes with proper chemical considerations are both approximate 

representations of the spatial occupancy density. For a range of SICs, we also 

observed the experimental sites agree well with the grouped node clusters (Fig. 5.1d). 

In addition, the connections among Li nodes (Fig. 5.2d) form a percolation network 
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with a connection of 2.5A, and agree well (Fig. 5.2d) with the Li+ spatial occupancy 

density, which describes the Li+ distribution within the structure. Beside LGPS, other 

SIC compounds LLZO and LATP also showed the good agreement between Voronoi 

nodes and Li sites.  

Therefore, both Li sites and Li diffusion channels in Li-ion conducting 

structural framework can be reproduced from the topological analysis with simple 

chemical considerations. The agreement between Li Voronoi nodes and experimental 

Li sites, and the consistency between diffusion channels from MD simulations and 

diffusion channels predicted by connecting the Li Voronoi nodes, demonstrate the 

intrinsic physical relationship between the non-Li framework structure and Li 

sublattice. The physical relationship allows us to identify and predict potential Li-ion 

conductors using the non-Li crystal structural framework as the input.  
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5.3.3. Criteria for good Li diffusion channels  

 

Fig. 5.3. Statistical analysis of structural features in Li-containing oxides and 

sulfides. (a-b) Distribution of Li percolation radius of oxides (a) and sulfides (b). (c-

d) Distribution of minimum Li-Li distance for forming 3D percolation in oxides (c) 

and sulfides (d), *LLTO is for 2D percolation. (e-f). Distribution of the size of node 

cluster of all compounds with 3D percolated channel in oxides (e) and (f) sulfides. 
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*LLTO is with 2D percolation channel (f). Values for representative known SICs are 

marked in each histogram. 

To identify the features of structural frameworks for SICs, here we perform 

topological analyses on all Li containing oxides and sulfides. It is well known that the 

bottleneck radius is crucial for having low energy barrier of Li migration. The Li 

percolation radius of all Li containing oxides and sulfides are summarized in Fig. 

5.3a-b. In general, we observe that the percolation radii of known SICs fall within a 

narrow range (Fig. 5.3a-b). Oxide SICs have percolation radii within the small range 

of 0.5–0.75 Å. The percolation radii are 0.54 Å, 0.62 Å, 0.72 Å for garnet LLZO, 

LISICON and NASICON, respectively. For sulfides (Fig. 5.3b), the percolation radii 

of SICs are in the range of 0.55 Å–0.7 Å. The percolation radii are 0.58 Å, 0.61 Å 

0.64 Å, 0.67 Å for LiZnPS4, LGPS, Li7P3S11 and -Li3PS4, respectively. This 

observation is consistent with the common knowledge that a diffusion channel size 

that is too big or too small would lead to higher barrier for ion migration.   

The connectivity of Li nodes, which corresponds to the Li diffusion channel, 

is crucial for fast ion conductors. We calculated the minimum Li-Li distance of d that 

can connect Li nodes to form a 3D percolated network. In all SIC compounds, the Li 

nodes form a 3D percolation network with a minimum Li-Li distance of < 3 Å. The 

well-connected 3D network can facilitate the ionic diffusion within the structure.  

Many SICs exhibit an elongated spatial occupancy density of Li ions, as 

observed in Fig. 5.1 and 5.2. The elongated spatial density corresponds to a spatially 

large space with flat energy landscape and can be the key for the low barrier Li+ 
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migration. We analyzed the size of the largest node cluster for all compounds with 3D 

percolation network (3 Å bond length). A large node cluster corresponds to a large 

void space of proper chemical environment within the framework. The sizes of the 

largest Voronoi cluster in known SICs are all larger than 2.2 Å. For example, the size 

of largest node cluster is 2.4 Å, 2.7 Å, 3.3 Å, 4.5 Å and 5.2 Å for LLZO, LISICON, 

LGPS, -Li3PS4 and LiZnPS4. The infinite size for NASICON and Li7P3S11 are due to 

the periodic boundary condition. Such large void space is necessary for the elongated 

spacial occupancy density. 

 

5.3.4. High Throughput screening of crystal structural framework 

Since we demonstrated the topological analyses of crystal structural 

framework is effective in determining Li sites and diffusion channels, we then use the 

same topological analyses with these identified criteria of structural features, such as 

the percolation radius, minimum Li-Li length for 3D percolation, and size of node 

clusters (values as identified in 5.3.3), to screen for new crystal structural framework 

with potential to be good Li-ion conductors. In our HT screening, we analyze all 

lithium containing oxides (5537) and sulfides (510) from ICSD. In addition to other 

basic considerations in methods, The screening criteria are as follows. The structures 

should have Li percolation radius larger than 0.5 Å and 0.55 Å for oxides and 

sulfides, respectively, as determined in the section 5.3.3. In order to have well-

connected 3D Li network, the structures should have minimum Li-Li distance for 3D 
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percolation of less than 3 Å. In addition, the structure should have large node cluster 

with a size is > 2.2 Å, as determined in section 5.3.3. Out of 5537 oxides and 510 

sulfides analyzed, 704 oxides compounds and 40 sulfides compounds passed these 

three structural criteria. In addition, we apply some practical consideration as 

described in 5.2.3, and some oxides with certain transition metal elements or in a few 

well-explored oxide system are excluded. Moreover, we also grouped those structural 

frameworks that are symmetrically similar. Finally, we obtained 81 unique oxides and 

20 unique sulfides crystal structural frameworks (Table 5.2). Among them, there are 4 

well-known SIC oxides groups, Garnet, NASICON, Li3A2(PO4)3 129 and LISICON, 

and 4 known SIC sulfides, LGPS, LiZnPS4, Li7P3S11 and -Li3PS4. We summarized 

the ICSD collection indexes and representative compositions for these 101 crystal 

structural frameworks in table 5.2. 
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Table 5.2. HT screening results for the crystal structural framework of potential Li-

ion conductors. Compounds that pass further AIMD screening are highlighted. 

 

ICSD 

ID 

Composition 

ICSD 

ID 

Composition 

ICSD 

ID 

Composition 

Known 

SICs 

100169 Li3.4Zn0.3GeO4 69763 LiGe2(PO4)3 422259 Li7La3Zr2O12 

50420 Li3Sc2(PO4)3 180319 Li3PS4 95785 LiZnPS4 

188887 Li10GeP2S12 157654 Li7P3S11   

Compounds 

with high 

potential to 

be SICs 

635 Li2Hg(PO3)4 50612 Li2AlBO4 97909 LiAlSiO4 

1044 Li2WO4 50950 LiZnPO4 161763 Li2Ga2GeS6 

1045 Li2WO4 51314 LiAlB2O5 172184 Li9Ga3P8O29 

1123 LiP3PbO9 51754 Li3Al(BO3)2 180318 Li6P2S7.8 

1411 Li4PbO4 55665 LiAlSiO4 182033 LiNbO3 

1485 Li2TeO4 60948 Li3In2(PO4)3 192496 Li2B3PO8 

1897 Li2W2O7 65260 KLi4AlO4 200520 LiPr(WO4)2 

2452 LiTa3O8 65764 LiZnPO4 202116 NaLi3GeO4 

2929 LiAlSiO4 66137 LiAlSiO4 238234 Li2FeGeS4 

4253 LiNd(PO3)4 67535 LiGeBO4 240704 Li1.44Al1.44Si1.56O6 

4317 Li2TeO3 67991 Li14Be5B10O27 241234 Li3Sc(BO3)2 

8237 Li2ZnSiO4 68465 LiGaS2 248343 Li3B(PO4)2 

14235 LiAlSi2O6 68653 Li6Y(BO3)3 250678 Li2TeWO6 

15395 Li2WO4 71035 KLi6BiO6 262642 Li2In2SiS6 

15415 LiAl(Si2O5)2 72098 Li3AlGeO5 279578 Li2Al(BO2)5 

22010 LiAlSiO4 73124 KLi4NbO5 280992 LiTaGeO5 

23017 Li4Zn(PO4)2 73150 Li5B7S13 291512 NaLi2B(PO4)2 

26451 Li2Te2O5 73151 Li9B19S33 291513 Na2LiB5(PO7)2 

26836 Li4SiGe3O10 74860 LiAl(PO3)4 380104 Li3BS3 

30909 Ba2Li3(PO3)7 78326 Li10Si2PbO10 413371 Li7NbO6 
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Table 5.2. (continued). 

Compounds 

with high 

potential to 

be SICs 

31316 LiScO2 79098 CsNa3Li12(GeO4)4 415208 LiEuPS4 

31941 Li2ZrO3 79352 LiZnPO4 415336 Li9Nd2(PS4)5 

35250 K2Li14Pb3O14 79616 SrLi(BS2)3 417653 Li6Y3(PS4)5 

35252 Li8Nb2O9 82277 LiBiO3 418488 Li24.8P4S21Br3 

36475 Li2.1W0.9Nb0.1O4 86458 Li3Sc2(PO4)3 423127 LiIn(WO4)2 

37084 KLi3PbO4 88785 Li2GeTeO6 424079 Li2B8SeO15 

38250 KLi(PO3)2 90849 LiSi2BO6 424834 Li3SbS3 

38324 KLi3GeO4 91496 LiScP2O7 425763 Li4MnGe2S7 

39464 LiNbGeO5 92708 LiAlSiO4 427399 CsLi(B3O5)2 

39648 LiTaSiO5 93013 BaLi(B3O5)3 429249 Li3AsW7O25 

40245 Li3BiO3 94355 Li3In(BO3)2 430770 LiBi3S5 
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5.3.5. New SIC compounds 

 

Fig. 5.4. AIMD screening. The σ*T at 900 K and 1150 K for known Li SIC and 

the representative compounds of new crystal structural framework in this study. 

The known SICs are numbered : Li7P3S11 (1), β-Li3PS4 (2), Li2Zn0.5PS4 (3), 

LGPS (4), LISICON (5), NASICON (6), Garnet (7), LLTO (8) 

 

From the HT screening, we obtained 93 potential new SIC oxide or sulfide 

frameworks. For each framework, we select one representative composition. In order 

to activate the fast ionic diffusion within these potentially good compounds, we 

applied aliovalent doping to change the Li concentration. Only those doped 

compounds with a reasonable phase stability is further screened in AIMD simulation.  
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Since we have a large number of candidates, we adopted a quick diffusion estimation 

scheme as in previous study by Ong et al. (details in method section 5.2.5). The 

AIMD simulation were performed at 1150 K and 900 K to calculated the Li+ 

conductivity. According to the preliminary screening scheme based on two 

conductivity data points, those falling within the blue region (Fig. 5.4) have the 

potential to have Li conductivity of > 0.1 mS/cm at 300K. All known SICs fall within 

the good region to be predicted to be > 0.1 mS/cm at 300K. The ability to uncover 

known SICs confirm that our identified features for crystal structures are effective 

descriptors of fast-ion conductors, and also confirm the validity of our entire 

structural and AIMD screening scheme. In addition, Our AIMD simulation screening 

found 19 candidates that are predicted to have Li+ conductivity of > 0.1 mS/cm at 

300 K. These computationally predicted compounds may need further detailed 

computational study and experimental studies to confirm.  

 

5.4. Conclusion 

In summary, we performed a quantitative analysis of crystal frameworks for 

Li SICs. With the aid of AIMD simulations of Li diffusion within the SIC structures 

combined with detailed topological analyses of the crystal structural framework, we 

identified the key common feature of crystal structural framework for SICs. Based on 

the determined attributes, we performed a high-throughput screening of all lithium-

containing oxide and sulfide compounds from ICSD. Our structural screening 
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uncovered all known SICs, confirming the validity of our results and approach. In 

addition, we also uncovered many crystal structure frameworks with potential to be 

fast ion conductors. Through aliovalent doping, we modified the Li content of these 

structures which resulting in different Li sublattice within the structure and we found 

19  SIC compounds which are predicted by AIMD to have Li+ conductivities greater 

than 0.1 mS/cm at 300K. 

  



 

 

115 

 

Chapter 6:  Conclusions and Future work 

6.1. Conclusions 

The major conclusions of this dissertation are summarized below: 

1) We re-examined the process to estimate diffusivity and ionic conductivity from 

the AIMD simulations and establish the procedure to minimize the fitting errors. 

We proposed methods for quantifying the statistical variance of the diffusivity 

and ionic conductivity from the number of diffusion events observed during the 

AIMD simulation. Our work provides the foundation for quantifying the 

statistical confidence levels of diffusion results from AIMD simulations and for 

correctly employing this powerful technique. 

2) In NBT, oxygen conduction is mediated by oxygen vacancies, and that the local 

atomistic configurations have a significant impact on the oxygen diffusion. While 

the high polarizability of the Bi ions promotes fast O diffusion, the Mg dopants 

bind with oxygen vacancies and increase the oxygen migration barriers.  Our first 

principles computation predicted that Na and K were promising dopants to 

increase oxygen ionic conductivity. The newly designed NBT materials with A-

site Na and K substituted A sites exhibited a many-fold increase in the ionic 

conductivity at 900K comparing to that in the Mg doped compound at the same 

oxygen vacancy concentration.  

3) We demonstrated that the concerted migration with low energy barrier is the 

common mechanism of fast ionic diffusion in a broad range of ionic conducting 
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materials. Our theory provides a conceptually simple framework for guiding the 

design of super-ionic conductor materials, that is, inserting mobile ions into high-

energy sites to activate concerted ion conduction with lower migration barriers.  

4) We demonstrated this strategy by designing a number of novel fast ion conducting 

materials to activate concerted migration with reduced diffusion barrier. We used 

aliovalent doping to convert poor Li-ion conductors, such as LiTaSiO5, LiAlSiO4, 

into SIC materials with significantly reduced migration barrier of 0.23-0.28 eV 

and Li+ conductivity of 1-4 mS/cm at RT. 

5) We identified the key common feature of crystal structural framework for fast 

lithium ionic diffusion. Based on the determined attributes, we performed a high-

throughput screening of all known lithium-containing oxide and sulfide 

compounds from ICSD. Our HT screening scheme uncovered many crystal 

structure frameworks with potential to be fast ion conductors. Through aliovalent 

doping, we modified the Li content of these structures which resulting in different 

Li sublattice within the structure and we found 17  SIC compounds which are 

predicted by AIMD simulations to have Li+ conductivities greater than 0.1 mS/cm 

at 300K. 
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6.2. Future work 

This dissertation demonstrates the study on atomistic diffusion process in fast 

ionic conductors by first principles calculations. There are many remaining research 

problems regarding ionic conductors. A few possible future directions are listed as 

follows. 

The computational techniques for the design and discovery of new ionic 

conductor materials can be further improved. In current computational approaches, 

we often need to explore a large number of dopants and compositions to identify the 

compositions with optimal properties. Therefore, a predictive model that requires 

only a small computational cost to predict optimal doped compositions and their 

diffusional properties would greatly accelerate the design and optimization of ionic 

conductor materials. High-throughput computation combined with data-driven 

approaches may play a crucial role in quantifying composition-structure-property 

relationships over a broad materials space. 

In addition to fast ionic diffusion, ionic conductors must simultaneously 

satisfy more requirements to be successfully used in ASBs. The SE need to fulfill the 

mechanical requirements to allow it to retain physical contact with the electrodes after 

repeated voltage cycling, where both electrodes undergo significant volume changes. 

Air and moisture stability of SEs is important for reducing manufacturing costs and 

for enabling solution-based processing to achieve a high loading of active electrode 

material. In addition, the synthesis, processing, and manufacturing of the SE must be 

cost-effective at a large scale.    
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