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2D materials have attracted tremendous attention due to their unique physical and 

chemical properties since the discovery of graphene. Despite these intrinsic properties, 

various modification methods have been applied to 2D materials that yield even more 

exciting results. Among all modification methods, the intercalation of 2D materials 

provides the highest possible doping and/or phase change to the pristine 2D materials. 

This doping effect highly modifies 2D materials, with extraordinary electrical transport as 

well as optical, thermal, magnetic, and catalytic properties, which are advantageous for 

optoelectronics, superconductors, thermoelectronics, catalysis and energy storage 

applications. To study the property changes of 2D materials, we designed and built a 

planar nanobattery that allows electrochemical ion intercalation in 2D materials. More 

importantly, this planar nanobattery enables characterization of electrical, optical and 

structural properties of 2D materials in situ and real time upon ion intercalation. With this 

device, we successfully intercalated Li-ions into few layer graphene (FLG) and ultrathin 

graphite, heavily dopes the graphene to 0.6 x 1015 /cm2, which simultaneously increased 

its conductivity and transmittance in the visible range. The intercalated LiC6 single 

crystallite achieved extraordinary optoelectronic properties, in which an eight-layered Li 



intercalated FLG achieved transmittance of 91.7% (at 550 nm) and sheet resistance of 3 

ohm/sq. We extend the research to obtain scalable, printable graphene based transparent 

conductors with ion intercalation. Surfactant free, printed reduced graphene oxide 

transparent conductor thin film with Na-ion intercalation is obtained with transmittance 

of 79% and sheet resistance of 300 ohm/sq (at 550 nm). The figure of merit is calculated 

as the best pure rGO based transparent conductors. We further improved the tunability of 

the reduced graphene oxide film by using two layers of CNT films to sandwich it. The 

tunable range of rGO film is demonstrated from 0.9 um to 10 um in wavelength. Other 

ions such as K-ion is also studied of its intercalation chemistry and optical properties in 

graphitic materials.  

We also used the in situ characterization tools to understand the fundamental properties 

and improve the performance of battery electrode materials. We investigated the Na-ion 

interaction with rGO by in situ Transmission electron microscopy (TEM). For the first 

time, we observed reversible Na metal cluster (with diameter larger than 10 nm) 

deposition on rGO surface, which we evidenced with atom-resolved HRTEM image of 

Na metal and electron diffraction pattern. This discovery leads to a porous reduced 

graphene oxide sodium ion battery anode with record high reversible specific capacity 

around 450 mAh/g at 25mA/g, a high rate performance of 200 mAh/g at 250 mA/g, and 

stable cycling performance up to 750 cycles. In addition, direct observation of 

irreversible formation of Na2O on rGO unveils the origin of commonly observed low 1st 

Columbic Efficiency of rGO containing electrodes. Another example for in situ 

characterization for battery electrode is using the planar nanobattery for 2D MoS2 

crystallite. Planar nanobattery allows the intrinsic electrical conductivity measurement 



with single crystalline 2D battery electrode upon ion intercalation and deintercalation 

process, which is lacking in conventional battery characterization techniques. We 

discovered that with a “rapid-charging” process at the first cycle, the lithiated MoS2 

undergoes a drastic resistance decrease, which in a regular lithiation process, the 

resistance always increases after lithiation at its final stage. This discovery leads to a 2-

fold increase in specific capacity with with rapid first lithiated MoS2 composite electrode 

material, compare with the regular first lithiated MoS2 composite electrode material, at 

current density of 250 mA/g. 
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Chapter 1: Introduction 
 

 
1.1 Introduction to 2D materials 
 

 

1.1.1 What are 2D materials? 
 

 

2D materials are a class of materials that are of one or few atomic layer thick that 

exhibit distinct different properties of its bulk form.1-7 Graphene, an air-stable atomic 

layer thick carbon with honeycomb structure was first exfoliated in 2004 and exhibit 

unique “Dirac-cone” bandstructure (Figure 1.1 (a-b)) and ultrahigh electron mobility thus 

lead to excellent electrical and optical properties.3, 8-10  Since the discovery of graphene, 

numerous 2D materials (Figure 1.1 (c-e) and table 1.1) have been studied with interesting 

physical and chemical properties. For example, hexagonal MX2 (2H-MX2, i.e. MoS2, 

WS2) in its bulk form is a semiconductor with an indirect bandgap.11 When the its layer 

number decreases, the indirect bandgap increase at Γ point due to the decoupling between 

each X-M-X interlayers, where its state originate from a combination of d-orbitals on M 

atoms and antibonding pz orbitals on X atoms. While the states at the K point are 

primarily composed of strong localized M d-orbital, and this bandgap is independent with 

layer numbers since the M atoms are in the middle of the X-M-X layer, isolated from 

neighbor M atoms between layers. The indirect bandgap of quantitative change from bulk 

MX2 to its monolayer brings a qualitative change in bandgap, where a direct bandgap 

generate at K point.11, 12 (Figure 1.2) Also, phase change can be induced in MX2 materials 

from 2H to 1T phase via chemical treatment, where its semiconducting nature of MX2 

will change to metallic, with conductivity increase with orders of magnitude.13 The 

variety and novel properties of 2D materials spur fundamental studies and technological 
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advancements for a wide range of applications including (opto)electronics,14, 15 

superconductors,16 photonics,17 catalysis,6 piezoelectric devices18 as well as energy 

storage19-21 and conversion devices.22 

 

 

Figure 1.1. (a) schematic of atomic structure of graphene (top view and side view),7 (b) 

calculated bandstructure of monolayer graphene, zoomed-in Dirac cone structure,8 (c-e) 

schematic atomic structure (top view and side view) of Boron Nitride, hexagonal and 

tetragonal metal dichalcogenide7. 
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Figure 1.2 Calculated bandstructure of bulk, 4-layers, bilayer and monolayer MoS2.12 

 

Table 1.1 A summary of 2D materials, including graphene family, 2D chalcogenides and 

2D oxides.2  

 
 

 

1.1.2 Preparation and growth of 2D materials 
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To date, single- and multi-layered 2D materials have been prepared using 

numerous mechanical, chemical and electrochemical methods.23 In general, the parent 

compounds of 2D materials are layered structures held together by strong in-plane 

covalent bonds and weak out-of-plane van der Waals forces. Exfoliation of these layered 

materials is enabled by taking advantage of their weak interlayer forces. Since Novoselov 

et al. successfully exfoliated bulk layered crystals into atomically thin layers (2D 

materials), the mechanical exfoliation (or scotch tape method) has gained widespread use 

to fabricate 2D materials as well as unique planar devices.3, 24, 25 This method was 

originally developed for exfoliating 2D graphene layers from bulk graphite but has been 

universally applied to additional 2D materials including graphene analogs such as 

hexagonal boron nitride (hBN) as well as numerous 2D transition metal dichalcogenides, 

among others.4 Unfortunately, the material yield from mechanical exfoliation is not 

sustainable for large-scale production.26  

Chemical vapor deposition (CVD) is a well-known bottom-up growth technique 

for 2D materials (graphene, MoS2, boron nitride, among others) providing large-scale 

synthesis of mainly single-layered sheets.9, 27-34 In this growth process, the deposition of 

solid materials occurs via chemical reactions of the precursor species which are 

controlled through processing parameters such as growth temperature, atmospheric 

conditions, the type of precursor, substrate and catalyst.9, 27, 28, 35 CVD of monolayer 

graphene is conventionally done on inexpensive copper foil substrates.27-29, 35, 36 However, 

transfer methods (such as the poly(methyl methacrylate) method) must be employed to 

relocate the 2D materials to the substrate of choice.27, 37-39 This adds extra processing 

steps and creates polymeric residue on the sheets which must be removed to regain the 
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2D materials’ desired properties for fundamental studies and/or functional devices. 

Additionally, structural defects are often introduced during the growth and transfer 

processes which alter the material’s properties.  

 

An alternative approach to obtain large scale production of 2D materials is 

through chemical methods via liquid-based exfoliation.9, 40-50 Liquid-phase exfoliation 

relies on intercalation chemistry where foreign species are inserted into the van der Waals 

gap of each layer. The insertion of guest species such as solvent molecules increases the 

interlayer spacing, weakens the adhesion between layers and facilitates separation into 

2D nanosheets. To initiate the intercalation and exfoliation of the 2D materials, 

sonication and centrifugation techniques are conventionally employed. However, 

sonication breaks the layers into sheets with small lateral dimensions (typically <1-2 µm) 

and creates mainly few-layered 2D materials.40, 45, 51 Due to the presence of solvent and 

shear forces through sonication, the exfoliated flakes usually have chemical residues and 

a surplus of structural defects. This limits the potential of liquid exfoliated 2D materials 

since high-performance practical devices typically rely on high aspect ratio materials (i.e. 

the lateral width of 2D flakes is much larger than the flake thickness or number of layers) 

with low defect densities to improve properties. Additionally, the choice of solvent is 

crucial since efficient exfoliation relies on a stable dispersion as well as matching surface 

energies and solubility parameters (Hansen solubility parameters, Hildebrand parameter, 

etc.).40  The types of solute-solvent interactions describe the dispersion process and are 

typically broken down into dispersion, polar and hydrogen bonding interactions, as 

denoted by the Hansen solubility parameters.40  
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Electrochemical intercalation method has also been applied to obtain 2D materials. 

Similar to liquid-phase exfoliation via solvent intercalants, ions or ionic compounds can 

be intercalated into layered materials, which reduce the interlayer adhesion between 

layers and create thin 2D nanosheets.52, 53 Among these intercalation methods is ion 

exchange where the intercalants (i.e. ionic compounds) can weaken the interlayer forces 

by transferring charge to the 2D layers and enable exfoliation through shear forces. 

Numerous ion-based intercalants have successfully exfoliated graphite as well as 

transition metal dichalcogenides.9, 43, 52-56 

 

1.1.3 Modification of 2D materials 
 

 

Despite the unique intrinsic properties of 2D materials, various modification methods 

have been applied to these materials that yield even more exciting outcomes. We 

summarize the common modification methods of 2D materials in the following 

categories: (1) dimension sizing,57  (2) vertical/lateral heterojunctions,2, 58 (3) alloying 

and hybridization,59, 60 (4) intercalation,61, 62 (5) external field tuning,63, 64 (6) stacking 

order,65 (7) strain engineering,66 among others. Each of these categories provide unique 

perspectives in studying both the fundamentals and applications of 2D materials. For 

example, dimensional sizing of MoS2 from few layers to a monolayer alters the material’s 

band structure from an indirect to a direct band gap,11 which drastically improves its 

performance for optoelectronic devices. The narrowing of width also leads to a band gap 

in graphene. 57In heterostructures, since many 2D materials are self-stable in air without 

dangling bonds, there is no need to consider lattice mismatches when stacking different 
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2D materials together. Thus, rationally designed 2D vertical structures provide a new 

degree of freedom for novel band engineering methods and applications.        

 

Although intercalation of layered materials in their bulk form has been extensively 

investigated,67, 68 the advent of 2D materials has significantly renewed interest in the 

field. As long as more than one atomically thin layer is present, intercalation is a 

possibility. Recent studies demonstrate that the intercalation of nanoscale-thickness 

layered materials has distinct differences compared to intercalation of the bulk materials, 

and in many cases the differences can result in drastically improved performance with 

potential in numerous applications.13, 61, 62, 69, 70 In this thesis, we will refer to these 

nanoscale-thickness layered materials as “2D materials” for simplicity, with the 

assumption that the thickness of the material is much less than it lateral extent. Typically 

the nanometer scale (1-100 nm) is the range in which confinement of the electrons and 

phonons begins to alter the electrical, optical mechanical, and other materials properties, 

hence the material begins to be two-dimensional. 

 

1.1.4 Intercalation of 2D materials 
 

 

Among all modification methods, the intercalation of 2D materials stands out as a 

unique method to tune the properties of 2D materials for the following six reasons: (1) 

intercalation provides the highest possible doping and/or phase change to the pristine 2D 

materials, especially for few-layered 2D materials, (2) the intercalation process is 

typically reversible and intrinsically changes the properties of 2D materials, and (3) 

intercalation is controllable, for example by electrochemical voltage, where the 
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concentration of the intercalation species is tunable over a wide range; (4) changes in 

intercalated 2D materials during materials preparation can be in situ or monitored in real 

time; (5) intercalation can induce structural changes, such as lattice expansion or even 

phase changes, for improved or novel physical and chemical properties; (6) the 

intercalation method is not exclusive to other modification methods that adds a new 

degree of freedom for tuning 2D materials. Thus, we will review the state-of-the-art 

status of intercalated 2D materials, their preparation methods, physical and chemical 

properties as well as their applications (Figure 1.3).  

 

Figure 1.3 Schematic illustration of tunable intercalation in 2D materials. Summary of the 

intercalation species, intercalation host (i.e. 2D materials), properties, and applications of 

intercalation tuned 2D materials.  

 

1.1.5 preparation of intercalated 2D materials 
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 Intercalated functional 2D materials are typically prepared via chemical or 

electrochemical methods. Intercalation methods irrespective of both oxidation state 

changes and maintaining charge neutrality are also possible. Zerovalent intercalation 

relies on solution-based reactions to insert zerovalent metal species within the van der 

Waals gap of 2D materials.71-73 In this way, numerous zerovalent metals including Cu, 

Ag, Au, Co, Fe, In, Ni, Pd and Sn and organic compouds can be intercalated into 2D 

materials such as Bi2Se3 and modify its physical and chemical properties.72  

Inorganic molecules can also be intercalated into 2D materials through chemical 

vapor-phase reactions. The most common preparation procedure is the two-zone vapor 

transport method where both the intercalant (such as metal chlorides and other diatomic 

molecules) and host materials (such as FLG, MoS2, among others) are heated at different 

temperatures and the gradient between them enables well-controlled intercalation 

stages.67, 74, 75 Several groups have demonstrated enhanced electrical and optical 

properties by intercalating few-layer graphene with ferric chloride (FeCl3) for use in 

novel optoelectronic devices.76-78 

Electrochemical methods enable the intercalation of cations (such as Li+) or 

anions (such as PF6
-) in the interlayer spacing of 2D materials (such as few layer 

graphene) through electrochemical reactions.79, 80 These electrochemical approaches 

typically rely on a test cell configuration where the ions are supplied by the reference 

metal (i.e. Li) anode and intercalate into the 2D material cathode through the ionically 

conducting liquid electrolyte through an external bias. Additionally, electrochemical 

exfoliation of layered materials has been successfully demonstrated.81-86 For instance, 

graphite can be electrochemically exfoliated into thin nanosheets with lateral dimensions 
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on the order of tens of microns in minutes by applying a low static bias followed by a 

high ramp bias between graphite and platinum electrodes in various electrolytes such as 

sulfuric acid.81  

 

1.1.6 Current status of intercalation tuned 2D materials 
 

 

1.1.6.1 Intercalation tuned electronic properties  

 

 

Earlier electrical transport studies focused on the intercalation of layered materials 

have been recently revisited using their atomically-thin counterparts: 2D materials.61, 78, 87 

Since intercalated species induce charge transfer in the host 2D materials, the Fermi 

energy is shifted and the density of energy states at the Fermi level increases which in 

turn, increases the charge carrier density of the 2D materials. Such an extreme doping 

capability is far beyond conventional electric-field-induced doping levels in film 

devices63, 64, or electron-double-layer (EDL) surface gating88-90 using an ionic liquid 

(Table 2). Intercalation generally provides more robust chemical compounds than a 

simple physical/chemical adsorption of molecules on the surface. This is due to the 

chemically inert and impermeable atomic thick crystals (such as graphene) that protect 

and encapsulate the unstable intercalants.  

 

Table 1.2 Maximum (max) carrier density of 2D materials with different doping methods. 
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An early experimental study of electrical transport in intercalated 2D materials was 

reported by Kim et al91 where ferric chloride (FeCl3)n  was intercalated into bilayer 

graphene (BLG) using a two-zone method to achieve a vapor-phase reaction of FeCl3 and 

BLG. By patterning the BLG sheet to a Hall-bar geometry (Figure 1.4a inset), the local 

intercalation structure can be extracted by analyzing Shubnikov-de Haas oscillations 

(SdHO) (Figure 1.4a), represented as the longitudinal resistance (Rxx) vs. perpendicular 

magnetic field B at different temperatures. At low temperatures, Rxx (B) oscillates with 

two distinct frequencies, which arise from two different carrier densities associated with 

the intercalated bilayer (decoupled to two separate monolayers) and the unintercalated 

bilayer (coupled).  Figure 1.4b represents such spatially inhomogeneous intercalation of 

FeCl3, with the intercalated domain size much smaller than 500 nm across the whole 

sample. Additionally, the band diagrams of two domains exhibit different electronic 

properties as shown in Figure 1.4c. A similar work78 was later reported by Khrapach et al., 

using an exfoliated five layer (5L) graphene device. At low temperatures, SdHO also 

exhibits two distinct types of periodic magneto-oscillations (Figure 1.4d), with further 

analysis indicating the presence of four parallel hole gases, of which one possesses 

unintercalated bilayer character and three have monolayer character (Figure 1.4e). 
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Figure 1.4 78, 91 Electrical properties of FeCl3-intercalated FLG (a) SdH oscillations in 

Rxx(B) are recorded at temperatures of 2, 10, 20, and 40 K. Inset shows a schematic of an 

intercalated bilayer graphene device. (b) Atomic structural model of intercalated and 

unintercalated bilayer graphene domains. (c) Band diagrams of two domains exhibiting 

different electronic properties, especially chemical potential, carrier density, and band 

structures. (d) Longitudinal conductance as a function of magnetic field at different 

temperatures (curves shifted for clarity). (e) Schematic crystal structure of a 5L FeCl3-

FLG in which the detailed structure was determined by electrical transport measurements. 

 

 Due to the phase transition of MoS2 induced by reversible Li intercalation, Kappera 

et al. developed a methodology to locally convert regions of the semiconductive 2H-
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MoS2 nanosheets into metallic 1T-LixMoS2 phases and use them as electrodes to achieve 

MoS2 FETs with low contact resistance.13 In Figure 1.5, Au metal pads were contacted to 

the 1T phase areas, and the contact resistance was extracted using the transfer length 

method (TLM). In comparison to the typical MoS2 devices, the resistance of the 1T 

contacts decreased by a factor of ~5 from 1.1 kΩ•µm to 0.2 kΩ•µm at zero gate bias. By 

further tuning the back gate voltage, the contact resistance decreased by another factor of 

three at a gate bias of +30V, as shown in the inset of Figure 1.5b.  

 

Figure 1.5 Electrical properties of tunable Li intercalation in MoS2 (a) Extrapolation of 

the red lines yields contact resistances (Rc) of 0.2 kΩ∙µm for 1T phase contacts at zero 

gate bias. Inset in (b) shows the percentage decrease in contact resistance with different 

gate voltages. An optical microscope image and device schematic are also shown as 

insets.13  

 

In addition to MoS2 crystals, phase transitions also occur in TaS2 during Li 

intercalation. Yu et al.62 studied various charge-ordered states in 1T-TaS2 ionic field-

effect transistors (iFETs) with different crystal thickness, in which gate-controlled Li ion 
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intercalation modulates the phase transition (Figure 1.6a). The intercalation controlled 

phase transitions can be further probed by measuring the temperature-dependent 

resistance in samples at various fixed gate voltages (i.e. fixed Li concentrations), as 

shown in Figure 1.6b-d. A clear thickness dependence is present for each sample: the 14-

nm-thick sample retains all the charge-density wave (CDW) phases; the 8-nm-thick 

sample is in the quasi-two-dimensional limit, where all but the commensurate CDW 

(CCDW) phases remain; the 3.5-nm-thick sample is an insulator without any phase 

transitions. At 10K under Li intercalation, the 14-nm device spans three different phases 

and shows resistance changes of five orders of magnitude (Figure 1.6e, upper panel). The 

volumetric charge carrier density n3D in the three phases can also be determined from 

Hall measurements (Figure 1.6e, lower panel).  More information about the competition, 

coexistence and cooperation of various collectively ordered states of intercalated TaS2 are 

summarized in the phase diagrams shown in Figure 1.6f-h.  
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Figure 1.6 Electrical properties of Li-intercalated TaS2 (a) Resistance R (normalized to its 

initial value R0) shown as a function of Vg for samples with varying thicknesses. The 

phase transition is manifested as the sudden drop in resistance by one-half. (b-d) 

Temperature-dependent resistances at fixed Vg for three sample thicknesses: 14 nm, 8 nm 

and 3.5 nm. The inset in each panel displays the gate-induced phase transition at 310 K.  

(e) Resistance and volumetric carrier density measured as a function of Vg at 10 K in the 

same 14-nm-thick sample shown in (b). (f-h) Doping–temperature phase diagrams of 1T-

TaS2 sheets in bulk, quasi-two-dimensional and two-dimensional regimes, respectively.62 

 

1.1.6.2 Intercalation tuned optical properties 
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Besides the electrochemical intercalation of metal ions, other intercalation 

methods and guest species have been employed. Among them, zerovalent metal 

intercalation in Bi2E3 (E = S, Se) materials and metal oxides have attracted tremendous 

attention recently (Figure 1.7a-c).92-94 Zerovalent metal intercalation in Bi2E3 changes its 

electronic band structure (Figure 1.7d), induces optical properties changes of the host 

materials in both the visible (Figure 1.7e) and the near-infrared range (Figure 1.7f). Co-

intercalation of various zerovalent metals in these materials has also been demonstrated.95 

A recent study on the chemical intercalation of zerovalent metals in metal oxides reveals 

the capability of reversible intercalation for chemochromic applications (Figure 1.7g-i).96 

Chemical intercalation can be further applied with organic intercalation species, which 

induces shifts in the plasma peak of the host material (Figure 1.7j-l).93 Overall, 

intercalation has been demonstrated as a very effective way to change the optical 

properties of 2D materials. We believe rational designs for the intercalation of 2D 

materials will lead to further advances with potential applications in photonics and 

optoelectronic devices.   
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Figure 1.7 Optical and photonic properties of zerovalent metal and organic intercalated 

2D materials. (a) Schematic of Cu-intercalated Bi2Se3. Microscope image of Bi2Se3 (b) 

before and (c) after Cu intercalation. (d) Band structure of Cu-intercalated Bi2Se3. Optical 

transmittance of Bi2Se3 over the (e) visible and (f) near-infrared spectral range before and 

after Cu intercalation. Schematics of zerovalent metal intercalated MoO3: (g) crystal 

structure and (h) band structure. (i) Digital images of the reversible intercalation of Co 

metal in MoO3. (j-l) EELS and diffraction patterns of intercalated Bi2Se3 with organic 

molecules.92-94, 96 

 

 

1.1.6.2 Intercalation tuned thermal properties 

 

 

Intercalation also affects the thermal properties of 2D materials, since phonon 

propagation can be effectively tuned by the structural changes induced by intercalant 

insertion into the van der Waals gaps. For a given thermoelectric material, the ability of 

generating thermoelectric power is determined by its dimensionless figure of 

merit defined as  where S, , , and T are the Seebeck coefficient, 

electrical conductivity, thermal conductivity and absolute temperature, respectively. One 

http://en.wikipedia.org/wiki/Figure_of_merit
http://en.wikipedia.org/wiki/Figure_of_merit
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approach to increase ZT is to suppress thermal conductivity while maintaining or even 

increasing the electrical conductivity. In this manner, the intercalation method can 

provide new strategies to tune 2D materials for thermoelectric applications. 

Wan et al. reported that intercalating a SnS layer into layered TiS2 (Figure 1.8a) can 

improve the thermoelectric performance in the parallel and perpendicular directions with 

respect to the layers,97 which is due to softening of the transverse sound velocities as well 

as vertical phonon localization (Figure 1.8b), which lead to a decrease in thermal 

conductivity. Therefore, the ZT value of (SnS)1.2(TiS2)2 is significantly enhanced in the 

in-plane direction (Figure 1.8c), while in the cross-plane direction through hetero-

interfaces, the ZT value remains nearly constant due to simultaneous scattering of both 

electrons and phonons. The same group also used organic cations 

((hexylammonium)x(H2O)y(DMSO)z) as an intercalant to create a flexible hybrid 

superlattice (Figure 1.8d).87  Due to intercalation, the thermoelectric properties and the 

figure of merit, ZT, is improved: 0.28 vs. <0.08 at 373 K (Figure 1.8e-f). 

 

Figure 1.8 Thermoelectric properties of tunably intercalated TiS2 (a) High resolution 

TEM image of (SnS)1.2(TiS2)2 along the [100] zone axis. The zoom-in image depicts the 
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actual crystal structure of (SnS)1.2(TiS2)2, reconstructed from the area indicated in the 

HRTEM image.  (b) Total thermal conductivities k and the electron component ke of TiS2 

and (SnS)1.2(TiS2)2 in both the in-plane and cross-plane directions. (c) ZT values of TiS2 

and (SnS)1.2(TiS2)2 in both the in-plane and cross-plane directions. (d) The process to 

electrochemically intercalate a TiS2 single crystal to create a TiS2[(HA)x(H2O)y(DMSO)z] 

superlattice. (e) In-plane thermal conductivity vs. temperature. (f) In-plane thermoelectric 

figure of merit vs. temperature.87 

 

  The electrochemical intercalation of Li+ ions effectively modulates the thermal 

conductivity of lithium cobalt oxide (LiCoO2), a layered crystal commonly used as a 

lithium-ion battery cathode. Cho et al.98 designed an in situ measurement cell (Figure 

1.9a) to probe the thermal conductivity during lithiation. The representative time-domain 

thermoreflectance (TDTR) data shown in Figure 1.9b was used to extract the thermal 

conductivity of lithiated and delithiated LixCoO2 films. The work demonstrated that both 

the thermal conductivity and the elastic modulus changes significantly from Li1.0CoO2 to 

Li0.6CoO2 (Figure 1.9c-d). The composition dependence suggests that the change in 

thermal conductivity with decreasing lithium concentration is related to not only the 

softening of the lattice but also to the LixCoO2 phase behavior.   
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Figure 1.9 Thermal properties of tunable Li intercalation in LiCoO2.  (a) Schematic of the 

in situ measurement cell consisting of ~500 nm LiCoO2, 70 nm Al transducer and 100 nm 

SiO2 thermal isolation layer on a sapphire substrate. (b) TDTR data (open circles) and 

thermal conductivity fit (lines) for representative lithiated (x=1.0) and delithiated (x=0.6) 

LixCoO2. (c) Thermal conductivity and potential as a function of lithium insertion. (d) 

The lithiation-dependent longitudinal elastic modulus of LixCoO2 calculated from the 

longitudinal speed of sound. In both (c) and (d), the data in red and blue corresponds to 

the delithiation process and the lithiation process, respectively.98 

 

The manipulation of thermal properties by intercalation could be applied to numerous 

layered materials and a range of intercalants including atoms, ions and molecules with 
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various sizes and charges can be used to further diversify the compositions of 2D hybrid 

structures. In this manner, intercalation provides a new avenue to optimize thermoelectric 

performance.                 

 

 

1.1.6.3 Intercalation tuned magnetic properties 

 

 

 

Proper intercalation of magnetic species also permits wide tunability of the magnetic 

properties of the host 2D materials. Bointon et al. demonstrated the successful 

intercalation of large area multilayer epitaxial graphene with FeCl3 (Figure 1.10a).70  

Figure 1.10b shows the measured weak localization signal at different temperatures, 

where the phase coherence length Lϕ can be extracted (Figure 1.10c). Between 280mK 

and 80K, the estimated Lϕ of FeCl3−FLG is much larger than previously reported pristine 

graphene: Lϕ ≈ 1.2 μm at 280mK. The observed temperature dependence of Lϕ is also 

compatible with the occurrence of magnetic ordering in stage one FeCl3−FLG.  Morosan 

et al. reported that Fe can be intercalated into layered TaS2 to modify its magnetic 

properties (Figure 1.10d). 99, 100 Figure 1.10e-f displays the magnetoresistance (MR) 

measurements of bulk and exfoliated thin sheets of Fe0.28TaS2 at different temperatures. 

In both cases, the largest ∆ρ/ρ0 (close to 60%) was observed at T = 4 K. However, the 

transitions at HS are much sharper in the bulk material than in the 2D form at lower 

temperatures. This may imply that long range interlayer coupling between the Fe ions in 

different layers is weakened in the 2D crystals. The temperature dependence on switching 

field HS and MR peak height for both bulk and 2D crystals is also similar (Figure 1.10e). 

However, the MR peak height increased monotonically with decreasing temperature for 
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the 2D crystals, while the bulk crystal increased until a maximum at 4 K and then 

decreased at lower temperatures (Figure 1.10f). 

 

 

Figure 1.10 Magnetic properties of metal/molecule intercalated 2D materials. (a) 

Schematic crystal structure of trilayer FeCl3−FLG. (b) The measured weak localization 

contribution to the magneto-conductance (scatter points) and theoretical fits (solid line). 

(c) The temperature dependence of Lϕ for pristine graphene prepared by different 

methods. The values are compared to the estimated values of FeCl3−FLG. (d) The crystal 

structure of Fe0.25TaS2. (e) Measurement of magnetoresistance ∆ρ/ρ0 for bulk and thin 

Fe0.28TaS2 devices at selected temperatures for H || c axis, and i || ab-plane. (f) 

Comparison of HS and ∆ρ/ρ0 peak height values as a function of temperature for bulk 

(solid symbols) and thin 2D devices. The inset displays a typical bulk sample (left) and 

an exfoliated sample with metal contacts (right).70, 99 

 

 

1.1.6.5 Intercalation tuned energy storage properties 
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Electrochemical capacitors and ion batteries have attracted tremendous interest for the 

past few decades due to an increasing need for clean and sustainable energy storage 

systems.19, 101-103 In these devices, researchers search for materials that provide both high 

energy density and high power density for practical applications. Typically, 

electrochemical capacitors, also known as supercapacitors, store energy in an electrical 

double layer where charged ions build up on the electrode surface. This enables a rapid 

charge/discharge process but stores a limited amount of energy. On the contrary, ion 

batteries store ions via electrochemical reactions where ions diffuse between the 

electrodes upon charging/discharging. Diffusion is typically a slow process but the 

energy stored exceeds supercapacitors. Therefore, improving the energy density of 

capacitors and power density of ion batteries is of great interest. Through intercalation 

methods and tunable electrode materials, the performance of energy storage systems can 

be improved. 

MoS2 is not considered a supercapacitor electrode material since it has a stable 2H 

phase with semiconducting nature. However, by intercalation, Acerce et al. demonstrated 

that metallic 1T-MoS2 can act as a high-performance supercapacitor electrode material.104 

These flakes can be re-stacked together to form flexible electrodes (Figure 1.11a-b). The 

1T-MoS2 electrode can be rapidly intercalated with H+, Li+, Na+, or K+ ions with 

capacitances ranging from 400 to 700 F/cm3 in aqueous electrolytes (Figure 1.11c). 

Chhowalla and coworkers identified increases in the interlayer distance depending on the 

type of solvated ions intercalated into MoS2 (Figure 1.11d). The electrode can also 

operate under high voltages in nonaqueous solutions. 
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Figure 1.11 Enhanced energy storage properties for tunable Li-intercalated MoS2 (a) 

Digital image of a flexible 1T-MoS2 electrode. (b) HRTEM image of 1T-MoS2. (c) 

Capacitance of 1T-MoS2 electrodes in various solutions. (d) Schematic of MoS2 

intercalated with different solvated ions.104  

 

 

1.1.6.6 Intercalation tuned catalytic properties 

 

 

The effective generation of hydrogen through electrocatalysis at low cost and high 

energy efficiency has attracted tremendous research attention. The typical hydrogen 

evolution process via electrocatalysis undergoes a three step mechanism. First, protons 

are adsorbed on the electroactive sites, while electrons transferred to the adsorbed protons 

form the adsorbed H atoms. H2 gas is then formed from the adsorbed H atoms before the 
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H2 gas is desorbed due to the electrocatalyst’s presence. It is well known that Pt group 

metals possess the best electrocatalytic performance, however, the cost of these noble 

metals is exorbitant. Therefore, finding a cost-efficient replacement for an electroactive, 

electrochemically stable catalyst has challenged researchers for decades. Recently, 2D 

TMDs such as MX2 (M= Mo, W; X= S, Se) have emerged as promising HER 

electrocatalysts.6, 105, 106 The general design principles for high-performance 2D TMD 

electrocatalysts include: (1) increasing the number and activity of catalysis sites as well 

as (2) increasing the charge transport during the catalytic process. Various nanostructures 

have been reported to increase the active edge sites of 2D TMDs as well as the 

conductivity between the catalytic material and the conductive substrate, which leads to 

high-performance composite electrocatalysis materials. However, for 2D TMD 

nanosheets, the low density of metallic catalytic active sites and overall semiconducting 

nature of the 2D TMDs hinders the catalytic behavior, charge transport, and thus the 

overall catalytic performance of these materials. Therefore, intrinsically improved 

catalytic activity and electronic conductivity in 2D TMD materials will lead to an overall 

enhancement in catalytic performance. 

Intercalation provides a unique approach to optimize the catalytic activities of 

MX2 materials. We previously mentioned that Li intercalation in MX2 materials not only 

facilitates the exfoliation of bulk materials, but also induces phase changes such as 

conversion of a semiconducting 2H phase to a metallic 1T phase.105, 107 This intercalation 

induced phase change is ideal for electrocatalysis, since it provides not only enhanced 

catalytic activity, but also higher electronic conductivity. Voiry et al. demonstrated 

significant improvements in the HER activity of 1T WS2 by chemically intercalated and 
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exfoliated 2H WS2.108 From DFT calculations, Chhowalla and coworkers demonstrated 

that a distorted 1T structure will provide greater catalytic performance, due to the lower 

reaction free energy. Lukowski et al. obtained similar results for both chemically 

intercalated 1T MoS2 and 1T WS2 nanoflowers (Figure 1.12 a-f).105, 109 An outstanding 

overpotential of -142 mV vs. RHE at 10 mA/cm2 was achieved by 1T WS2 nanoflowers, 

which corroborates the potential of intercalation tuned MX2 electrocatalysts. 

Vertically aligned MoS2 nanoflakes can also act as high-performance HER 

catalysts after electrochemical Li intercalation (Figure 1.12g). 69, 110 Unlike chemical 

intercalation, electrochemical intercalation is more controllable, which allows the 

catalytic activity of MoS2 at various Li concentrations to be studied. Surprisingly, Wang 

et al. demonstrated that the catalytic performance improves as the Li concentration 

increases even before the 2H to 1T phase transition occurs. This behavior is explained by 

a synergistic effect between the electronic structure changes due to interlayer space 

expansion as well as the electron doping of the Mo d-band with intercalated Li. The 

highest catalytic performance of MoS2 corresponds to 1T MoS2 electrochemically 

intercalated at 1.1V (Figure 1.12h-i). As more Li is intercalated, the catalytic 

performance decreases due to the formation of inactive Mo and Li2S. A variety of 

nanostructures using intercalation tuned MX2 electrocatalytic materials has been similarly 

demonstrated. Note that the electrochemical intercalation method not only applies to MX2 

HER electrocatalysts. Additional electrochemically intercalated layered materials have a 

wide range tunability, such as LiCoO2,111 and can act as electrocatalysts which is not 

possible via chemical intercalation methods. 
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Figure 1.12 Catalytic properties of tunable Li-intercalated MX2 2D materials (a) 

Schematic of WS2 with 2H and 1T phases. TEM images of (b), (c) and diffraction pattern 

of (d), (e) of WS2 before and after Li intercalation. (f) Tafel plot of MoS2 and WS2 

catalyst with different forms. (g) Electrochemical preparation of 1T-MoS2 for water 

splitting. (h) Tafel plot of 1T-MoS2 as a water splitting catalyst. (i) SEM image of the 1T-

MoS2 catalyst.69, 105  

 

 

1.2 Li-ion batteries and Na-ion batteries  
 

 

1.2.1 Introduction to Li-ion batteries and Na-ion batteries 
 

 

Li-ion batteries are one type of rechargeable energy storage devices which only lithium 

ions moves from positive electrode to negative electrode in charging process and vice 

versa in discharging process. Since its high energy density with both high specific 

capacity and high voltage, Li-ion batteries dominate the market of consumer electronics 

and marching into electrical vehicles.112-114 One typical Li-ion cell contains current 
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collectors, negative electrodes, separators, positive electrodes and electrolyte. The 

electrode materials usually composed with large amount of active materials, then binder 

and conductive additive.115-118 A schematic of Li-ion battery is shown in Figure 1.13. Na-

ion batteries are very similar to Li-ion batteries, except its moving ions in electrolyte are 

Na-ions. Na-ion batteries have attracted a great amount of research interest recently, for 

its potential lower-cost than Li-ion batteries. Despite their similarities, 

sodiation/desodiation chemistry is different than lithiation/delithiation chemistry. For 

instance, Si can alloy with Li and store up to 4.4 Li-ions per Si.101 However, Si can 

hardly form alloy with Na at the same condition. In order to make high energy density, 

high power density Na-ion batteries, novel active materials needs to be developed and 

their storage mechanism needs to be studied.     

 

 
Figure 1.13 Schematic of a standard Li-ion or Na-ion battery with liquid electrode. 

 

 

1.2.2 Layered materials for batteries 
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In fact, layered TiS2, MoS2 and graphite are the most popular electrode materials in 

history and have been widely studied and applied in commercial renewable Li ion 

batteries even today119-122. The components and products of intercalation compound at 

different potentials are well understood, the different intercalation stages can be 

controlled by setting cut-off voltages. For example, figure 1.14 shows the voltage profile 

of graphite as negative electrode in Li-ion batteries. Li intercalation process initials at 

around 0.22V (vs. Li/Li+), and the intercalation process continues as constant current 

charging. At the end of each voltage plateau, the intercalated Li-graphite compounds are 

defined as stage IV LiC36, stage III LiC18, stage II LiC12 and Stage I LiC6, respectively, as 

shown in the following chemical reactions [IV], [III], [III], [I]. The stage numbers are 

defined as the number of graphene layers between each two intercalated Li layers. The 

occurrence of plateaus in voltage profiles is a common phenomenon during lithiation and 

delithiation process, which results from two-phase reaction according to Gibbs phase rule. 

Similar voltage profiles can be found in TiS2 and MoS2 lithiation voltage profiles, 

although intercalation will lead to conversion reaction at the final stage. Thus, 

electrochemical monitoring of lithiation in layered materials, or 2D materials is possible 

with voltage profile.79  
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Figure 1.14 Voltage profile of Li intercalation in graphite, with different intercalations 

stages. 

LiC72+Li            LiC36    [IV] 

LiC36+Li            LiC18    [III] 

2LiC18+Li          3LiC12   [III] 

LiC12+Li            LiC6      [I] 

 

1.2.3 Current technology for in situ characterization of 2D battery materials upon 

intercalation 

 

In situ characterization of 2D materials upon lithiation is crucial both in 

understand the lithiation chemistry and physical properties such as structure changes, 

mechanical stability, optical properties, electrical transport properties, etc. In the 

meantime, the understanding of intrinsic properties of battery materials on a single 

crystalline is lacking. In situ TEM techniques are advantageous for structural 
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identification and can yield much insight into the electrochemical insertion process. Liu 

et al. glued graphene nanoribbons to an aluminum rod and used the grown Li2O layer on 

the Li/tungsten rod as the solid electrolyte for in situ TEM.123 The structural evolution of 

graphene nanoribbons can be investigated during the lithiation and delithiation 

processes.123 Fig. 3f shows the graphene nanoribbon (GNR) before lithiation, during Li 

insertion and after delithiation, respectively.123 The lithation/delithiation processes were 

reversible and the graphene nanoribbons accommodated the strains associated with Li 

insertion easily. In this case, the graphene materials, which were synthesized by splitting 

carbon nanotubes, have potential as mechanically robust and durable LIB electrodes. 

Even though the in situ TEM is a powerful tool in understanding the structural changes 

and mechanics of 2D electrode materials, it lacks the ability to monitor other property 

changes such as optical and electrical transport properties. Thus, other in situ 

characterization techniques need to be developed, both in discovery of novel intercalated 

2D materials, as well as their use for battery electrodes.    
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Figure 1.15 (a) schematic of in situ TEM set up for lithium intercalation in GNR (b-d) 

Morphological evolution of a (de)lithiated GNR using in situ TEM.123  

 

 

1.3 Objective of this research 
 

 

1.3.1 Problem statement 
 

 

Despite all the advantages of electrochemical intercalation of 2D materials, and the 

necessity in developing a device that is able to in situ and real time characterize their ion 

intercalation process. Tremendous challenges exist to achieve such devices. First, 

batteries, especially Li ion batteries, are fabricated and work in a sealed environment 

without contaminations such as water and oxygen. The designed devices need to be 

water/oxygen proof and bubble free for at least 48 hours, in order to finish a whole 
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lithiation/delithiation cycle. Second, a transparent device with Hall bar electrodes in 

microns need to be fabricated in order to simultaneously measure the optical/transport 

properties of intercalated 2D materials. Third, large, uniform, single flake 2D materials is 

needed for study the properties of individual flakes, and the volume expansion of 2D 

materials during intercalation process will break the Hall bar electrode fabricated by 

traditional evaporation method. Additionally, the fabrication of proof-of-concept device 

in large scale is even more challenging, for large area uniformly coating of 2D materials 

is difficult and the leaking problem of liquid electrolyte is more severe than devices in 

smaller scales. Thus, the problems arise with above ideas and obstacles which list in 

below:   

1. Can we develop a novel methodology to synthesis/characterize intercalated 2D 

materials with extraordinary properties? How to monitor the properties of the 2D 

materials while intercalation? 

2. How do we apply and make a contribution of this technology to R&D in real 

applications? 

1.3.2 Objective 
 

 

Thus, the objective of this thesis study lies in: 

a. Fundamentals: develop a simple methodology to intercalate typical 2D materials 

(ultrathin graphite/MoS2 and other 2DNMs), investigate optical, electrical, optoelectronic, 

and structural properties. 



 

34 

 

b. Applications: using the methodology and novel intercalated 2DNM to demonstrate 

proof-of-concept devices for transparent conductors, electrochromic applications and 

batteries. 

Figure 1.1.6 provide the overview of the thesis research. The five sets of figures above 

the green arrow are optoelectronic studies on metal ion intercalation in 2D graphitic 

materials; the four sets of figures under the green arrow are the studies of metal ion 

intercalation in 2D materials for their electrochemical energy storage applications. 

 

 

Figure 1.16 Master chart of the thesis research: ion intercalation in 2D materials for their 

optoelectronic (above the green arrow) and electrochemical energy storage performances 

(under the green arrow).  
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Chapter 2: Design and build in situ planar battery for 2D materials 

intercalation 

 

Wenzhong Bao, Jiayu Wan, Xiaogang Han, Xinghan Cai, Hongli Zhu, Dohun Kim, 

Dakang Ma, Yunlu Xu, Jeremy N. Munday, H. Dennis Drew, Michael S. Fuhrer, 

Liangbing Hu Nature Communications 2014, 5, 4224 

 

2.1 Introduction 
 

 

In this chapter, we will discuss the design principle and fabrication process of 

planar batteries. Within my PhD research scope, different types of planar batteries are 

developed with different usages. Generally, the fabrication of planar batteries for optical 

measurements is simpler than that of simultaneous electrical transport studies. The planar 

battery for optical transmittance measurements and Raman spectroscopy only needs two 

electrodes, while the ones for electric transport measurements needs hall bar structure 

with at least five electrodes in total. Detailed description of the structure and fabrication 

of the devices will be discussed in the sections below.  

 

2.2 Experimental 
 

 

2.2.1 Planar battery for in situ optical studies 
 

 
To study optical properties (transmittance) of ion intercalated 2D materials, we 

design a sandwich-structured cell with electrolyte (1 M LiPF6 in w/w = 1/1 ethylene 

carbonate/diethyl carbonate) that is sealed by bottom and top layers of thin transparent 
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glass. 2D materials and the metal source (lithium metal) are deposited on the bottom 

glass layer and connected to separate electrical contacts. The fabrication process of the 

planar battery for optical measurements is as following: pristine 2D material sheets are 

first obtained by mechanical exfoliation of the layered materials onto 0.2 mm thick glass 

substrate (Fisher Scientific), followed by deposition of electrical contacts (50 nm copper) 

on top of 2D materials sheets using a shadow mask technique in electron beam 

evaporator.  The device is then transferred into a glove box filled with argon gas, and a 

small metal pellet (i.e. Lithium metal) is deposited onto an isolated electrical contact, 

followed by the addition of a small amount of electrolyte (LiPF6 in EC:DEC w:w = 1:1) 

to cover the region with both 2D mateirals and metal source.  At last the center region 

with electrolyte/lithium/ ultrathin graphite is covered by another piece of 0.2 mm thick 

glass and sealed by PDMS, as shown in Figure 2.1. 

 

 

Figure 2.1 Fabrication process of planar device for optical measurements of 2D materials 

with ion intercalation. 

 

In this planar nanoscale half-cell battery (planar nano-battery), metal source is 

used as the counter electrode and ultrathin graphite as the working electrode. The 
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intercalation process is controlled by a Bio-Logic SP-150 electrochemical workstation 

and the voltage of planar nano-battery can be measured simultaneously during the 

electrochemical Li-intercalation.  The thickness of the ultrathin graphite is determined by 

an atomic force microscope (AFM) before cell capsulation. (Figure 2.2) The 

transmittance at a particular wavelength of pristine and intercalated 2D materials can be 

characterized by analyzing the grey-scale images acquired by transmission optical 

microscopy (Nikon Eclipse Ti-U) using a broadband light source (Thermo Oriel), a 

monochromator (Spex 500M), and a charge-coupled device (CCD) camera.  A schematic 

of in situ transmittance measurement system is shown in Figure 2.2.  Our transparent 

planar nano-battery setup also allows further characterization using Raman microscopy. 

(Horiba Jobin Yvon with a 633 nm laser source). 

 

 

Figure 2.2 Schematic of optical transmittance measurement of 2D materials by 

intercalation, controlled with battery tester. Inset demonstrate the AFM image of FLG 

with metal electrode on glass substrate. 

 

Figure 2.2 demonstrates the large, uniform thickness of FLG flakes by mechanical 

exfoliation method. Other 2D materials in this study such as MoS2 are prepared with the 
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same technique. The large area uniformity ensured the reliability of the optical as well as 

the electrical transport measurement of our experiments. Grey scale optical images as well 

as AFM images of two typical mechanical exfoliated FLG on glass substrate are shown in 

Figure 2.2 a-d. Figure 2.2e is the plot of the thickness vs transmittance of FLG.  

 

 
Figure 2.2 a-b Optical transmission (550nm light source) images of uniform isolated 

ultrathin graphite samples deposited on glass substrate by mechanical exfoliation. c-d 

corresponding AFM images. e. Transmittance (550nm light source) vs AFM thickness for 

all measured flakes. 

2.2.2 Planar nano battery for in situ electrical transport studies 
 

 

During the ion intercalation process the volume of 2D materials gradually expands 

because of the insertion of lithium atoms. For example, the layer spacing of LiC6 is ~10% 

larger than that of pristine graphite.124 Therefore, the narrow metal electrodes fabricated 

by the normal method of thermal evaporation on top of ultrathin graphite usually crack 
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after intercalation.  Here we use a lithography-free fabrication method shown in Figure 

2.3a-c.  The 50 nm thick copper Hall-bar/metal source-contact electrodes are pre-patterned 

on a blank glass wafer.  A uniform exfoliated ultrathin graphite sheet is then transferred 

onto the top of the electrodes aligned by a micro-manipulator. The rest of the device 

fabrication is the same as described above.  Using this method, 2D materials are attached 

to the top of the electrodes and can expand freely during Li-intercalation.   

 

Figure 2.3 Fabrication process of planar nanobattery for electrical transport 

measurements of 2D materials with ion intercalation. 

 

Photo images of the fabrication process are shown to illustrate the details of our multi-

functional planar nanobattery device.  The transfer method we used is similar to the one 

developed by Zomer et al.125  
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Figure 2.4 Process flow of ultrathin graphite transfer and cell encapsulation. 

 

 
Typical images of 2D materials on top of pre-evaporated Cu Hall bar are shown in the 

Figure 2.5, which further shows large uniform ultrathin graphite transferred on Hall bar. 

 
 

Figure 2.5. Optical transmission images of devices with ultrathin graphite sheets 

transferred onto pre-fabricated Hall bar electrodes. The scale bar is 20 μm. 
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Chapter 3: Li-ion intercalation in few layer graphene—approaching the 

limits of transparency and conductivity in graphitic materials 

 

Wenzhong Bao, Jiayu Wan, Xiaogang Han, Xinghan Cai, Hongli Zhu, Dohun Kim, 

Dakang Ma, Yunlu Xu, Jeremy N. Munday, H. Dennis Drew, Michael S. Fuhrer, 

Liangbing Hu Nature Communications 2014, 5, 4224 

 
3.1 Introduction 
 

 
Two-dimensional (2D) graphene has attracted much interest in fundamental 

research and technological development due to its extraordinary electrical, mechanical, 

thermal and optical properties8, 126-130. Recently, graphitic films (from monolayer 

graphene to ultrathin graphite) have been explored as candidates for flexible transparent 

electrodes for electronics and optoelectronics131, 132. An excellent performance of 30 Ω 

per sq at 90% transmittance has been achieved using doped four-layer chemical-vapor-

deposition (CVD) graphene22. Bulk materials with 2D layered structures such as graphite 

have also been studied and used extensively for electrochemical energy storage based on 

intercalation.120, 133, 134 Fundamental studies on intercalation in graphite have been 

extensively carried out,135 and nanostructured 2D materials have gained recent interest.136 

Reports on the intercalation of various species such as FeCl3
78, 91, Br137 and Ca138 in few-

layer graphene (FLG) have offered a new route to designing and synthesizing graphene-

based materials with novel conductive, magnetic, or superconductive properties.  

It has long been known that the optical transmission of graphite increases upon 

metallization by intercalation with e.g. caesium.139 This unusual property results from the 
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unique band structure of the graphene layer; intercalation heavily dopes ultrathin 

graphite, shifting the Fermi level upward more than any other band engineering method63, 

78, 140-143, suppressing interband optical transitions due to Pauli blocking thus increasing 

transmittance of light in the visible range. The increase in optical transmittance is 

expected to be accompanied by an increase in conductivity since the carrier concentration 

increases upon intercalation, an ideal situation for conductive transparent films.  All 

studies to date of doped graphene films as transparent electrodes, however, do not report 

increased transmission in the visible range. It also has been assumed by some researchers 

that the transmission of ultrathin graphite can never exceed that of undoped graphene of 

similar layer number.144 Moreover, no studies of electrical conductivity and optical 

transmission have been carried out for lithium-intercalated ultrathin graphite.  

Here we use in situ electronic and optical measurements to understand the 

electrochemical intercalation process and simultaneously measure the electrical 

conductivity and optical transmission of exfoliated ultrathin graphite crystallites ranging 

from 3-60 graphene layers in thickness. Upon intercalation we observe a large 

improvement in the optical transmittance, and at the same time a dramatic increase of 

sheet conductivity.  The Dirac electronic bandstructure allows for very low electron-

phonon resistivity even at relatively low carrier concentration145, hence high DC 

conductivity is achieved with low optical conductivity below the visible range.  In 

addition to elucidating the limits of conductivity and transparency in ultrathin graphite, 

we expect that the experimental techniques developed here will be broadly useful for 

studying the intercalation dynamics and correlated optoelectronic properties of other 2D 

nanomaterials that can be intercalated electrochemically.  
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3.2 In situ optical measurements and results 
 

 

 A series of optical images (550 nm illumination) corresponding to different stages 

are shown in Figure 3.1a-d, along with a schematic of the lattice structure of LiC6 (Figure 

3.1e).  A clear increase in the transmittance upon intercalation can be seen from Figure 

3.1a to 3.1d, as discussed below in detail. Furthermore, the optical transmittance change 

is highly reversible, as shown in Figure 3.1f. 

 

Figure 3.1 Photo images of FLG upon lithium intercalation at different stages taken by 

optical microscope. (a). pristine, (b). LiC36, (c). LiC12, (d). LiC6, (e). atomic structure of 

LiC6 and (f). delithiated FLG.     

 

Raman spectrum of the intercalated graphite can be used to confirm the stages of Li 

intercalation, and it can be generally applied to other 2D materials.146 A commercial micro 
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Raman spectrometer (Labram Aramis model manfuctured by Horiba Jobin Yvon) is used 

for in situ measurements. The grating is 600 gr/mm, the laser source is a 633 nm He-Ne 

laser with 9mW power, and a D1 filter is used so the actual power is 0.9 mW. In situ and 

real time Raman spectrum of FLG upon intercalation is shown in figure 3.2a. The black 

line depicts the initial Raman spectra of an ultrathin graphite sample at a voltage of 1.00 V 

(vs. Li/Li+), for which the Raman shift shows a typical G peak of graphene at 1580 cm-1.  

The G peak shifts upward to 1600 cm-1 at dilute Li intercalation stage (LiC72), where the 

upshift due to Li doping.141  When stage IV (LiC36) starts to form, the G peak splits into 

two (1576.2 cm-1 and 1601.8 cm-1), which represents the interior and bounding layer 

modes of Li intercalated ultrathin graphite.147 Upon further intercalation, the upper shifted 

peak grows while the lower peak vanishes, indicating a dominating bounding layer mode 

and the formation of the stage II intercalation compound (LiC12).  Finally, the two G peaks 

completely disappear, indicating the formation of Stage I (LiC6), which can be simply 

understood as the Pauli blocking of the interband optical transition, hence there is no 

resonant Raman process148. The Raman spectra for Li-intercalated ultrathin graphite sheets 

agree well with previous studies of bulk samples,147 therefore, Raman microscopy can be 

used as one of the tools for differentiating lithiation stages of ultrathin graphite. 

We also obtained Raman spectra over a wider range of Raman shift of 1200 - 3000 

cm-1 from a different sample, as shown in Figure 3.2b.  The absence of D peak (1345 cm-1) 

indicates that no degradation of the crystalline quality of ultrathin graphite occurred 

during electrochemical cycling.  We also observed a vanishing of the 2D peak, and before 

the vanishing, the 2D frequency shifted from 2687.75 cm-1 (pristine graphite) to 2677.73 

cm-1 (dilute stage) and then 2604 cm-1 (LiC36). 
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Figure 3.2 Raman spectrum of FLG intercalation at different stages (a) range from 1400-

1700 cm-1, (b) range from 1200 to 3000 cm-1.  

 

We also observed an in situ and real time transmittance change of Li intercalated 

ultrathin graphite at different LixC6 stages by charging the Li-graphite nano-batteries 

(Figure 3.3a), with a constant charge current. The black line represents a typical voltage 

profile of the Li-graphite nano-battery and the red, green, blue open circles depict the 

transmittance evolution of ultrathin graphite sheets (dotted regions in the inset of Figure 

3.3a) with different thicknesses during Li-graphite intercalation. The voltage initially 

drops rapidly with time until it reaches 0.8 V, where an obvious slope change in the 

voltage profile is observed.  This is due to the decomposition of the electrolyte and a 

solid electrolyte interphase (SEI) formation133, 149.  No obvious change in the 

transmittance of the ultrathin graphite samples is observed for voltages greater than 0.2 

V.  A sudden increase in the transmittance (18-layer graphite from 74.4% to 77.2%, 38-

layer graphite from 55.9% to 59.2%) occurs after 0.2 V, which we identify with the 
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formation of LiC36 (stage IV)79 from ultrathin graphite sheets.  From 0.2 V to 0.1 V, a 

gradual change in the transmittance is observed, presumably due to the formation of 

LiC27 and LiC18
79. As time increases a second plateau appears in the voltage at ~0.1 V, 

which we identify with the formation of LiC12 (stage II).  At the end of the 0.1 V plateau 

we expect the entire sample has been converted to LiC12, and the transmittance 

dramatically increased to 85.8% (18-layer) and 71.9% (38-layer).  A third voltage plateau 

appears at a value of ~0.05 V, indicating the formation of LiC6 (stage I).  At this stage the 

transmittance of the 18-layer sample has increased to 90.9%, and the 38-layer sample has 

increased to 79.2%.  Only two distinct stages are observed for the 3 layer sample (from 

94.5% to 95.2%, and finally 97.7%), consistent with the fact that there are only two 

interstitial galleries and hence only Stage I and Stage II are meaningfully defined. Figure 

3.3b shows the low potential region of the potential vs. time trace in which the distinct 

potential plateaus can be seen more clearly.  

 The changes in optical transmission in our planar nano-battery allow a direct 

observation of the lithiation process on an individual ultrathin graphite sheet with 

excellent spatial and temporal resolution.  As shown in Figure 3.3c-g, a clear lithiated 

(LiC36) and dilute stage (LiC72) interface (i.e. a lithiation front) is observed within 100 

seconds, and the lithiated area becomes more transparent and the LiC36 area increases 

linearly with time (Figure 3.3h). This agrees well with our electrochemical testing 

scheme with a constant current charge/discharge process.  Thus our integrated system 

provides a powerful tool to investigate the intrinsic lithiation kinetics in the two-phase 

reaction at the nanoscale.150 
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Figure 3.3 (a) Optical transmittance (right) and electrochemical potential (left) vs. 

lithiation time are plotted.  (b) Detail of voltage profile vs. time near the intercalation 

plateau. (c-g) Optical images of an ultrathin graphite sheet at different time points during 

intercalation as indicated in each panel, showing a clear lithiation front (red dashed line) 

between LiC36 (lighter contrast) and LiC72 (darker contrast). The ultrathin graphite 

sample is about 120 layers thick and the scale bar in (c) is 20 μm. (h) Lithiated LiC36 area 

vs. time extracted from images such as (c-g). 

 

We next consider the layer-number and wavelength dependence of the in situ 

optical transmission of individual ultrathin graphite sheets.  In Figure 2.7a-c, the 
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wavelength dependence of the transmittance is shown in the visible range from 400 nm to 

800 nm for samples of various thicknesses.  For pristine ultrathin graphite (Figure 3.4a), 

the transmittance is weakly dependent on the wavelength, consistent with previous 

reports130; the absorption by ultrathin graphite is approximately nπα (πα = 2.3%), where α 

is the fine structure constant and N the number of graphene layers.  This absorption 

results from interband transitions in the Dirac spectrum of graphene, which give a nearly 

constant optical conductivity  ≈ πe2/2h where e is the elemental charge and h Planck’s 

constant.  For LiC12 stage (Figure 3.4b), the transmittance depends more strongly on 

wavelength, increasing the most for longest wavelengths.  For the LiC6 stage (Figure 

3.4c), the wavelength dependent transmittance shows a maximum around 500 nm, and 

the transmittance of LiC6 is still higher compared to pristine ultrathin graphite.  

Interestingly, the transmittance of LiC6 still increases compared to LiC12 for wavelengths 

well below the maximum, while above the transmittance maximum the LiC6 

transmittance decreases compared to LiC12. 

Figure 3.4d and 3.4e show the optical transmittance for pristine and intercalated 

ultrathin graphite sheets as a function of layer number.  For both 550 nm and 800 nm, a 

clear increase of the optical transmittance is seen after intercalation, both for LiC12 and 

LiC6. For 550 nm wavelength (Fig. 3.4d), the transmittance increases monotonically with 

Li concentration; for LiC6 vs. pristine ultrathin graphite, the transmittance increase can be 

as high as 55% (for a sample of 60-80 layers).  For 800 nm wavelength (Figure 3.4e), the 

transmittance for all measured thicknesses first increases (LiC12) and then decreases 

(LiC6); for LiC12 vs. pristine ultrathin graphite, the transmittance has an increase up to 

twofold (for a sample more than 100 layers). We also observed that in thicker sheets 
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(insets of Figure 3.4d and e), the transmittance of LiC6 increases less and starts to 

approach the value of its pristine state at both wavelengths of 550 nm and 800 nm, i.e. at 

550 nm for 90-layer thickness the transmittance at LiC6 state starts to approach the value 

of LiC12 state and approaches the value of pristine state at about 150 layers, and for 800 

nm wavelength the transmittance of LiC6 becomes lower than the value of pristine state 

with layer number greater than 60. 

 

Figure 3.4 Wavelength-dependent optical transmittance of intercalated ultrathin graphite. 

(a-c). Transmittance as a function of wavelength for different thickness ultrathin graphite 

samples for pristine ultrathin graphite (a), LiC12 (b), LiC6 (c) stages.  (d-e) Transmittance 

as a function of thickness plot for pristine ultrathin graphite, LiC12, and LiC6 at 
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wavelengths 550 nm (d) and 800 nm (e). Insets show transmittance at same wavelength 

over a larger range of thicknesses.  

 

3.3 Drude and interband contribution of increased transmittance in 

intercalated ultrathin graphite 

 

The changes in optical transmittance in the visible range described above can be 

qualitatively understood as follows. The result of the Li intercalation is electron doping 

due to the lowest electrochemical potential of Li metal. As shown in Figure 3.5a, 

intercalation of Li heavily dopes the ultrathin graphite, shifting the Fermi level up.  The 

magnitude of Fermi level shift is associated with the carrier density, which increases 

monotonically with lithium concentration.  The doping concentration is as high as ~6 × 

1014 cm-2/layer for LiC6, corresponding to EF ≈ 1.5 eV151, higher than the highest doping 

that can be achieved in graphene with electrolytic gating.143 The increase in Fermi energy 

leads to the suppression of interband optical transitions for photon energies ω < 2EF, thus 

decreasing the optical conductivity and increasing the transmission.  As doping increases, 

however, intraband (Drude) absorption by free carriers becomes important, decreasing 

the transmission for ħω < ħ/τ (where τ is the carrier relaxation time) due to the electron – 

longitudinal optical (LO) phonon interaction. Thus we expect that the transmission of 

ultrathin graphite is enhanced upon doping for a window of photon energies ħ/τ < ħω < 

2EF.  

This phenomenon has been observed previously in gated monolayer and FLG 

samples, where doping levels were much lower than explored here and the window 
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occurred in the infrared64. A decrease in the absorption coefficient is also observed in the 

graphite intercalation compound (GIC) by Hennig et al.139 In Li-intercalated graphite, the 

window manifests as a minimum in reflectivity occurring near 740 nm for bulk LiC12 and 

440 nm for bulk LiC6
152. The reflectivity minimum previously observed for bulk LiC6 

corresponds reasonably well to our observation of a transmission maximum near 500 nm.  

For LiC12 the transmission maximum may occur at a longer wavelength than our 

experiment accesses, and we observe only an enhancement of long-wavelength 

transmission.  Thus we conclude that the overall reduction in interband transitions by 

Pauli blocking is responsible for the transmission increase, and the higher Drude 

conductivity of more strongly doped LiC6 is responsible for the observed reduction in 

transmission at long wavelength and the non-monotonic doping dependence of 

transmission at these wavelengths.   

Further insight into these results is gained by examining the optical transmittance 

in terms of the optical conductivity. On a substrate with refractive index n, the 

transmittance of ultrathin graphite with optical (sheet) conductivity , 

relative to that of the bare substrate, can be expressed as153: 

         (1) 

where Z0 is the free space impedance. Li et al.64 and Stauber et al.154 reported the 

optical conductivities of doped monolayer graphene in the IR range.  For ħω < 2EF, 

i.e. below the Pauli blocking edge,  >> ;  is large due to LO phonon emission 

and  passes through zero near the plasma edge (ε1 = 0) (also see the Supplementary 
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Information) so that the transmission reaches a maximum.  Therefore near the 

transmission maximum .  

We then modeled the optical transmittance based on optical conductivity with 

a Drude contribution from the free carriers and an interband contribution that turns on, 

i.e. . The conductivity is modeled as N layers of graphene. The Drude 

sheet conductivity can be written as8 
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and the imaginary part of  is obtained from Kramers-Kronig relation. The optical 

properties of Li intercalated ultrathin graphite can be simply modeled as doped 

ultrathin graphite with a 1.5 eV Fermi energy.  Figure 3.5c shows a schematic of 

1 0/ N   vs. the photon energy from the model for N-layer ultrathin graphite before 

and after Li intercalation. 1  in the visible range significantly decreases upon Li 

intercalation, which leads to a large increase in the optical transmittance.  The 

modeled transmittance of both 8-layer and 83-layer ultrathin graphite (Figure 3.5b, 

solid curves) closely resemble the corresponding experimental data, and the 
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sharpening of the transmission maximum for thicker films is a consequence of the 

plasma edge. 

The complex dielectric function is also obtained from the optical conductivity 

by 1 2( ) i    
4

+ ( )i


  


 , where   is the high frequency dielectric constant 

( W  , where W is the bandwidth).  The Pauli blocking edge produces a positive 

contribution to 1( ) 
,
 which, because of the negative free carrier contribution, leads to a 

plasma edge when 1 0   near the Pauli blocking edge.  The real part of the conductivity 

from this model was shown schematically in Figure 3.5c.  The 1=0  also implies 2 0   

near the maximum in the transmission, which allows the approximation of 
opt  real in the 

Figure of Merit analysis.  In Figure 3.5d we show 1( )   from the optical model.  The 

1 0   corresponds to the onset of transmission for bulk materials.  Calculations of the 

transmission in our model conductivity and using the full slab transmission formulas 

accounts for the sharpening of the peak in the transmission curves for thicker films shown 

in Figure 3.5b. 
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Figure 3.5 (a) Schematic of doped graphene bandstructure illustrating suppression of 

optical transitions due to Pauli exclusion principle. (b-c) Modeled results for transmittance 

(b), and the real part of optical conductivity, σ1/Nσ0 (c) of pristine ultrathin graphite 

(dashed line) and intercalated LiC6 (solid line). For the model we assume EF = 1.5 eV, n = 

1.5, T = 300K, and 1/ = γ = 200 cm-1. The red and black colors in (b) correspond to 8 and 

83-layer ultrathin graphite sheets, respectively. Experimental data of 8 and 83-layer shown 

in (Figure 3.4c) are also plotted in (b) for comparison with the model, (d). Modeled result 

for the real part of dielectric constant   vs. photon energy. 

 

3.4 in situ measurement of electrical transport properties 
 

 

In order to understand the prospects for highly transparent Li-intercalated 

ultrathin graphite for conducting transparent electrode applications, we adapted our 

planar nano-battery setup for in situ conductivity measurements of ultrathin graphite 
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during electrochemical cycling. We transferred ultrathin graphite onto pre-deposited 

electrical contacts in a Hall-bar arrangement (Figure 3.6a inset).  Figure 3.6a shows the 

room temperature sheet resistance Rs for ultrathin graphite samples with different 

thickness before intercalation as well as intercalated to LiC12 and LiC6.  As expected, all 

intercalated ultrathin graphite samples invariably exhibit a lower resistivity compared to 

their pristine state.  Note that RS measured on both stage I and II is inversely proportional 

to the sample thickness (before intercalation) as indicated by the dashed lines.  

Considering the expansion of the graphite-layer spacing during Li-intercalation124 we can 

estimate that ρ(LiC6) ~ 3.1 10-6 Ω cm  and ρ(LiC12) ~ 1.4 10-5 Ω cm. The intrinsic limit 

of the conductivity for doped graphene at room temperature is set by electron-acoustic 

phonon scattering and is approximately σdc,phonon = 33 mS per layer145, 156 for Fermi 

energies in the linear portion of the band structure, while we observe a DC sheet 

conductivity σdc  11 mS per layer in LiC6.  At the high doping levels present in LiC6, we 

expect significant band curvature and reduction in the Fermi velocity, likely reducing the 

limiting conductivity. Additionally, disorder may play a role. Thus our approach within a 

factor of ~3 to the limiting conductivity value for the graphene Dirac band is impressive. 

In order to elucidate the type and density of charge carriers we investigated the 

Hall resistance at perpendicular magnetic fields.  The linear Rxy (B) curves with negative 

slope (Figure 3.6b) indicate that charge carriers are electrons for a 4 nm-thick FLG 

device after Li-intercalation.  The carrier density nH is readily determined by a 

measurement of the Hall coefficient RH = Rxy/B, where RH is related to nH by nH = 1/eRH.  

With the information of expanded thickness of lithium intercalated ultrathin graphite, our 

measurements reveal that bulk nH ranges from 3  to 7  cm−3 for LiC12 and 
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from 1.5  to 3.5  cm−3 for LiC6, with no observable dependence on sample 

thickness, as shown in Figure 3.6c.  These values compare reasonably well with the full 

ionization values of 1.7  cm−3 for LiC6 and 9.0  cm−3 for LiC12, which are 

indicated in Figure 3.6c as guidelines.  Figure 3.6d shows the temperature dependence of 

the sheet resistance. Rs(T) is metallic, i.e. RS decreases with decreasing T, for samples at 

LiC6 state, while LiC12 exhibits a moderate temperature dependence, and pristine samples 

always exhibited weakly non-metallic behavior consistent with previous studies127.  The 

strong decrease in RS with lowering T for LiC6 is consistent with phonon-limited 

conduction and further corroborates that we have approached the phonon-limited 

conductivity in Li-intercalated ultrathin graphite 141.   
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Figure 3.6 Transport measurement of Li intercalated ultrathin graphite sheets.  (a) 

Resistivity vs. thickness for ultrathin graphite sheets with different thickness. Data for 

pristine (red) and two lithiated stages (LiC12 and LiC6 indicated as green and blue) are 

shown. Inset: An optical image of an ultrathin graphite device with Hall bar geometry 

before intercalation. The scale bar is 10 μm. (b) Hall resistance of a 4-nm-thick pristine 

FLG sheet and its LiC12 and LiC6 states as a function of magnetic field. (c) Carrier 

density calculated from Hall measurement as a function of ultrathin graphite thickness. 

(d) Temperature dependent sheet resistance for two ultrathin graphite samples. Blue, red 

and green colors indicate pristine, LiC12 and LiC6 stages, respectively. 

 

3.5 transparent conductor performance of Li intercalated ultrathin graphene 
 

 

By attaching an electrical probing setup to the transmission optical microscope, 

transmittance and four-probe resistance can be measured simultaneously on the same 

sample.  Such data is plotted as solid circular points in Figure 3.7, which locate very close 

to the original data, supporting the validity of the previous correlation.  
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Figure 3.7 Optical transmittance vs. sheet resistance for two batches of devices. Solid data 

points are taken on the same device using a concurrent optical/electrical measurement 

setup. 

 

In the race to find better transparent electrodes researchers have investigated 

numerous candidate materials.144, 157-159 Figure 3.8 shows the transmittance vs. sheet 

resistance of Li-intercalated ultrathin graphite as well as other high-performance 

transparent conducting materials, including other carbon- based materials, 78, 160 and the 

best commercial indium-tin-oxide (ITO) electrodes.159, 161 In previous doped-graphene 

studies an improvement in the electrical conductivity was observed; however, little or no 

change of transmittance in the visible range was obtained. 22, 78 When σ1 >> σ2 and n = 1, 

to compare the performance of a freestanding film in vacuum, Equation (1) becomes:  

              (2) 



 

59 

 

where the sheet resistance is Rs = 1/ σdc.  Thus at a given sheet resistance, the 

transmission is determined by the ratio σdc/σopt which can be used as the Figure of Merit 

(FOM) to characterize the performance of a transparent conductor.  

As shown in Figure 3.7a we fit the data for our Li-intercalated FLG devices to 

Eqn. 1 using σdc/σopt as a fitting parameter, and fitting result gives σdc/σopt = 920.  For the 

best sample at LiC6 state we measured transmittance of 91.7 % and 3.0 Ω per sq, 

obtaining σdc/σopt = 1400.  Figure 3.8b shows the best measured σdc/σopt for the material 

systems shown in Figure 3.8a; σdc/σopt  for our LiC6 exceeds that of FeCl3 intercalated 

FLG (σdc/σopt = 235)78 and the best commercial transparent electrode ITO (σdc/σopt = 118) 

159. In fact, σdc/σopt of few-layer LiC6 exceeds that for all other carbon based materials, 

and as far as we can determine is the highest for any uniform thin film. Higher 

transparency at a given conductivity has only been achieved in inhomogenous conductors 

such as metal nanowire networks162, which may not be suitable for many applications.  It 

also exceeds the intrinsic limit for doped graphene22, 157 previously expected ignoring the 

increased transparency due to Pauli blocking. The sheet resistance and transparency 

easily meet the need for optoelectronic device applications where 90% and 10 Ω per sq 

is required. Thus we expect that electrochemically intercalated FLG is promising for 

applications where the highest DC conductivity at a given optical transparency is needed.   
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Figure 3.8. Optoelectronic properties of intercalated ultrathin graphite sheets and 

comparison with other materials. (a) Transmittance at 550 nm vs. sheet resistance for our 

LiC6 FLG, and other high-performance carbon-based transparent conducting materials 

FeCl3-doped graphene78, acid-doped graphene22, and carbon nanotube (CNT) films160, as 

well as indium tin oxide (ITO)161. The red solid line is a fit with equation 3 with σdc/σ

opt = 920 100. (b) Figure of merit (σdc/σopt) for various materials. A higher value for 

σdc/σopt leads to better performance in transparent conductor.   

 

3.6 Scalable application of Li intercalation with large area CVD graphene 
 

 

To demonstrate the feasibility of ultrathin graphite as transparent electrode for 

industrial applications, we successfully fabricated stable millimeter-scale devices using 

encapsulated commercially-obtained chemical vapor deposition-grown (CVD) thin 

graphite. CVD ultrathin graphite on Nickel foil ( ) is obtained from Graphene 

Supermarket and cut into 1.5 cm 1.5 cm pieces.  A solution based (1M FeCl3 in DI water 

as etchant, Sigma Aldrich) etching/transfer method is then carried out to transfer ultrathin 

graphite onto transparent substrates (e.g. glass and PET).  A gel electrolyte film is 
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prepared by mixing P (VDF-HFP)/Acetone/DI water (w:w:w = 1:19:1, Sigma Aldrich) as 

a mixed solution.  The electrolyte is then drop-cast on glass and ready for use after drying 

in a vacuum oven (MTI corp.). A sandwiched device structure of glass/ultrathin 

graphite/gel electrolyte/PET is assembled in an argon-filled glove box.  The transmittance 

of the device is measured by a UV-vis spectrometer (PerkinElmer Lambda 35). 

Comparison of two 40 nm and 80 nm thick devices before and after Li 

intercalation are shown in Figure 3.9a, b.  Transmittance spectra are also characterized 

before and after Li intercalation, as shown in Figure 3.9c, which are very similar to the 

results of single exfoliated ultrathin graphite sheets. Changes in the sheet resistance were 

also measured for 40-nm-thick devices by the Van der Pauw method (Figure 3.9d).  The 

sheet resistances of three different devices dropped drastically upon complete lithiation 

from 35.4, 47.7, 57.0 Ω per sq (graphite) to 3.0, 3.9, 1.7 Ω per sq (LiC6), respectively 

(Figure 3.9e). The 1.7 Ω per sq correspond to a single layer sheet resistance of 200 Ω per 

sq, only 2.3 times larger than the single flake value (87.3 Ω per sq) from our experiment, 

leads to a FOM of 400.  
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Figure 3.9 Demonstration of encapsulated large-area transparent electrode (a-b) 

Photographs of 40- and 80-nm thick CVD grown thin graphite before and after full Li 

intercalation. (c) Corresponding transmittance spectra of the two devices before and after 

full intercalation, (d) Van de Pauw measurement of CVD ultrathin graphite, and (e) Rs of 

pristine graphite and LiC6 for three 40-nm-thick CVD graphite devices. 

 

In order to determine the stability of large scale LiC6 films for transparent electrode 

application, we also carried out an initial stability test using commercially-obtained 

ultrathin graphite films grown by chemical vapor deposition (CVD), as shown in Figure 

3.10.  After epoxy encapsulation, a CVD ultrathin graphite device was lithiated to LiC6 

state and stayed stable in ambient condition for over 48 hours, as shown in Figure 3.10 a-c.  
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We also confirmed that LiC6 is unstable if exposed in air, as shown in Figure 3.10 d-g. 

Therefore we conclude that once the device is appropriately sealed it is stable for 

transparent electrode applications. Again, standard industrial sealing techniques as used 

for Li-ion batteries should suffice to produce stable LiC6 films.  Figure 3.9 d-e shows the 

sheet resistance measurement using Van der Pauw method, and results of Rs for three 40-

nm-thick CVD graphite devices.  

 

 
Figure 3.10 (a-c) Stability of encapsulated CVD thin graphite device in air. (d-g), 

Decapsulated thick LiC6 is stable in glove box but unstable in air. 

 

3.7 Discussion and Summary 
 

 

We discuss the ultimate limits to conductivity and transparency of doped 

graphene-based systems.  Previous studies144 of graphene as a transparent conductor have 
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ignored changes in the optical conductivity, assuming it remains limited by interband 

transitions and is fixed at σopt = σib ≈ Nπe2/2h=N 0 , with N the number of layers, as 

discussed above.  For phonon-limited conduction at room temperature σdc = Nσdc,phonon 

where. σdc,phonon  = 33 mS 145, 156. This predicts a maximum value of σdc/σopt ≈ 550, while 

our intercalated ultrathin graphite significantly exceeds this value. However, as noted 

previously, below the Pauli blocking edge σopt is the free carrier Drude conductivity that 

can be smaller than σib.  Optical measurements on doped monolayer graphene gives f ≡ 

σ1/σ0 ≈ 0.3 below the interband edge for EF  ≈ 0.3 eV 64.  Assuming this value of f implies 

σdc/σopt ≈ 1800 in reasonable agreement with our best observation; however, there are no 

experimental results on the magnitude of σ1 and hence f for the EF ≈ 1.5 eV conditions of 

our intercalated graphene. Theory predicts that the Drude optical conductivity for 

frequencies above the LO phonon frequency is limited by the electron - LO phonon 

relaxation rate, γ = 1/τLO 163. At the higher EF of our experiments the electron phonon 

scattering rate will be stronger because of the larger electronic density of states (~EF), but 

the high frequency Drude conductivity falls off as σ1 ~ EF γ/(γ2+ω2) ~ EF γ/ω2.  This 

suggests σ1 and hence f at ω ≤ 2EF are approximately independent of EF so that f ≡ σ1/σ0 ≈ 

0.3 may also be valid at EF ≈1.5 eV, and our estimate of the intrinsic limit of σdc/σopt ≈ 

1800 is reasonable.  Thus we believe that our real devices approach the ultimate limits of 

transparency at a given conductivity for the doped graphene system. 

In summary, we have designed a methodology via a planar nano-battery for in situ 

study of the electrical and optical properties of individual ultrathin graphite sheets during 

electrochemical intercalation and de-intercalation.  Metallic-like temperature dependent 

transport is observed in Li-intercalated ultrathin graphite with conductivities approaching 
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the acoustic-phonon limit at room temperature and is comparable to good metals.  Due to 

the unusual band structure of graphene, Li-intercalation can simultaneously increase the 

DC electrical conductivity and increase optical transmission in the visible, allowing Li-

intercalated FLG to achieve an unprecedented FOM σdc/σopt = 920, significantly higher 

than any other material and approaching the ultimate limit expected for doped graphene 

systems.  Our technique will allow similar studies to be carried out in other 2D materials.  

Furthermore, the methodology reported in this study can be applied to in situ 

investigations of the intercalation process with good spatial and temporal resolution in 

materials for electrochemical energy storage applications.  
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Chapter 4: Na-ion intercalation in large-scale, printed RGO network as high 

performance transparent conductors 

 

Jiayu Wan, Feng Gu, Wenzhong Bao, Jiaqi Dai, Fei Shen, Wei Luo, Xiaogang Han, 

Daniel Urban, and Liangbing Hu, Nano Lett., 2015, 15 (6), pp 3763–3769 

 
4.1 Introduction 
 

 

Ultrathin two-dimensional (2D) materials such as graphene are highly attractive 

for transparent electrode applications due to their high transparency and carrier mobility, 

which lead to an excellent combination of sheet conductance and optical transmittance in 

the visible range. 8, 14, 126, 132, 164 Large-area graphene prepared by chemical vapor 

deposition (CVD) has shown 30 Ohm/sq and 90% transmittance, comparable with 

traditional indium tin oxide (ITO) electrodes; 22 however, the high cost of CVD-based 

transparent electrodes is one of the main obstacles to replace ITO.165 Solution-based, 

large-scale, printed transparent conductors using liquid exfoliated graphene 166-171 or 

reduced graphene oxides (RGO) 172-179 show potentially much lower cost, and have been 

successfully applied to a range of electronic devices such as solar cells 180-182 and organic 

light-emitting diodes (OLED). 183, 184 However, the high sheet-sheet junction resistance 

largely limits the sheet conductance of printed film144, similar to previous works on 

carbon nanotube network transparent electrodes.161 Chemical doping22 and 

intercalation78, 92 have been explored as effective methods to increase carrier density, and 

thus lower the sheet resistance with little decrease or even an increase in the optical 

transmittance. Recently, we reported a method by electrochemical lithium-ion 

intercalation in mechanically-exfoliated graphene sheets, which leads to a drastic 
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simultaneous improvement of sheet conductivity and optical transmittance in the visible 

range.61 The Li-intercalated graphene sheets are unstable in air, however, and the 

methodology is limited by the size of exfoliated sheets, which narrows its range for 

practical applications.  

In this work, we report sodium-ion (Na-ion) intercalation in a printed graphene 

oxide network after a thermal reduction. Compared with liquid exfoliated multilayer 

graphene that hinders the insertion of Na-ions due to its small interlayer distance, RGO 

has larger sheet size (therefore better junction contact),178 and an expanded interlayer 

distance that allows Na-ion insertion.185, 186 As a result, a relative increase in the 

transmittance as large as 120% (from 36% to 79%), with a 270 times decrease of sheet 

resistance (from 8.3 kohms/sq to 311 ohms/sq) are achieved in sodiated RGO (S-RGO) 

network. Such an intercalated network shows the best performance in RGO-based 

transparent electrodes. Surprisingly, we found that S-RGO is much more stable than a 

Li-intercalated graphene, which may be attributed to the self-termination of oxidation 

products at the edges of RGO sheets by the reaction between Na-ion and water/CO2/O2. 

Thus, Na-ion intercalation of a printed RGO network is a promising approach leading to 

scalable applications as transparent conductors.  

Figure 4.1a-b show a schematic illustration of Na-ion intercalation into RGO 

network. To carry out the electrochemical intercalation in electrolyte, a constant current 

source is applied between the intercalant (Na metal) and the host material (printed RGO 

film). Na-ions can electrochemically intercalate into RGO interlayers and RGO-RGO 

junctions. Due to the low electrochemical potential, the accumulation of intercalated Na-

ions will introduce the electron doping (n-doping) and thus shifts the Fermi level up. Due 
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to the large storage capacity of RGO for Na ions, the electron doping level is high as 

well. The large electron doping is expected to cause the “Pauli blocking” 63, 64, 130 of 

incident light in the visible range. This results in a large enhancement of the optical 

transparency of the RGO network. On the other hand, electron doping will also improve 

the conductivity of individual RGO flakes. Junctions in printed RGO networks usually 

act as barriers for charge transport, and reduce the entire conductivity of the network. 161 

Na-ion intercalation can provide electron pathways in junctions and greatly reducing the 

junction resistance. We focus on printed RGO network toward scalable 

nanomanufacturing. Figure 4.1c shows an AFM image of RGO network, which exhibits 

a nanoscale surface smoothness, and curved lines are ripples or overlapped edges of 

RGO sheets. Figure 4.1d shows that printed RGO after sodiation is highly stable even 

when exposed in air for a month, which demonstrates the potential for its utilization in 

practical applications. 
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Figure 4.1 (a) Schematic of Na-ion intercalation between two RGO sheets, enhancing 

simutaneously their optical transmittance and electrical conductivity. (b) Schematic of 

Na-ion intercalation in printed RGO network on transparent substrate. (c) AFM image of 

a printed RGO network. (d) Highly transparent and stable S-RGO film (confined in red 

doted square) in air after one month.  

  

4.2 Electrochemical characterization of Na-ion intercalation in RGO thin film 
 

 

We have two motivations to use Na-ion as intercalants for such novel transparent 

electrodes. Firstly, Na-ions are much more cost-efficient and more abundant than Li. 

Secondly, Na-ion is expected to form a more stable barrier layer to prevent further 

oxidation toward better stability than Li ion. However, Na-ion cannot intercalate into 
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graphene as demonstrated by others before. Recently, Na ion intercalation in RGOs has 

been demonstrated. To prove that Na-ions can intercalate into RGO materials prepared in 

our lab, several characterization tests were carried out. First, a coin cell was made using 

free-standing RGO film and Na metal as positive and negative electrodes, respectively. 

Figure 4.2a shows the voltage profile (2nd cycle) of sodiation/desodiation in RGO thin 

film at a low current density of 25 mA/g, indicating a reversible Na-ion intercalation/de-

intercalation process in RGO network. From the voltage profile, the specific capacity for 

sodiation is 170 mAh/g, and 127 mAh/g for desodiation. The irreversible capacity is 

mainly due to the electrolyte decomposition and side reactions during Na-ion 

intercalation process, which is commonly observed for carbon anodes in Na-ion 

batteries. 185-187 The amount of intercalated Na-ions in the RGO network is 0.028 per 

carbon atom, calculated from the reversible specific capacity.  

We also applied X-ray diffraction (XRD) on the same RGO thin film before and 

after sodiation to confirm the actual intercalation process. During the XRD 

characterization, samples were protected by a thin layer of plastic wrap to avoid chemical 

reactions under ambient condition. In Figure 4.2b, a sharp peak is shown in the RGO 

film before Na-ion intercalation. The peak position is at 25.35 , which corresponds to an 

interlayer distance of 3.49 . This interlayer distance is larger than that of graphite 

(3.35 ). The light green shadowed area represents a peak with full width at half 

maximum (FWHM) in length of 1.02 . After Na-ion intercalation, the XRD peak 

shifted to left, indicating a larger interlayer distance of 3.76  in average. The peak shape 

is also much broader than what was observed before Na-ion intercalation, with a FWHM 

changes to 1.67 . The enlarged interlayer distance is indicative of a successful 



 

71 

 

intercalation of Na-ions between RGO layers. The peak around 18  is due to the sealing 

plastic wrap. The broadening of the peak at 25.35  may be due to the non-uniform 

intercalations of Na-ions in the printed RGO flakes.    

 

 

Figure 4.2 Electrochemical and XRD characterizations of Na-ion intercalation in RGO 

thin films. (a) Voltage profile of RGO film as positive electrode in coin cell. Inset is the 

schematic of RGO-Na coin cell (b) XRD of RGO film before, after Na intercalation, and 

plastic wrap as background. 

 

4.3 Optical transmittance characterization of printed RGO film upon Na-ion 

intercalation  
 

 

To demonstrate a scalable application of Na-ion intercalated RGO as high 

performance transparent electrodes, printable GO ink is prepared (figure 4.3a). 

Commercial surfactant Zynol as added to decrease the surface energy of GO ink in water 

to be printable. Meyer rod coating method was applied to deposit GO film, which shows 

excellent uniformity (figure 4.3b). GO coated on glass slides were then thermally 
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reduced to RGO, and trimmed by blading to a desired shape. Copper current collectors 

were deposited by thermal evaporation, then Na metal and 1M NaPF6 in EC:DEC 

(1:1=v:v) were added as the negative electrode and electrolyte, respectively. The entire 

device was finally sealed with an epoxy in an argon-filled glove box. The schematic and 

photo images of the electrochemical intercalation device188 are shown in figure 4.3c. 

After electrically connecting the two electrodes of RGO and Na metal, RGO film can be 

fully intercalated by Na-ions within 10 minutes, as shown in Figure 4.3d, leading to a 

uniform transmittance enhancement to the S-RGO network. 
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Figure 4.3 (a) A bottle of as prepared GO ink to be added with Zynol to tailor the 

surface energy for printing purpose. (b) Meyer rod coating of GO ink with excellent 

uniformity on glass substrate. (c) A two terminal, lateral device with RGO network as 

working electrode, Na metal as the counter electrode and 1M NaPF6 in EC:DEC 

(1:1=v:v) as the electrolyte. (d) After Na ion intercalation, the RGO network becomes 

more transparent.   

 

The transmittance of RGO network before and after Na-ion intercalation is 

quantitatively illustrated by grey scale images captured by an optical microscope 

(operated in transmission mode), as shown in figure 4.4a and b, respectively. Note that 

the increase of optical transmittance is very uniform across the entire printed RGO 

network.  

Figure 4.4c plots the transmittance change of RGO network before and after 

complete sodiation at wavelength of 550 nm for samples with different thickness. It is 

clear that all samples exhibited a drastic transmittance increase.  Note that the substrate is 

excluded in the transmittance measurement. The percentage of relative increase in 

transmittance is also plotted in Figure 4.4c inset. For instance, RGO network with 

transmittance of 46.1% increased to 91.5% after sodiation, which is nearly a 100% 

increase compared to its original value.  Wavelength dependent spectrum from 450 nm to 

900 nm was shown in Figure 4.4d. The increase of optical transmittance is flat in the 

visible range, which indicates a neutral color and is beneficial for a range of applications. 
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Figure 4.4 Optical transmittance of a RGO network device before and after Na-ion 

intercalation. (a-b) show optical microscope (transmission mode) images of the same 

RGO network before and after sodiation. (c) Transmittance vs. thickness of RGO 

network before and after sodiation at 550 nm. The inset is the percentage of relative 

increase in transmittance at 550 nm. (d) Transmittance vs. wavelength of the same RGO 

network before and after sodiation with a visible spectrum from 450 nm to 900 nm. 

 

4.4 Performance of Na-ion intercalated RGO as transparent conductor 
 

 

To further demonstrate the feasibility of S-RGO as transparent conductors, sheet 

resistance of RGO films before and after Na-ion intercalation was investigated. The 

resistance measurement was carried out by a four-point probe method (schematic device 

image shown in the inset of Fig 4.5a to eliminate the contact resistance between Cu 

electrodes and sample film. I-V curves taken from a RGO device before and after 

sodiation are shown in figure 4.5a, starting with a large sheet resistance at 100 kohm/sq 

since the GO film was only partially reduced at a relatively low temperature of 300 °C. 

189 Surprisingly, with an increased transmittance after sodiation, the sheet resistance also 
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decreased by 300 folds, from 523 kohms/sq to 1467 ohms/sq. The other typical decrease 

in sheet resistance is from 83 kohms/sq to 311 ohms/sq (Fig. 4.5b). It is expected that Na 

ion doping largely enhances the carrier density in RGO, which leads to the conductivity 

increase of individual RGOs. 29, 31 Meanwhile, Na ion intercalation will potential improve 

the RGO-RGO contacts which overcomes the obstacle of conventional network 

conductors. 161   

This synergistic effect in increase of optical transmittance and decrease of sheet 

resistance can be qualitatively explained by large electron doping upon sodiation. Due to 

the large Na ion storage capacity of RGO and low electrochemical potential of Na metal, 

intercalated Na ions are compensated with the same amount of electron doping to RGO. 

The large electron doping leads to a large Fermi energy, which blocks optical transition 

in the visible range and increases the optical transmittance. Electron doping also leads to 

the large increase of the conductivity. This synergistic effect in increase of optical 

transmittance and decrease of sheet resistance leads to an excellent performance of S-

RGO as a transparent conductor. For fair comparison, we compare our data with other 

2D network based materials including RGO and exfoliated graphene (figure 4.5a). S-

RGO shows clear better performance than other materials.  To quantify this comparison, 

the figure of merit (FOM, defined as ratio of electrical to optical conductivity, ) 

is calculated based on sheet resistance and optical transmittance at 550 nm (figure 4.5d). 

Sheet resistance and optical transmittance of approximately 80-85% were used for FOM 

calculations. S-RGO network has the highest FOM value. Better performance is expected 

with large RGO flakes, which will have a low percolation threshold and better initial 

performance as transparent conductor before Na ion intercalation.   
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Figure 4.5 (a) Four-point probe I-V measurement of a RGO network before and after 

sodiation. Insets are the schematic and photo images of four-probe measurement on RGO 

network. (b) Sheet resistance change of two different samples. (c) Transmittance vs. 

sheet resistance plots of S-RGO vs. reported RGO network transparent conductors. (d) 

FOM of network transparent electrodes, including exfoliated graphene, S-RGO and 

RGO. 

 

4.5 Air stability of Na-ion intercalated RGO transparent conductors 
 

 

Air-stability of sodium ion intercalated RGO is a potential concern due to the 

high reactivity of Na. To evaluate the stability, S-RGO network was first fully sodiated 

in encapsulated devices. One device was then disassembled and S-RGO on glass was 
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exposed in ambient environment.  Optical images captured by a microscope on S-RGO 

film over different spots on the same device were recorded after 0, 0.5, 2, 3 and 13 hours. 

Optical transmittance of S-RGO on glass was obtained based on microscope images. 

After complete Na intercalation, transmittance at 550 nm of the RGO sample (red bar) 

increased from 57% to 90%. The sample shows small degradation after immediate 

exposure in air. Then the transmittance is stabilized over time even after 13 hours. Our 

continuing observations show that S-RGO does not change the optical transmittance after 

one month. Photo images of S-RGO network in air for the first a few hours are shown 

Figure 4.6b.  

As we demonstrated before, Li-intercalated ultrathin-graphite has the highest 

FOM among all continuous thin film so far. 61 However, the large diffusivity/reactivity 

of Li-ions in the intercalant causes poor stability and requires further device 

encapsulation. Graphene flakes become highly transparent after Li ion intercalation. But 

intercalation compound completely changes back to the original, much lower 

transmittance after a few hours in air. 61 The better stability of Na ion intercalated RGO 

than Li ion intercalated graphene flakes is explains as the following. Intercalated alkaline 

ions such as Li and Na are extremely reactive and thus will react with air, oxygen and 

water in ambient environmental immediately. The reactants on the edges of the 2D 

materials will prevents further reaction of alkaline ions, which explains the initial 

decrease of the optical transmittance in the first half hour. The difference between Li ion 

and Na ion is likely be explained by their different diffusivity through the self-formed 

barrier layer. The large Na ion size could leads to a much slow diffusion through the 

barrier layer than Li ion. Therefore, the reactants on the edges of 2D materials prevents 
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further reaction of Na atoms with O2, H2O and CO2 in air, and seals intercalated Na 

atoms inside the sheets. 

 

 

Figure 4.6 Stability in air of transparent conductor based on S-RGO network. Photo 

images of S-RGO in air after 0, 0.5, 2 and 3 hours. The scale bar (white) is 2 mm.  

 

4.6 Summary 
 

For the first time, we demonstrated that Na-ion can be intercalated into RGO network 

that simultaneously increase the optical transmittance (~ 100%) and conductivity (~ 300 

times) dramatically. The intercalated RGO network shows superior performance as 

transparent conductor, better than any other RGO network based transparent electrodes. 

Surprisingly, such transparent electrodes shows excellent stability in ambient 

environment, much more stable than Li ion intercalated graphene. The processes 

including GO network printing, thermal reduction and electrochemical intercalation can 

all be potential scaled toward practical applications. Further improvement of 

transmittance and sheet resistance can be achieved with GO networks with large size of 
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individual flakes.  Fundamental studies including air stability mechanism based on Na 

ion transport through the reactant layer, charge transport through RGO-RGO layers after 

ion intercalation, etc. will be further investigated in the future. This work demonstrated 

the great feasibility of using metal ion intercalations in 2D materials for promising 

transparent conductor applications.    
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Chapter 5: In situ TEM study of Na-ion interaction with high performance 

RGO anodes 

 
5.1 Introduction 

 
Sodium-ion batteries (SIBs) have attracted great attention due to their potential 

applications in grid scale energy storage system. 190-195 Advantages of SIBs over lithium-

ion batteries (LIBs) are obvious. Sodium resources are abundant and available 

worldwide, while lithium resources are limited and concentrated only in certain areas 

around the world. 193 Despite the similarities of SIB chemistry to LIB chemistry, great 

challenges remain for high performance SIBs. One of the major obstacles is that Na-ion 

is almost 3 times larger than Li-ion in volume, making the pulverization problem more 

severe. Meanwhile, Na-ion kinetics are much more sluggish. 196 In spite of the 

disadvantages, recent development of cathode materials for SIBs showed excellent 

promise with high voltage and stable cyclability.197-201 Unfortunately, the anode side 

remains a challenge, since Si and graphite, the most investigated anode materials in LIBs, 

cannot be applied in SIBs. 185, 202 To date, a number of anode materials for SIBs have 

been investigated, such as metal/metal alloys,196, 202 metal oxides,203-205 red 

phosphorus,206-208 and organic compounds.209 Despite their advantages, cost-efficiency, 

stable cyclability, performance and operation safety issues, still hinder their further 

applications as SIB anode materials.  

Carbon materials have been intensively studied as promising materials for energy 

devices due to their high capacity, abundance, and low cost.210 As for SIBs, hard carbon, 

a non-graphitized carbon, has attracted great attention due to its high specific capacity of 
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~250 mAh/g.187, 211 However, the rate capability of hard carbon is poor because of its low 

conductivity and its kinetics limited nanopore-filling Na-ion storage process. Most 

recently, a number of researchers reported reduced graphite oxide and reduced graphene 

oxide (rGO) as promising Na-ion storage materials, including Na-ion intercalated 

transparent conductors.185, 212, 213 214 In contrast to graphite, above-mentioned materials 

obtain larger interlayer distance (larger than 0.335 nm), allowing Na-ions to 

intercalate/de-intercalate between each graphitic layer. However, the thermal reduction 

process of graphite oxide/graphene oxide (GO) requires hours of operation, a high 

temperature reduction process, and a special atmosphere. More importantly, a trade-off 

between interlayer distance and conductivity of rGO exists with different reduction 

temperatures/times. This dilemma results in a poor performance of rGO as SIB anode, 

with reversible specific capacity lower than 300 mAh/g. Thus, a green and simple method 

for obtaining high power, high specific capacity rGO as SIB anode is highly in demand. 

Despite solely performed as active electrode materials, rGO is also widely applied as 

functional additive materials in SIBs anodes, mostly utilizing its large specific area and 

high electrical conductivity.215, 216 In both scenarios, rGO electrochemically interact with 

Na-ions actively in SIBs, regardless of their physical or chemical properties are 

considered in the design of experiment process. Consequently, the understanding of 

sodiation-desodiation process is crucial for rGO containing SIBs. Despite previous 

attempts to unveil this process, it remains controversial and lack of direct evidence.  

Herein, we conducted in situ transmission electron microscopy (TEM) to study 

the sodiation-desodiation process of rGO. Our study provides the first direct observation 

of reversible Na metal cluster (diameter larger than 10 nm) formation on rapid-rGO 
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surface upon sodiation and desodiation, which reveals an important Na-ion storage 

mechanism in rGO anodes. The phenomenon is evidenced by both selected area electron 

diffraction (SAED) pattern and atomic-resolved HRTEM image of the electrode/Na 

metal, enabled with state-of-the-art K2 summit electron-counting camera with an 

extremely low electron beam dose rate. The observation supports our record high rGO 

reversible specific capacity of 450 mAh/g, obtained from the rapid reduced GO (in 2 

seconds). Moreover, the rapid reduced GO sustained a highly stable cycling with 750 

cycles of around 200 mAh/g at 250 mA/g. Direct observation of irreversible Na2O 

formation with in situ TEM results also evidenced the capacity loss during the 1st cycle 

with rGO containing SIB electrodes. 

 

5.2 preparation and characterization of rapid RGO Na-ion battery anode 
 

 
GO was prepared using an improved Hummer’s method.217 rGO samples are 

firstly prepared for in situ TEM and electrochemical characterizations. High temperature 

treatment of GO has long been known as an effective method to separate the graphitic 

layers, and produce few-layered reduced graphene flakes. 218 During this process, oxygen 

containing functional groups (such as hydroxyl groups, carboxyl groups and epoxy 

bridges) are unstable at high temperature (usually above 300 Celsius), thus decomposing 

into carbon dioxide (CO2) and water (H2O). 218, 219 Two types of high temperature 

reduced GO has been prepared in this work, as illustrated in Figure 5.1. When stacked 

GO sheets are reduced at a “regular” process (i.e. hours of reduction at high temperature), 

214 most functional groups on GO are removed and the interlayer distance are decreased, 

as shown in Figure 1b. In this process, CO2 and H2O are slowly released, thus rGO layers 
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get restacked after reduction. When it is reduced at a “rapid” process, in which the 

reduction occurs within minutes or even seconds, the decomposed molecules will be 

abundantly released, and leave much larger spacing than the “regular” process (Figure 

5.1c). The rapidly released gases not only lead to a larger interlayer spacing and even 

some separated monolayer reduced graphene sheets, but also create a loosely packed 

structure for rGO. 220 A large interlayer spacing contributes to a high specific capacity, 

while a loosely packed structure is beneficial for high surface functional group Na-ion 

storage as well as an excellent ionic accessibility, which supports electrochemical 

reaction at high rate. Thus, the rapid reduced GO (rapid-rGO) is chosen for in situ TEM 

study and SIB anode. The regular reduced GO is used as a control sample for SIB anode. 

 

Figure 5.1 Schematics of two types of GO reduction process (a) stacked GO sheet is (b) 

slowly thermal reduced and (c) rapidly reduced.  
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Photothermal reduction of GO is chosen here as a simple, controllable, green 

method, as well as a rapid reduction process. Photons in the infared/visible range 

absorbed by GO can locally heat up the material, and reduce GO to rGO in an 

exceedingly short time. 220 In this study, a Xexon lamp is adopted as light source for the 

reduction process. When a free-standing GO film is exposed under the Xexon light, the 

reduction process happens in 2 seconds on average. Figure 5.2a shows a schematic of 

Xexon lamp for reduction of GO. To understand the photothermal reduction of GO, X-

ray diffraction (XRD), X-ray photoelectron spectroscopy (XPS) and scanning electron 

microscope (SEM) are applied to study the as-sythesised GO and rapid-rGO film. As 

shown in Figure 5.2b, the orange line and black line describe the XRD patterns of GO 

and rapid-rGO, respectively. XRD pattern of GO shows a sharp peak, with 2θ at 10.2˚, 

corresponding to a d-spacing of 8.70 . After rapid reduction, 2θ of rapid-rGO XRD 

pattern shows a broad distribution from 14.0˚ to 36.9˚, with a peak position at 24.5˚. d-

spacing of the peak is calculated to be 3.65 , which indicates a successful reduction 

from GO to rGO.  

XPS analysis shows the surface chemical composition of GO and rapid-rGO 

films, respectively. 221 As shown in Figure 5.2c, orange and black curves represent the 

XPS results of GO and rapid-rGO, where C 1s peak presents at ~ 285 eV and O 1s 

presents at ~ 533 eV. 185 The height of these two peaks provide a qualitative information 

of C/O ratio of the two materials, so it is obvious that rapid-rGO has a higher C/O ratio 

than GO. A quantitative analysis of C/O from XPS is shown in Table I, where the ratio 

percentage increases from 2.54 to 5.94 after rapid reduction. The C1s spectrum of rapid-

rGO reveals that the C–C bond at 284.8 eV dominates the carbon bond in rapid-rGO. The 
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small portion of oxygen containing bonds are found to be C–O (286.3 eV), –C=O (287.5 

eV), and –O–C=O (291.5 eV) (Figure 5.2d). 216, 222 The remaining oxygen containing 

groups in rapid-rGO are essential to maintaining a relatively large interlayer distance, 

which enables Na-ion intercalation. Both XRD and XPS results confirm a successful 

reduction of rapid-rGO by our photothermal method in 2 seconds. Figure 2e shows a 

typical SEM of tightly packed free standing GO film. After photothermal reduction, the 

SEM images shows a very loose packing of rapid-rGO layers (Figure 5.2f), unlike the 

rGO obtained in a slow thermal reduction process (show in Figure 5.5c). In quite a few 

places, the rapid-rGO flakes show a very thin characteristic thickness (few layer or even 

monolayer rGO), as shown in Figure 5.2f inset.  

 

Table 5.1 Atomic percentage of carbon and oxygen from XPS analysis. (450 stands for 

rGO regular reduced at 450 oC, details in supplementary materials)  

XPS analysis  GO Rapid-rGO 450 oC 

C/O 2.45 5.94 11.00 
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Figure 5.2. Methods and characterization of GO and rapid-rGO. (a) A schematic image of 

rapid reduction process by Xexon lamp, (b) XRD patterns of GO film and rapid-rGO, (c) 

XPS spectra of GO film and rapid-rGO, (d) C 1s spectrum of rapid-rGO, SEM images of 

(e) dense GO film and (f) rapid-rGO, inset a higher magnification SEM image of rapid-

rGO. 

 

5.3 In situ TEM characterization of Sodiation process with rapid RGO 
 

 
In situ TEM is a powerful tool to understand the electrochemical process of a 

battery material upon ion insertion and desertion.123, 223-225 Usually, only a solid state 

electrolyte is in contact with the active materials, which provide an extremely clean and 

pure environment to study their electrochemical process. Thus, we chose in situ TEM to 

perform the sodiation-desodiation study with rapid-RGO. As shown in a schematic in 

Figure 5.3a, the Na/Na2O is working as counter electrode and solid state electrolyte, 

while the rapid-rGO is using as working electrode. After applying a negative bias (-0.5 
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V) to the working electrode, the Na migrated into the rGO, as shown in Movie S1. Figure 

5.3b and c show TEM images of the rGO before and after the first sodiation. The 

morphology of the pristine rGO nanosheet is well presented with a clean surface in 

Figure 4a. The corresponding SAED, in Figure 5.3d, clearly shows the (100) and (110) 

rings of a typical graphite structure (space group: P63mc) with a d-spacing of 2.14 Å and 

1.23 Å, respectively. This indicates that the nanosheet is pure rGO without any 

contamination. Interestingly, it was observed that the rGO nanosheet was curled up and 

coated with a layer of extraneous material on the surface after the first sodiation, as 

shown in Figure 5.3c. The coating layer was determined to be with Na2O (d200=2.80 Å, 

d220=1.95 Å, and d311=1.67 Å), and Na (d200=2.10 Å, d211=1.75 Å, and d310=1.35 Å), as 

proved by the corresponding SAED in Figure 5.3f.  
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Figure 5.3. In situ TEM study of the first sodiation of rGO. (a) Schematic of in situ TEM 

set-up (b) TEM image of Na/Na2O as counter electrode/solid electrolyte and rGO as 

working electrode before sodiation (b) after sodiation (d) Diffraction pattern of rGO 

before sodiation (e) after sodiation. 
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Figure 5.4a shows a typical HAADF image of sodiated RGO nanosheet. Coverage 

of extraneous material made the sodiated RGO nanosheet with a rough surface. The 

elemental mapping of the sodiated RGO clearly shows that Na and O elements were 

distributed on the surface of the RGO.  

 

 
 

Figure 5.4. (a) High angle annular dark field (HAADF) image of sodiated RGO (b-d) 

Elemental distribution of sodiated RGO mapped by Energy-dispersive X-ray (EDX).   

 

To further understand this phenomenon, HRTEM images of the rGO after the first 

sodiation was taken, as shown in Figure 5.5. Particularly, to avoid the effect of the 
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electron beam, the HRTEM was recorded with an extremely low electron dose rate (2.0 

electrons pixel−1s−1) by using a state-of-the-art K2 summit electron-counting camera. As 

shown in Figure 5.5a, several nanocrystals with lattice fringes formed on the surface of 

the rGO. Two of them with good orientations were chosen for a deeper investigation. 

Figure 4b shows an atomic-scale HRTEM image of one nanocrystal in Figure 5.5a. The d 

spacing of two vertical lattice planes was measured to be 3.0 Å, which matches well with 

that of the {110} lattice planes of body centered cubic (BCC) Na metal, as shown in 

Figure 5.5c. This suggests that the Na metal forms on the surface of rGO. To the best of 

the authors’ knowledge, Figure 5.5a displays the first published atom-resolved HRTEM 

image of Na metal. An atomic-scale HRTEM image of another nanocrystal from the 

green box is shown in Figure 5.5d. This HRTEM image also shows two vertical lattice 

planes with an equal d spacing values of 2.8 Å, which are determined to belong to the 

{200} planes of face centered cubic (FCC) Na2O crystal structure, as shown in Figure 

5.5e. Above analysis indicates that Na metal and Na2O formed after the first sodiation of 

rGO. 
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Figure 5.5. HRTEM images of sodiated rGO. (a) Low-mag HRTEM image recording the 

surface of the sodiated rGO. (b) High-mag HRTEM image taken from the blue box in the 

panel a. (c) 2x2x2 supercell for BCC Na metal. (d) High-mag HRTEM image taken from 

the green box in the panel a. (e) 2x2x2 supercell for FCC Na2O. 

 

The desodiation process of the rGO was also captured by our in situ TEM, as shown 

in Figure 5.6. Figure 5.6a shows a HRTEM image of a domain in the sodiated rGO. The 

d-spacing of 3 equivalent lattice planes of inset in Figure 5.6a was measured to be 3.0 Å, 

belonging to the {110} planes of BCC Na metal. The corresponding Fast Fourier 

Transform (FFT) pattern further confirms that the lattice belongs to the BCC Na metal 

structure taken with the [1-11] zone axis. Interesting, this Na metal particle was slipping 

away after applying a positive bias (+2 V) to the rGO nanosheet. After a total 

desodiation, we found that the Na2O retained on the surface of the rGO, as indicated by 

the HRTEM image and corresponding SAED pattern in Figure 5.6b. However, we did not 

find the existence of Na metal. The observation of reversible Na metal formation on rGO 
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surface evidences the hypothesis of a Na-ion storage mechanism in rGO and related 

carbon materials. This result also indicates that the formation of irreversible Na2O on the 

surface of rGO is a main reason for the first cycle capacity loss.  

 

 

Figure 5.6 HRTEM images recording the first desodiation process of rGO. (a) HRTEM 

image of material on rGO before desodiation. Inset shows atomic scale HRTEM image of 

a Na metal and the corresponding FFT pattern. (b) HRTEM image of material on rGO 

after desodiation. Inset of the panel (b) shows an SAED pattern of the totally desodiated 

rGO.  

 

5.4 Electrochemical performance of rapid RGO as Na-ion battery anode 
 

 
The electrochemical properties of the rapid-rGO film in SIB were characterized using 

coin cells with Na metal as the counter/reference electrode and a 1.0 M NaPF6 solution in 

ethylene carbonate/diethyl carbonate (EC:DEC = 1:1 by volume) as the electrolyte. 

Figure 5.7 shows the potential profiles of rapid-rGO electrode at current densities of 25 
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mA/g, 50 mA/g, 125 mA/g, 250 mA/g and 500 mA/g in a potential window from 0.01 to 

2.0 V vs Na/Na+. Figure 6b shows the average desodiation specific capacity is 428 

mAh/g, 316 mAh/g, 237 mAh/g, 194 mAh/g and 162 mAh/g for 25 mA/g, 50 mA/g, 125 

mA/g, 250 mA/g and 500 mA/g, respectively. Surprisingly, rapid-rGO exhibits an 

excellent rate performance, which is much better than hard carbon and other rGO 

anodes.185, 214 The enhanced rate capability in this study is attributed to the greater ionic 

accessibility in the loose-packed of rGO sheets than tight packed ones. After that, the 

rapid-rGO electrode is further cycled to 750 cycles at 125 mAh/g, showing a very stable 

performance of around 200 mAh/g. The capacity loss is only 0.025% per cycle, 

indicating a very stable cycling performance. The electrochemical characterizations of 

rapid-rGO demonstrates its great potential as simultaneously high energy density and 

high power density anode materials for SIBs.    
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Figure 5.7 Electrochemical performance of rapid-rGO as anode for SIBs: (a) potential 

profiles of rapid-rGO anode at 500 mA/g, 250 mA/g, 125 mA/g, 50 mA/g and 25 mA/g, 

(b) rate performance of rapid-rGO at above-mentioned current rates, (c) cycling 

performance of rapid-rGO. 

 

Here we discuss the Na-ion storage mechanism in rapid-rGO electrodes in detail. 

Clearly, from the sodiation potential profile at 25 mA/g (Figure 3a), the sodiation process 

for our rapid-rGO consists of two parts: (1) a sloping region between 2.0-0.3 V and (2) an 

inclined potential plateau below 0.3 V. According to recent studies on rGO anodes and 

hard carbon anodes, we propose the Na-ion storage mechanism for our rapid-rGO 

negative electrode as following: the sloping region between 2.0-0.3 V corresponds to the 
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Na ion storage by functional groups/defective sites,213, 226-228 the inclined potential plateau 

below 0.3 V consists of the intercalation of Na-ions between rGO interlayers (relatively 

higher voltage) 185, 211, 226-228 and Na-atom cluster adsorption on rGO surface. Part of the 

proposed mechanism has been previously verified in recent reports: the functional 

group/defective sites for reversible Na ion storage from 2.0V to 0.3V has been confirmed 

with ex situ XPS, Raman combined with electrochemical analysis,211, 226-228 and the Na-

ion intercalation in between rGO layers below 0.3V has been proven with ex situ XRD 

measurements.211, 226, 227 Na metal cluster formation, even though as a widely accepted 

mechanism in hard carbon anodes, is indirectly proven by in situ small angel X-ray 

scattering analysis,229, 230 and unclear in rGO anodes. Our in situ TEM result, provide the 

first direct evidence for Na metal cluster formation at low voltages with rGO based SIB 

anodes. In addition, we noticed that the first cycle Coulombic efficiency (CE) for our 

rapid-rGO anode is at a low value of 18.5%, just like other rGO or rGO containing 

anodes and porous carbon anodes.231 Such low CE is also revealed to be mainly attributed 

to the irreversible chemical reaction upon first sodiation with in situ TEM. 

 

5.5 Summary 
 

 

In summary, we applied the first in situ TEM characterization to study the sodiation-

desodiation mechanism of rGO. These in situ TEM results provide the first direct 

evidence of Na metal cluster reversibly formation on rGO anodes, as a Na storage 

mechanism for rGO electrode materials. It supports our rational designed “2 second” 

rapid-rGO SIB anode, which we obtained a record high reversible capacity of 450 mAh/g 

among all carbon based SIBs anodes. In addition, we unveiled the origin of the capacity 
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loss of rGO SIB anodes in the first cycle, evidenced by the side reaction of irreversible 

formation of Na2O on rGO surface. These discoveries are not only significant in rGO as 

SIB anode material, but also helpful in understanding the electrochemistry and a rational 

design of all SIB electrode materials containing rGO, or carbon of other forms.  
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Chapter 6: Electrochemical K-ion intercalation with graphite and RGO 

materials 

 

Wei Luo, Jiayu Wan, Burak Ozdemir, Wenzhong Bao, Yanan Chen, Jiaqi Dai, Hao Lin, 

Yue Xu, Feng Gu, Veronica Barone, and Liangbing Hu, Nano Lett., 2015, 15 (11), pp 

7671–7677 

 
6.1 Introduction 
 

 
Graphite intercalation compounds (GICs) which are formed by the intercalation of 

guest species in between the graphite layers, exhibit tunable physical and chemical 

properties that can be controlled by varying the guest species and concentrations.67 Due 

to this unique feature, GICs have been intensively investigated as conductive materials, 

battery electrodes, hydrogen-storage materials, and catalysts etc.232,233 Additionally, GICs 

have been recently used as starting materials for synthesizing graphene, which have 

attracted great interest.4, 65, 129 To date, more than hundreds of chemical species that can 

be intercalated into graphite have been reported.234 Among them, alkali metal (Li, K, Rb, 

and Cs) based GICs are the most widely studied ones. Particularly, the most extensively 

known examples of GICs are the well-developed Li based GICs, as graphite is the 

standard anode for lithium-ion batteries (LIBs).79, 235    

Recently, concerns about the shortage and uneven geographical distribution of Li 

resources have led to an increased research attention to other battery technologies for 

replacing LIBs, such as sodium-ion batteries (SIBs). This shift is attributed to the 

abundant world-wide Na resources and its much lower cost. However, developing anodes 



 

98 

 

for SIBs is still a great challenge as only very limited amounts of Na can be intercalated 

into graphite.115, 229, 230, 236, 237 The limited capacity is mainly attributed to the large size of 

Na ions compared to the interlayer spacing in graphite, as well as a weak interaction of 

intercalated Na species to carbon layers (Figure 1). One may expect potassium (K) ions 

are more difficult to intercalate into graphite due to their even larger ionic size. Contrarily, 

K-ion based GICs have been well-known for a long time and they have driven a broader 

interest since K-GICs have shown the ability to adsorb molecular hydrogen and present 

superconducting properties.238 In the field of battery applications, K-ion based 

electrochemical energy storage technologies also exhibit a great promise due to the high 

natural abundance and low cost of K. Moreover, the redox potential of K/K+ (2.92 V vs 

standard hydrogen electrode) is even lower than that of Na/Na+ (2.71 V vs standard 

hydrogen electrode), indicating a higher working voltage of K-ion based batteries. 

However, to date, only O2/K,239 S/K,240 and Prussian blue16, 241 battery systems have been 

reported, and a K-containing cathode/graphite battery analogous to conventional LIBs 

has not yet been investigated. Furthermore, although K-GICs have long been studied, a 

two-zone vapor-phase synthesis technique is still the most common method to prepare K-

GICs. To our knowledge, the electrochemical synthesis of K-GICs has never been 

reported.  
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Figure 6.1 Schematic illustration of electrochemical intercalation of Li, Na, and K ions 

into graphite and reduced graphene oxide (RGO). Li and K ions can electrochemically 

intercalate into both graphite and RGO, while Na ions can only be electrochemically 

intercalated into RGO. 

Motivated by this, here we use a simple graphite/K metal half-cell with a non-

aqueous electrolyte to investigate the electrochemical intercalation process of K ions into 

graphite. By applying a small current density of 5 mA/g, we observe, for the first time, 

that graphite can deliver discharge/charge capacities of 280/207 mAh/g, respectively. At 

the end of the discharging process (full intercalation), the color of graphite electrodes 

have changed from grey to brass-yellow, confirming the successful formation of Stage-I 

KC8. This is also proven by ex situ X-ray diffraction (XRD) and Raman measurements. 

In addition, we have also demonstrated the formation of K intercalated reduced graphene 

oxide (RGO) compounds. Our RGO film electrode exhibits a high reversible K ion 

storage capacity of 222 mAh/g, indicating a promising anode for K-ion based batteries. 

 

6.2 Electrochemical intercalation of K-ions in graphite electrodes 
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As seen in Figure 6.2a, coin-cells consisting of graphite working electrodes 

(80wt% graphite and 20wt% polyvinylidene fluoride binder), K metal counter/reference 

electrodes, and 0.5 M KPF6 in ethylene carbonate/diethyl carbonate (EC:DEC = 1:1 by 

volume) electrolyte are assembled for electrochemical measurements. Figure 6.2b shows 

the first discharge/charge curve of the graphite electrode tested at a current density of 5 

mA/g in the potential range between 0.01 and 2.0 V vs. K/K+, (blue curve). It can be 

observed that the potential drops fast from the open circuit voltage (OCV) to 0.8 V. The 

curve then develops into four parts in the first discharge process (K ions intercalation). 

As displayed in the zoomed-in discharge profile (Figure 6.2c), the first part is a short 

slope from 0.8 V to 0.35 V, which gives a capacity of 26 mAh/g. This short slope is 

probably due to the decomposition of electrolyte and formation of solid-electrolyte-

interface (SEI).242-244 We therefore focus on the later three parts in the first discharge 

profile. As discussed in previously reported vapor pressure experiments, K-intercalated 

graphite forms specific stages: KC36 (Stage-III), KC24 (Stage-II), and finally, KC8 (Stage 

I). Our electrochemical experiments, however, seem to present a different staging 

mechanism than the ones presented in the previous literature.  
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Figure 6.2. Electrochemical intercalation of K and Li ions into graphite at ambient 

temperature and pressure. (a) A schematic of graphite electrode/K metal within coin-cell. 

(b) Discharge/charge profiles vs. K (blue) and Li (black) at 5 mA/g for graphite 

electrode; the highlighted part in (b) is enlarged and shown in (c) for a graphite/K system 

and (d) for a graphite/Li system. 

 

In order to understand the behavior observed in Figure 6.2c, we have performed 

density functional theory (DFT) calculations of potential profiles for K ions intercalation 

into graphite. In Figure 6.3a we present first-principles calculations for different K 

staging scenarios (blue and green lines) in combination with averaged experimental 
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values (red) to facilitate a direct comparison (see details in Supporting Information). 

Calculated potential profiles are obtained using the dispersion corrected vdW-DF2 

functional as implemented in Quantum Espresso.245, 246 The calculated voltage profiles 

are derived from the following relation 

                              (1) 

where E (KxC8) is the energy of KxC8, E (Kmetal) is the energy of K in its pure bulk form, 

and x is the fraction of K in KxC8 which is then converted to capacity (mAh/g) by 

assuming a full electron transfer from the K atom to the graphite host, and q is the net 

charge of the K ions ( ).  

As shown in Figure 6.3a, the maximum stable stoichiometry corresponds to KC8. 

For larger K content, K metal is expected to form as the potential becomes negative, 

suggesting that KC6 cannot be formed electrochemically in this potential window (20.01 

V vs K/K+). When analyzing the results of our calculations for the staging sequence KC24 

(Stage II)  KC8 (Stage I) (green line), we observe that not only is KC24 (Stage-II, 

theory b) about 0.1 eV less stable than KC24 (Stage-III, theory a), but also the potential 

profile shows an increase in voltage from Stage II Stage I. However, this voltage 

increase is not observed in the experiment. Contrarily, a staging in which the Coulomb 

repulsion between ions separated by empty galleries is minimized, corresponding to the 

staging mechanism: KC24-Stage-III  KC16-Stage-II and KC8-Stage-I (blue line), is 

energetically more stable. This agrees very well with the potential profile obtained in our 

experiments (black solid line and averaged red dotted line). These results seem to indicate 

that the staging of K intercalation into graphite in electrochemical experiments behaves 
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similarly to the one in Li intercalation. Therefore, the experimental results shown in 

Figure 2c can be interpreted as follows. After the initial formation of SEI, a relatively flat 

slope is observed from 0.35 V to 0.18 V, which delivers a capacity of about 93 mAh/g. 

This capacity is related to the formation of KC24 in Stage III. Closer inspection reveals 

that there is another transition at about 0.14 V corresponding to KC16 in Stage II (47 

mAh/g). The total first intercalation capacity reaches about 270 mAh/g, suggesting the 

synthesis of Stage I K-GICs (KC8). It is worthwhile to point out that this is the first time 

in which KC8 is achieved by an electrochemical method at room temperature and 

pressure. 

In the following charging process (de-intercalation of K ions from KC8), the 

overall charge capacity is 208 mAh/g, giving a 1st cycle Coulombic efficiency (CE) of 

74.3%. In order to corroborate the electrochemical behavior of the graphite/K system, a 

well-known graphite/Li system is also studied as control. The graphite/Li system uses the 

same graphite electrode with Li metal counter/reference electrode and 1.0 M LiPF6 in 

EC/DEC electrolyte. As shown in Figure 6.2d, the first discharge curve of graphite/Li cell 

at 5 mA/g displays a typical Li ions intercalation process where the intercalation starts at 

0.2 V vs. Li+/Li and exhibits three plateaus later on. This is related to the typical phase 

change from LiC36 (Stage III) to LiC12 (Stage II) and then to LiC6 (Stage I), as intensively 

studied previously.247, 248 The following charge curve shows the corresponding de-

intercalation process. The first discharge/charge capacities are 362/322 mAh/g, 

demonstrating a 1st cycle CE of 89.0%. Compared to the electrochemical behavior in the 

graphite/Li system, graphite shows a very similar result in the graphite/K system as stage 

I GICs (KC8) is formed after full intercalation.  
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Figure 6.3. DFT calculations. (a) Calculated potential profile for K ions intercalation into 

graphite for different staging scenarios. Blue line (Theory (a)) corresponds to an 

intercalation staging: KC24(Stage III)  KC16 (Stage II)  KC8 (Stage I). Green dotted 

line (Theory (b)) corresponds to calculated values for the previously reported staging: 

KC24 (Stage II)  KC8 (Stage I). Red dotted line corresponds to the averaged 

experimental data shifted by 26 mAh/g to correct the capacity contribution from SEI 

formation. (b) Scheme of the different stages of K-intercalated graphite, K shown in blue 

and C in yellow. 

 

Ex situ optical images, XRD patterns and Raman spectra of graphite electrodes 

are also collected after the electrochemical intercalation of K ions. As shown in Figure 

4a, the color of a graphite electrode changes from dark gray to brass-yellow after it is 

discharged to 0.01 V, supporting the formation of Stage-I K-GICs.249 In the XRD 

measurements, graphite electrodes show a sharp diffraction peak at 26.6, corresponding 

to (002) plane of graphite (Figure 6.4b). After K ions intercalation, the (002) peak shifts 

to 16.6°, indicating a sharp increase of the interlayer spacing. According to the Scherrer 
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equation, the interlayer spacing of the as-formed KC8 is 5.35 Å. Additionally, there are 

two small peaks at 20.5° and 30.1°, which can be ascribed to KC24. This probably due to 

the partial existence of stage-III K-GICs. Furthermore, the Raman G-peak of graphite at 

1580 cm-1 shifted to 1549 cm-1 for electrochemical intercalated KC8 (Figure 6.4c). The 

G-peak also became broader after intercalation, which is due to the mode coupling of in-

plane and c-axis folding effects in a continuous states.250 The Raman result is consistent 

with previous works and additionally confirms the formation of KC8.135, 250-252   

To further investigate the electrochemical reaction of graphite/K cell, cyclic 

voltammetry (CV) measurements are carried out. As shown in Figure 6.5, redox couples 

can be clearly observed in the CV curves. In the first cathodic process, a broad peak near 

0.75 V appears. This broad peak can be attributed to the decomposition of the electrolyte 

and formation of the SEI, which is consistent with the first discharge profile in Figure 6.2. 

Then, the sharp cathodic peak between 0.4 to 0.01 V is related to the intercalation of K 

ions into graphite. In the following anodic sweep, the broad peak between 0.3 V to 0.8 V 

corresponds to the de-intercalation of K ions from graphite. In the subsequent cycles, the 

cathodic peak near 0.75 V disappears, which suggests that the SEI mainly forms in the 

first cathodic process. Furthermore, the other cathodic/anodic peaks are highly reversible 

and overlap, indicating the high reversibility of the intercalation/de-intercalation of K ion 

into/from graphite. Rate capability of graphite electrodes are also tested at various current 

densities. As shown in Figure 6.4d, when the current density is increased to 10 and 50 

mA/g, graphite can still deliver intercalation capacities of 266 and 234mAh/g, 

respectively, which indicates a good response to the current density variation in this 

range. However, when the current density is further increased to 200 mA/g, the 
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intercalation capacity declines to 141 mAh/g, suggesting a slow kinetics of the K ion 

intercalation process compared to Li ion. Our results demonstrate the potential of 

graphite anodes for K-ion batteries with significant reversible capacity and an acceptable 

1st cycle CE. Considering the natural abundance and wide availability of K resources, K-

ion based non-aqueous batteries using graphite anodes may become an attractive 

alternative for large scale energy storage systems. 

 

Figure 6.4 Ex situ measurements of KC8 and the rate performance of graphite electrode. 

(a) Photo images, (b) XRD patterns, and (c) Raman spectra of graphite electrodes before 

and after electrochemical intercalation of K ions. (d) Discharge/charge profiles for 

graphite electrodes at various current densities. 
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Figure 6.5. CV curves of graphite electrode in graphite/K cell. 

 

6.3 Electrochemical intercalation of K-ions in rGO electrodes 
 

 

To further explore the K-ion storage in graphitic materials, we investigated the K-

ion storage properties of RGO. Derived from graphite, RGO is an extensively studied and 

cost-efficient material utilized in LIBs. Specifically, RGO is known for its larger 

interlayer distance compared with graphite, which even enables a relatively large storage 

capacity of Na ions.185, 213, 252, 253 These properties also suggest the potential of RGO as a 

K-ion storage material. Additionally, RGO thin films have been widely studied as 

transparent electrodes as RGO flakes are electrically conductive and optically 

transparent.16, 254 Our recent results show that upon metal ions (Li ion/Na ion) 

intercalation into graphitic materials, the system will simultaneously achieve better dc 

conductivity and optical transmittance in the visible range.61, 212 Thus, it is also of great 

interest to investigate K ion storage performance of RGO, as well as the optical 

properties of K ion intercalated RGO film.   
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We obtained the RGO film from graphene oxide (GO), which is prepared using 

the modified Hummer’s method.217 The XRD pattern of the RGO film shows a peak at 

24.3º, which corresponds to an interlayer distance of 3.66 Å (Figure 6.6a). The Raman 

spectrum exhibits peaks at ~ 1340 cm-1 and 1590 cm-1, suggesting a typical RGO 

structure (Figure 6.6b). Scanning electron microscope (SEM) image also depicts a typical 

RGO morphology, where a large number of RGO flakes with sizes of tens of microns are 

stacked together (Figure 6.6c). To evaluate its K ion storage properties, the as-prepared 

RGO free-standing film is directly used as electrode without using any binder, carbon 

additives, and current collector. Figure 6.6d shows the first two cycles of a RGO film 

tested at 5 mA/g in the potential window of 0.01 V – 2.0 V vs. K/K+. Firstly, a plateau is 

observed near 0.7 V in the first discharge curve. But the plateau disappears in the second 

cycle, suggestive of an irreversible formation of SEI. Later on, a long slope is exhibited, 

which delivers an overall first discharge capacity of 442 mAh/g. Then, a corresponding 

slope is found in the following charge curve, which shows a first charge capacity of 222 

mAh/g with a 1st cycle CE of ~50%. Clearly, RGO film exhibits higher intercalation/de-

intercalation potential, higher capacity and lower 1st cycle CE than graphite, which 

agrees well with the results observed in RGO/Li systems.255 Similar to RGO/Li, the 

unique electrochemical behavior could be attributed to the rich surface functional groups 

of RGO. We then study the current rate and cycling performance of RGO film. The RGO 

film delivers a stable capacity of ~200 mAh/g at 5 mA/g. When the current density is 

increased to 10, 20, and 50 mA/g, the RGO film can still exhibit capacities of 150, 130 

and 90 mAh/g, respectively. However, the RGO film can only give a capacity of ~50 

mAh/g at 100 mA/g. Compared to a graphite electrode, the RGO film shows a poorer rate 
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capability, which could be due to the poorer electronic conductivity of RGO. To further 

investigate the cycling performance, the RGO film is tested at 10 mA/g for a long-term 

cycling. We found that the RGO film can still deliver a stable capacity of 150 mAh/g 

after 175 cycles, which indicates a great cycling stability of RGO as anode for non-

aqueous K-ion batteries. 

 

Figure 6.6. Characterizations of RGO film and electrochemical intercalation of K ions 

into RGO film. (a) XRD pattern, (b) Raman spectrum, (c) SEM image and (d) 

discharge/charge profiles for the first two cycles at 5 mA/g of RGO film. 

 

Electrochemical intercalation of K ions allows a controllable and reversible 

modification of the band structure of graphitic carbons, which results in a range of new 

properties. Here, to study the effect of K ions intercalation on the optical transmittance of 
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the RGO film, we have built a planar RGO/K cell for in situ optical transmittance 

measurements. As schematically shown in Figure 6.7a, the printed RGO film and K metal 

pellets are deposited onto copper current collectors at each side, respectively. After 

injecting the electrolyte (0.5 M KPF6 in EC/DEC), the potential between the RGO film 

and K is kept at 0.0 V by the external circuit. Three hours later, the printed RGO film 

becomes much more transparent (Figure 6.7b and 6.7c). To quantitatively illustrate the 

transmittance change, we capture the gray scale images using an optical microscope 

(operated in transmission mode). As shown in Figure 6.7d, the RGO film exhibits an 

optical transmittance of 29.0%. After K ions intercalation, it increases drastically to 

84.3%, which is about 3 times larger than in the pristine RGO film (Figure 6.7e).   
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Figure 6.7. In situ optical measurements of RGO film. (a) Schematic of K ions 

intercalation into a printed RGO film. (b, c) Photo and (d, e) optical microscope images 

of the RGO film before and after K ions intercalation. 

 

In order to understand the fundamental mechanism of the obvious increase in 

optical transmittance, we performed electronic structure calculations in pristine graphite 

and KC8 as model systems. The band structure of KC8 changes dramatically with respect 

to the one in pristine graphite. The calculation suggests an upshift of the Fermi level due 

to the heavy electron doping which can be most clearly observed in the KH path in the 

corresponding Brillouin zone (Figure 6.8a and 6.8b). As discussed in a previous work, 

this shift may cause a change in the optical spectrum of the material due to the 
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suppression of inter-band transitions caused by Pauli blocking. Our band structure 

calculations show that KC8 becomes a conductor with bands crossing the Fermi level not 

only along the layer planes but with additional conducting channels along the c-direction. 

We also calculated the dielectric function, 1 and 2, within the Random Phase 

Approximation (RPA) for pristine graphite as well as K intercalated graphite by using the 

Yambo code.256 Although more robust approaches need to be considered for obtaining 

accurate optical spectra, our RPA calculations can shed light on the trends that take place 

in the optical properties upon intercalation. The imaginary part of the dielectric function 

is directly related to the absorption coefficient, and as shown in Figure 6.8d, it 

significantly decreases upon K ions intercalation. This calculated trend for a suppressed 

absorption upon K ions intercalation is in line with the increased transmittance observed 

in our experiments. 
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Figure 6.8 Calculated band structure of (a) graphite and (b) KC8 (Stage-I), where the 

arrow between K-H indicates the shift in the Fermi level with respect to graphite; (c) 1 

and (d) 2 calculated within the RPA in the visible range for pristine graphite as well as K 

intercalated graphite. 

 

6.4 Conclusion 
 

 

In conclusion, we have demonstrated, for the first time, the electrochemical intercalation 

of K ions into graphitic materials under ambient temperature and pressure. The 

electrochemical intercalation process clearly displays the formation of stages in K-GICs. 

Our electrochemical intercalation stages are different from the ones reported in gas phase 

experiments and are supported by our first-principles calculations. We find that graphite 

delivers a reversible capacity of 208 mAh/g. Furthermore, we find that reduced graphene 

oxide also exhibits a high reversible capacity of 222 mAh/g. Moreover, K ions 

intercalation can effectively increase the optical transparence of RGO film from 29.0% to 

84.3%. Our first-principles calculations suggest that this trend is attributed to a decreased 

absorbance produced by K ions intercalation. Our results not only open opportunities for 

novel non-aqueous K-ion based electrochemical energy-storage technologies, but also 

demonstrate the great potential of K ions intercalation to improve the performance of 

printed RGO films for optical applications. 
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Chapter 7: Tunable broadband printed carbon transparent conductor by Li-

ion and Na-ion intercalation 

 

7.1 Introduction 

 
Simultaneously optical transparent and electrical conducting materials are 

ubiquitously used in optoelectronic devices, such as solar cells, organic light-emitting 

devices (OLEDs), touch screen displays, and smart glass.162, 257 High performance doped 

metal oxides such as indium tin oxide (ITO) has dominated the transparent conductor 

electrodes (TCEs) market.258 However, an increasing research effort exists to replace ITO 

in the past decades due to the scarcity of indium sources, the high growth cost of ITO, 

and the brittle nature of the ceramics. Metal nanowires, metal grids,259, 260 conducive 

polymers,261 carbon nanotubes (CNTs),262 graphene172 and their hybrids157 have been 

intensively investigated as high performance TCEs. Despite the success of these materials, 

most studies on TCs are focused on the visible range. Simultaneous transparency and 

conductivity is also of great importance in other regions of the electromagnetic spectrum, 

such as the infrared region.92 IR transparent conductors are needed in multi-junction solar 

cells,263 IR image and sensing,264 IR emission devices265 for military, astronomy, and 

telecommunication applications.266 Thus, further investigation on how to achieve 

broadband TCEs is crucial for functional IR transparent conductor and devices.   

Carbon materials such as CNT and graphene have attracted tremendous attention 

recently as transparent conducting materials for optoelectronic devices due to their 

unique simultaneously high conductivity and transmittance.267 Like many other new 

generation TCE materials, carbon based transparent conductors are potentially low cost, 

resourceful, appropriate for large scale processing and patterning, stable, and flexible. 
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Still, there are several unique advantages of carbon materials over all other transparent 

conductor materials. First, CNTs and graphene are not only transparent in the visible 

range, but also transparent in a broad range (i.e. visible to IR range).130 Second, the 

transmittance and/or conductivity of carbon based transparent conductors can be 

modulated with electric fields,163 electrical double layers,268 and intercalation species.269 

These modification methods not only improve the overall transmittance and conductivity 

of the thin carbon films, but also provide possible tunability in a broad range. It is 

exciting to envision a transparent conductor thin film with reversibly tunable 

transmittance in the broadband used for smart windows in energy saving buildings.270 

Additionally, a tunable transmittance in the broadband can also be potentially applied for 

thermal camouflage.271 Thus, our goal here is to achieve a carbon based transparent 

conductor with reversible modulation of transmittance in a broad range. 

To this end, we designed a CNT/rGO/CNT sandwich structure and achieved 

reversible broadband transmittance modulation through alkali ion intercalation. We have 

been able to demonstrate that upon ion intercalation in these structures, a wide 

transmittance modulation from the visible range (450 nm) to the mid-infrared range (5 

µm) can be achieved. We also show the reversibility of the process by optical and in situ 

Raman spectroscopy. Our calculations in Li intercalated few-layer graphene indicate that 

interband transitions are significantly reduced along with absorption and reflection upon 

intercalation. However, a plasmon resonance also appears within the visible region due to 

increased conduction electron density which causes high reflectance at lower energies. 

This result is in contrast to rGO experimental results where an increase in transmittance 
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occurs in a broad energy region including infrared. This effect is attributed, at least partly, 

to a reduction in plasmon energy due to a decrease in conductivity in rGO. 

 
7.2 Fabrication of large scale, printed CNT/rGO/CNT sandwich thin film  
 

 
In the chapter 4, we reported Na-ion intercalation in large area, printed rGO 

network and achieved highest performance of pristine rGO based transparent conductor. 

However, in the previous studies, reversible intercalation/deintercalation of ions in rGO 

network film has not been demonstrated, although the reversible process is well known 

for rGO or graphite as battery electrodes. The key difference between rGO as battery 

electrode and transparent conductive thin film is that in battery electrodes, rGO is 

surrounded by functional additives such as carbon black and polymer binder (i.e. PVDF) 

while in thin film, rGO network is tightly attached to a transparent substrate (i.e. glass). 

Just like any battery electrode materials, when ion intercalation/deintercalation occurs, 

rGO experiences volume expansion/shrinking. In real batteries, the polymer binder holds 

the position of adjacent rGO flakes during intercalation/deintercalation process; while in 

planar batteries, the rGO network hold up each other with only Van der Waals force 

without binder. Therefore, during the volume expansion/shrinking process, rGO network 

is easy to break, leads to an irreversible ion intercalation process. As shown in Figure 

7.1a to 7.1b, during the ion deintercalation process, rGO network starts to break and peels 

off. Figure 7.1c shows two breaking lines of pure rGO film at the 2nd intercalation 

process.  
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Figure 7.1 Failure mechanism of pure rGO thin film during lithiation/delithiation process 

(a) schematic of ion intercalated rGO film, (b) schematic of ion deintercalation in rGO 

film. (c) photo image of cracked pure rGO film after ion deintercalation. 
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Figure 7.2 (a) Schematic of alkali ion intercalation in a CNT/rGO thin film. (b) 

Schematic of the CNT/rGO/CNT sandwich structure. Large scale printed CNT/rGO/CNT 

film on PET substrate before Li-ion intercalation (c) and after Li-ion intercalation (d). (e) 

Typical transmittance change of carbon film before and after Li-ion intercalation for 

selected wavelengths of 550 nm (visible range) and 2µm (infrared range). 

 

In order to achieve reversible optical modulation of the large-scale rGO network 

thin film, we designed a CNT/rGO/CNT sandwich structure that reinforces the bonding 

of the rGO network (Figure 7.2 a-b). The advantages of the CNT/rGO/CNT structure is 

as following: (1) the two CNT layers provide a mechanical protection to the rGO network 

in between and prevent the crack of rGO during ion intercalation/deintercalation, (2) the 

CNT network mechanical protection layer is significantly porous and thus allows the ions 

to access the rGO interlayers, (3) the CNT network is also electrically conductive thus 

contributing to the fast and uniform ion intercalation throughout the entire rGO network 

thin film, (Figure 7.2 c-d) (4) Li-ions and Na-ions cannot electrochemically intercalate in 

CNT, and (5) the CNT thin film is transparent to photons in the IR regime. Thus, the 

addition of CNT network would not affect the optical modulation of rGO with ion 

intercalation process in the visible and IR regime we are interested in. A typical 

transmittance change at both visible range (550 nm) and IR range (2 um) before and after 

Li ion intercalation in the CNT/rGO/CNT film is shown in figure 2e. 

 

7.3 Reversible change of transmittance with intercalation/deintercalation 
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Figure 7.3 (a) photo images and (b) microscope images of pristine, lithiated and 

delithiated CNT/rGO/CNT film. Reversible transmittance change at visible range 

(wavelengths of 450 nm, 550 nm, 750 nm). The length of scale bars in figure (a) and (b) 

are 1 cm and 50 µm, respectively. Transmittance obtained in (c) pristine, lithiated, and 

delithiated CNT/rGO/CNT network and (d) pristine, sodiated, and desodiated 

CNT/RGO/CNT network. 

 

We first demonstrate the optical modulation of CNT/rGO/CNT in the visible range 

with Li-ion intercalation. As shown in Figure 7.3a, photo images of CNT/rGO/CNT thin 

film (grey strip) on planar battery before intercalation, after intercalation, and after 

deintercalation are taken. The region inside the yellow dash line box is the 
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CNT/rGO/CNT thin film confined inside the PDMS reservoir, in which the electrolyte is 

accessible, thus enables ion intercalation/deintercalation process. Clearly, our results 

successfully demonstrate a reversible modulation of CNT/rGO/CNT film in the visible 

range via Li-ion intercalation. Figure 7.3b shows the microscope images of the sandwich 

film in the pristine, lithiated, and delithiated states. We also measured the optical 

transmittance change of the CNT/rGO/CNT film by analyzing the grey scale image of the 

films at three different wavelengths in the visible range (450 nm, 550 nm, 750 nm). The 

transmittance change before intercalation, after intercalation, and after deintercalation is 

68.5%, 85.6%, 72.1% for 450 nm, 70.4%, 93.4%, 75.8% for 550 nm, and 79.5%, 99.1%, 

81.2% for 750 nm, respectively. The drastic reversible modulation in the three typical 

wavelengths demonstrates ion intercalation as an effective tuning method in the visible 

range. Note that in all cases, the transmittance after deintercalation did not fully recover 

its original value, which should be mainly caused by irreversible reactions after Li-ion 

intercalation with residual functional groups on rGO.272  The doping effect simultaneously 

increased the conductivity of the sandwich film, which was manifested in a decrease of 

sheet resistance after intercalation. A typical change of sheet resistance from 3.0 kΩ/sq to 

2.1 kΩ/sq after Li-ion intercalation was observed.  Na-ion intercalation and 

deintercalation in the CNT/rGO/CNT network exhibits a similar transmittance 

modulation in the visible range, as shown in Figure 7.3d.  

Although the reversibility of the ion intercalation process is well known for rGO or 

graphite in battery electrodes,273 until now, a reversible intercalation/deintercalation of 

ions in pure rGO network thin films on substrate has not been demonstrated. The key 

difference between rGO in battery electrodes and in transparent conductive thin films is 
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that in battery electrodes, rGO is surrounded by functional additives such as carbon black 

and polymer binder (i.e. PVDF) while in the thin film, the rGO network is tightly 

attached to a transparent substrate (i.e. glass). Just like in any battery electrode materials, 

when ion intercalation/deintercalation occurs, rGO experiences a significant volume 

expansion/shrinking. In normal batteries, the polymer binder holds the position of 

adjacent rGO flakes during the intercalation/deintercalation process; while in planar 

batteries, the rGO network holds itself only through van der Waals forces without a 

binder. Therefore, during the volume expansion/shrinking process, the rGO network is 

prone to breakage, which leads to an irreversible ion intercalation process. During the ion 

deintercalation process, the rGO network breaks and peels off. This result demonstrate 

the need of CNTs in our design in order to preserve the structural integrity of the rGO 

network.  

 

Figure 7.4 (a) Schematic of in situ Raman with planar battery of CNT/rGO/CNT thin film 

with ion intercalation and deintercalation process. Raman spectrum of (b) pristine, 

lithiated, delithiated and (c) pristine, sodiated and desodiated CNT/rGO/CNT thin film. 
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To further confirm the reversible modulation of CNT/rGO/CNT film via ion 

intercalation, we conducted in situ Raman spectroscopy on the planar battery film. Figure 

7.4a illustrates the schematic of in situ Raman set up with the planar battery. The 

CNT/rGO/CNT film is connected to a Cu electrode on one side and to Li/Na metal and a 

Cu electrode on the other side. After the planar batteries are sealed, they are transferred 

and integrated with the electrochemical station and Raman spectrometer. The He-Ne laser 

(633 nm) shoots directly on the back side of the planar battery and focuses on the surface 

of the CNT/rGO/CNT thin film through the glass. Figure 7.4b shows the Raman 

spectrum of the hybrid film before and after intercalation, and after deintercalation of Li, 

respectively. As shown in figure 7.4b, the Raman spectrum of the sandwich film shows 

two typical peaks, which correspond to the D and G peaks of graphitic materials. After 

Li-ion intercalation, both peaks diminish and disappear after intercalation. This result is 

very similar to the Raman spectrum of Li intercalated graphite at the LiC6 stage.147 After 

full delithiation, both D and G peaks are recovered, demonstrating the reversible Li 

intercalation and deintercalation in the sandwich film. The small peaks in both 

intercalated states in figure 4b are probably result from the electrolyte. The sandwich film 

interacting with Na ions shows similar characteristic than in the Li ion case, 

demonstrating its successful reversible intercalation. 

 

7.4 Optical modulation of CNT/rGO/CNT in Infrared region via ion 

intercalation 
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Figure 7.5 (a) Schematic of IR transmission characterization with CNT/rGO/CNT film by 

IR camera. False color image of the CNT/rGO/CNT film before and after (b) Li ion 

intercalation and (c) Na ion intercalation. Transmission change of the CNT/rGO/CNT 

before and after (d) Li ion intercalation, inset a simplified schematic (e) Na ion 

intercalation, as a function of energy in the infrared range. 

 

We then used an IR camera to qualitatively demonstrate the modulation of the 

sandwich thin film via intercalation. The temperature distribution of the samples was 

characterized by a temperature controlled isothermal hot plate beneath the sample and 

then measuring the resulting temperature distribution with an FLIR Merlin MID IR 

camera, as shown in figure 7.5a. At a fixed hot plate temperature (55-60 °C), the surface 

temperature distribution of the thermalized samples was detected by the IR camera. The 

glass substrate is quite transparent in the IR range (the emitted radiation region), but the 

CNT/rGO/CNT film coatings on glass surface is not as transparent. As a result, the non 

IR transparent coating will block the radiation to the IR camera causing a temperature 

difference on the thermal map (figure 7.5b-c). The black region is the Cu electrodes 

overlaid on the rGO network, which indicate that the metal totally blocks the IR radiation. 
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The pink region marks the lower temperature display caused by the relatively low 

transparency of the rGO coating while the orange region is the glass substrate. Before ion 

intercalation, the color difference corresponds to the temperature difference caused by 

different IR transparencies on the surface. The average temperature difference between 

the film-coated area and the glass substrate is 0.5-0.6 oC. However, after Li-ion or Na-ion 

intercalation, the temperature difference between the film-coated area and the glass is 

only 0-0.1 oC, indicating that intercalation greatly improves the IR transparency of the 

sandwich nanocarbon film-coated area.  

We additionally measured the transmission spectra of the CNT/rGO/CNT film and 

the Li-ion intercalated film with a FTIR spectrometer Bomem DA3. In this case, the film 

was coated on a BaF2 substrate instead of glass since BaF2 has a much wider transparent 

window (0.2 um to 12 um in wavelength). Cu thin film electrode is evaporated on top of 

the sandwich thin film to assist Li-ion intercalation. Two spectrometer configurations 

were used. In the mid infrared, we used globar source, KBr beam splitter, and MCT 

detector. In the near infrared, we used a quartz lamp, quartz with TiO2 film beam splitter, 

and InSb detector. (Simple schematic in Figure 7.5d inset)  Special care was taken to 

minimize degradation of the intercalated graphene. The two spectra merge very well 

without scaling which is evidence of good reproducibility. As shown in Figure 7.5d and 

7.5e, the black and red line depicts the transmission spectrum of sandwich film before 

and after Li ion and Na ion intercalation, respectively. In both cases, it is obvious that 

after intercalation, a drastic increase in transmission has occurred in both near infrared 

region and mid infrared region.  
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7.5 DFT Calculation for broadband transmittance with intercalation 

 

 

Figure 7.6 (a) Top and side views of LiC6 structure; yellow and gray balls represent C 

and Li atoms, respectively. (b) Electronic structure of 6 layers of graphene using the 

optimized interlayer separation of 3.311 Å labelled as “Graphene (6)” and using an 

increased interlayer separation of 4.00 Å labelled as “Graphene** (6)”. Transmission of 

(b) 6 and (c) 20 layers of graphene and LiC6, and reflectance of (d) 6 layers and (e) 20 
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layers of graphene and LiC6. All the results are obtained from the electronic structure of 6 

layers, except “Graphene* (20)” which is obtained by using the electronic structure of 

bulk graphite. “Graphene** (20)” is obtained from the electronic structure of 6 layers of 

graphene with 4 Å of increased interlayer spacing instead of the LDA optimized value of 

3.311 Å. Blue arrow in (e) and (f) denote the intraband transitions and interband 

transitions of the intercalated graphene. 

 

The chemical nature of rGO is highly dependent on the synthetic routes although 

it is generally characterized by the presence of different and randomly spaced defects and 

chemical groups, which broaden Raman peaks and increase the resistance in the material. 

These effects make reliable electronic structure calculations challenging as the atomic 

structure of the material is not known. Therefore, in order to understand the excellent 

transmittance modulation of the sandwich film with ion intercalation, we started by 

calculating the reflection and transmission of a few-layers of pristine graphene (6 and 20 

layers) and LiC6 in between glass. Figure 7.6a shows the schematic top view and side 

view of LiC6 and Figure 7.6b shows the electronic structure of 6 layers of graphene. After 

Li ion intercalation, the 6 layered graphene shows an increased broadband transmission 

(Fig. 7.5c).   

We first discuss the broadband transmittance of the original graphitic film. In 

order to understand the effect of thickness in few-layers of graphene, we considered 20 

layers of graphene in addition to 6 layers. For 20 layers of graphene, transmission is 

calculated by using the electronic structure of 6 layers of graphene and bulk graphite 

(solid and dashed red lines labeled as “Graphene (20)” and “Graphene* (20)” in Fig. 
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7.6d). For energies larger than 1 eV both results are identical, however below 1 eV, 

results begin to differ and at 0.3 eV the transmission obtained from the electronic 

structure of 6 layers of graphene is about 10% lower than the transmission obtained by 

using the electronic structure of bulk graphite. This is due to a slightly larger absorption 

( ) of 6 layers of graphene with respect to bulk graphite below 1 eV, caused by a broken 

degeneracy of the energy bands around the Fermi level. However, in contrast to the 

results of our calculations, the experimentally observed transmission of rGO increases 

towards 0.3 eV.  

Importantly, the interlayer distance in rGO is larger than in graphite which affects 

transmission in the IR region through a weaker interlayer coupling. This can be observed 

through the marked difference in transmission below 1 eV of 20 layers of graphene 

obtained from the electronic structure of: i) 6 layers of graphene, ii) AB-stacked bulk 

graphite, and iii) 6 layers of graphene with an artificially increased interlayer spacing of 

0.4 nm (Figure 7.5b and 7.5d). As seen in Figure 6d, in the latter case, transmission 

increases towards 0.3 eV in agreement with the experimental observation in rGO. The 

difference in transmission between the results for 20 layers of graphene with different 

interlayer spacing is large (about 30%). Therefore, an increase in the interlayer separation 

and decoupling of the layers can result in significant gain in the IR region transparency in 

few-layers of graphene due to a reduction in interband transitions with increased 

degeneracy of the bands around the Fermi level as shown in Figure 6b. Since, rGO is 

known to have a larger interlayer spacing than graphite and the experimental material 

consist of network of rGO layers, the layers are expected to be decoupled and the 

experimental result of increased transmission towards 0.3 eV is comparable to expanded 
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few-layers of graphene. Furthermore, sensitivity of the optical transitions to interlayer 

spacing and also possibly to stacking of the layers in the IR region of the spectrum is an 

interesting aspect, considering the recent efforts to find a reliable experimental method 

for the determination of the complex refractive index of few-layers of graphene where 

wavelengths in the visible region have been used.  

We then discuss the transmittance modulation of rGO film with ion intercalation. 

Upon intercalation, transmission increases by about 20−30% for 20 layers from the 

infrared to the ultraviolet regions of the spectrum. In the infrared region of 0.3−1.6 eV, 

the description of plasmons becomes important in order to study reflection and 

transmission. The system with 20 layers of LiC6 shows decreasing transmission (solid 

blue line in Fig. 7.6d) for energies below 2 eV due to a screened plasmon resonance in 

good agreement with recent experimental results within the visible range. This behavior 

shifts to lower energies (below 1 eV) for 6 layers. Calculations show that the increased 

transparency for few-layers is assisted by interference due to internal reflection. This 

effect, which is highly dependent on plasmon energy, quickly disappears as the number 

of layers increases.  

However, in Figure 7.5, in Li intercalated rGO we do not observe this decrease in 

transmission within the visible or infrared regions, although the thickness of the 

experimental rGO film is larger than few-layer graphene. Therefore, there is clearly a 

significant difference between rGO and graphite in terms of plasmon energy which 

affects reflectance and transmittance enormously. For example, a decrease in the plasmon 

energy of about 1.4 eV results in an increased transmission for both 6 and 20 layers, and 

similar to experimental result, a flat transmission in the IR region is obtained at 1 eV of 
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plasmon energy for 20 layers (dashed blue lines Fig. 7.6d and 7.6e).  These results seem 

to indicate that plasmon energies are lowered in intercalated rGO flakes with respect to 

few-layers of graphene thus reducing the reflectance significantly (7.6d and 7.6e) and 

therefore exhibiting improved transparency in the infrared region. A larger effective mass 

and/or smaller conduction electron density in intercalated rGO compared to graphite can 

result in lower plasmon energy. Intercalated large scale rGO network presents a 

significantly higher sheet resistance (2.1 k/sq) than intercalated few layer graphene 

(about 3 /sq). This difference can be caused by increased resistivity due to the intrinsic 

lower conductivity of rGO to graphene or the connections between rGO flakes in the 

large network of flakes. The observed almost constant transmission of Li intercalated 

rGO in the IR region can be understood with a relatively small amount of reduction in 

plasmon energy as well as a decoupling of the graphene layers due to increased interlayer 

separation. For example, the transmission of Na intercalated rGO increases towards 0.3 

eV instead of being constant, this can be understood with a further reduction in plasmon 

energy due lower Na concentration compared to Li in rGO.  We note that the effect of 

CNT layers on reflectance and transmittance is ignored in our discussion. However, the 

CNT layers are transparent both in the infrared and visible region.274 

DFT calculation methods are illustrated as follows. Density-functional theory 

calculations within the local density approximation (LDA) are carried out using the 

Quantum-Espresso software employing a plane-wave basis set with periodic boundary 

conditions.51 Norm-conserving pseudopotentials are used to replace core electrons of C 

and Li atoms. Kinetic energy cut-off of the wavefunctions is 140 Ry. The Monkhorst-

Pack grid of k-points is used. Structure optimization is carried out with a k-point grid of 
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14×14×1 for 6 layers of graphene and 8×8×1 for LiC6. Marzari-Vanderbilt smearing with 

smearing width of 0.02 Ry is used for Li intercalated metallic systems. Convergence 

threshold of stress and interatomic forces for structure optimizations are 0.5 kbar and 10−3 

Ry/Bohr. Separation along the vacuum direction for 6 layers of graphene and LiC6 are 

12.4 Å and 13.1 Å, respectively. For the density-of-states calculations, 64×64×1 and 

40×40×1 k-point grids are used for 6 layers of graphene and Li intercalated structures, 

respectively. LiC6 gallery structure in 6 layers of graphene has the stoichiometry Li0.83C6, 

due to the absence of Li atoms on the surfaces with an AA stacking of layers both C and 

Li atoms (Figure 7.6a). The Yambo code256 is used to obtain optical interband transitions 

within the random-phase approximation (RPA) and intraband transitions in the metallic 

system (intercalated) are taken into account through the Drude model with damping 

energy of 0.3 eV.152 Exchange-correlation contributions to the full polarizability are 

neglected in the RPA and the problem is reduced to finding independent-particle 

polarizabilities. The dielectric function obtained with the Drude model for intraband 

transitions in a metal can be expressed as  

 

where w is the frequency,  is the scattering rate (damping), N is the number of 

conduction electrons, m is the free electron mass, and V is the volume. The independent-

particle polarization is used to obtain the RPA dielectric function for the interband 

transitions, 
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where  ,   is the occupation number, and  is 

the Kohn-Sham eigenvalue. In the vanishing momentum limit the macroscopic dielectric 

function is defined as . The macroscopic dielectric function 

of in-plane polarization obtained for the supercell containing 6 layers of graphene (bare 

and intercalated) including a large vacuum space is scaled to a volume with a 

perpendicular distance corresponding to the distance between the 6 layers plus 3.311/2 Å 

for each external surface. This distance is half the LDA interlayer distance between 

sheets and it is expected that the charge density as well as the dielectric response should 

be low beyond this distance towards vacuum. The calculated unscreened plasmon energy 

is 4.8 eV for 6 layers of LiC6 suspended in vacuum which is lower than the bulk value 

since there is a contribution to conduction electron density due to out-of-plane periodicity 

in the bulk system. For example, the reflectance of 16 layers of KC8 is found to be in 

better agreement with experimental results when a plasmon energy reduced by about 15% 

from the bulk value is used for the Drude model calculation.275 Reflectance and 

transmission are calculated by including internal reflections and phase changes, similar to 

the recent works on optical reflection of bare and potassium intercalated few-layers of 

graphene.154 The equations for reflection coefficient (r) and transmission coefficient (t) 

are defined as 
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where ,   ,  and  is the phase difference due to the optical path 

length also involves attenuation coefficient. Reflectance results for graphite and 35 layers 

of bare graphene in vacuum (using the dielectric function of bulk graphite) can be 

compared in the infrared as well as the visible region of the spectrum to the experimental 

results reported in the literatures. Here, we considered the systems are contained in 

between glass with refractive index of 1.5 instead of vacuum. With these approximations 

we find that the reflectance is reduced and therefore, the transmission is increased with 

respect to the system being in vacuum and in better agreement with a recent experimental 

study on transparency of Li intercalated few-layers of graphene. 

 
7.6 conclusion 

 

In conclusion, we designed and fabricated CNT/rGO/CNT sandwich thin film, not only 

demonstrated its broadband response in optical transmission, but also achieved reversible 

optical modulation via ion intercalation/deintercalation. The experimental results in 

intercalated reduced graphene oxide show an increase in transmission in the infrared as 

well as in the visible region in contrast to calculated results for intercalated few-layers of 

graphene. This disagreement can be understood by considering a reduced plasmon energy 

and also an increased interlayer spacing in rGO in addition to possible empty spaces in 

the large network of rGO flakes. Assisted by interference of light, the plasmon energy 

down shift quenches the reflectance in the infrared region in rGO in contrast to what 

would occur in few-layers of graphene. We additionally show that the sandwich thin film 

is also highly scalable with flexible PET substrate via an all solution based process. The 

demonstration of the scalable, printable, broadband responsive, carbon based sandwich 
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film is significant in optoelectronic and electrochromic47 devices for consumer 

electronics, communication and military uses.   
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Chapter 8: Li intercalation in MoS2 with planar batteries—resistance change 

matters in battery electrodes 

 

Jiayu Wan, Wenzhong Bao, Yang Liu, Jiaqi Dai, Fei Shen, Lihui Zhou, Xinghan Cai, 

Daniel Urban, Yuanyuan Li, Katherine Jungjohann, Michael S. Fuhrer, Liangbing 

Hu,Adv. Energy Mater. 2015, 5, 1401742 

 

8.1 Introduction 
 

 
MoS2 is an earth-abundant mineral material that has been widely studied for its 

many applications such as lubrication, hydrodesulfurization catalysis, and as an electrical 

energy storage electrode.122, 276, 277 Recently, two dimensional (2D) MoS2 crystals have 

attracted tremendous research interest for their unique properties in photonics, 

optoelectronics, electrics and energy applications. 4, 5, 11, 12, 15, 69, 278-280 Liquid phase 

exfoliation of layered materials can provide an excellent approach for mass production of 

2D materials, 23, 43, 281 enabling applications which require a large quantity of materials, 

particularly electrical energy storage. Indeed the large van der Waals gap of MoS2 

enables excellent electrochemical performance, and MoS2-based Li-ion, Na-ion, and Mg-

ion batteries are being explored for electric vehicles and grid-scale storage. 121, 134, 200, 282-

288   

Battery electrode materials are complex composites with structure at several 

length scales, being composed of active materials (e.g. MoS2), conductive additives (e.g. 

carbon black), and binders (e.g. polyvinylidene difluoride). Conventional electrochemical 

characterization techniques, such as cyclic voltammetry (CV), galvanostatic intermittent 

titration technique (GITT), electrochemical impedance spectroscopy (EIS), etc. reveal the 
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performance of the bulk composite electrode, but cannot probe the intrinsic properties of 

the active material itself during ion insertion. Recent in situ TEM studies of 

nanostructured electrodes have partially overcome this, successfully observing the 

structural changes during the charge/discharge process, 223, 289, 290 leading to a better 

understanding of mechanical properties and kinetics, and thus a better electrode design. 

Still, information about the electronic structure of the active material, and its intrinsic 

electronic transport properties, which are at least equally important in making better 

batteries, is still lacking.    

We have designed a planar microbattery that allows in situ electrical transport 

measurement during electrochemical charge and discharge in micron-sized individual 

crystallites of 2D layered nanosheets, as well as optical studies (transmittance, Raman 

spectroscopy), which can give information about the electronic structure of the active 

material. To demonstrate the utility of our microbattery platform, we study the lithiation 

of MoS2 crystallites. We observe that the electrical conductivity of the 2D MoS2 

crystallites is highly dependent on thickness and the rate of lithiation in the first cycle. 

We use in situ TEM to confirm that upon rapid first-cycle lithiation the formation of a 

Mo conductive network imbedded in the Li2S matrix leads to an enhanced electrical 

conductivity compared to the pristine MoS2. We applied the results in Li-MoS2 coin cells 

with composite electrodes, demonstrating that batteries with fast lithiation on the first 

cycle showed significantly higher specific capacity than batteries lithiated slowly. The 

microbattery platform can be generally applied to other energy storage materials and a 

wide range of characterization techniques, and is thus a powerful tool to uncover the 

properties of nanoscale materials undergoing electrochemical modification. As in the 
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example demonstrated here, we expect this platform will lead to new insights into the 

operation of battery materials at the nanoscale, leading to new strategies in improving the 

cell performance.  

 

8.2 Electrical measurement of MoS2 upon lithiation by planar nano battery  
 

 
A schematic crystal structure of 2H-MoS2 is illustrated in Figure 8.1a, with the 

lattice parameters a  3.16 Å and c 12.29 Å. Our microbattery platform developed for 

the in situ measurement of the optical transmittance and electronic transport of 2D 

nanomaterials is illustrated in Figure 8.1b. A MoS2 crystal and lithium metal are 

deposited on top of the Cu transport electrodes and current collector respectively. The 

MoS2 flake can be charged/discharged by connecting transport electrodes and current 

collector to an electrochemical workstation. Coupling the microbattery with a 

transmission optical microscope/probe station, we can then carry out in situ optical 

transmittance and electronic transport measurements on the same MoS2 crystal. Optical 

images of uniform-thickness mechanically exfoliated MoS2 crystals are shown in Figure 

8.1c and d, with dimensions as large as 100 µm  100 µm. We used atomic force 

microscopy (AFM) to determine the morphology and thickness of exfoliated MoS2, in 

Figure 8.1e and f. A photograph of the complete microbattery device is shown in Figure 

8.1g. The region of the transport electrodes is expanded in Figure 8.1h, showing a large 

uniform area of MoS2 crystal spanning the electrodes. 
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Figure 8.1 Li-MoS2 microbattery. (a) Lattice structure of 2H-MoS2. (b) Schematic of 

MoS2-Li microbattery. (c), (d) Optical images of large area uniform MoS2 crystals on 

glass substrates at 550 nm wavelength under transmission mode; both scale bars are 50 

µm. (e) AFM image of MoS2 crystal in (c). (f) Line trace of AFM image along dashed 

line in (e). (g) Photograph of microbattery. (h) Micrograph of electrode area with MoS2. 

  

To understand the intrinsic resistance change during lithiation, an in situ electrical 

transport measurement was carried out using our microbattery setup. Figure 7.2a shows 

the simultaneously measured resistance and electrochemical potential at a small constant 

lithiation current at 0.5 uA for a single MoS2 crystal of thickness 35 nm. Figure 7.2a inset 

illustrates the experimental setup; the MoS2 crystal in the microbattery was lithiated at a 

constant current, while the electrochemical potential and 4-probe electrical resistance of 

the crystal were monitored. During the first cycle of lithiation, three reactions occur:  

xLi + 2H-MoS2 → 2H-LixMoS2 (0 ≤ x ≤ 0.1)   (8.1) 
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yLi + 2H-Lix MoS2 → 1T-Lix+yMoS2 (0.1 ≤ x + y ≤ 1)   (8.2) 

3Li + 1T-LiMoS2 → Li2S + Mo                                           (8.3) 

We identify these three reactions with the regions marked I, II, and III respectively in 

Figure 8.2a. In region I, we observe a rapid decrease of the electrochemical potential, and 

a rapid decrease and rise of the resistance. We interpret this as the region where 

reversible Li intercalation of the Van de Waals gaps of 2H-MoS2 occurs with little lattice 

distortion [Eqn. (1); 0 < x < 0.1] 276. With increasing concentration of Li, a reversible 

phase change occurs from 2H-LixMoS2 to 1T-LixMoS2 corresponding to Eqn. (8.2), and 

is marked by a clear plateau of ~1.1 V. The resistance in region II is always lower than 

the initial resistance, consistent with the formation of the metallic 1T-Lix+yMoS2 phase. 

The completion of Eqn. 8.2 at 1T-LiMoS2 marks the end of region 2. Region III shows 

another clear plateau in at ~ 0.6 V, corresponding to Eqn. (8.3), the conversion reaction 

from 1T-LiMoS2 to Li2S and Mo metal. The resistance jumps abruptly at the onset of 

region III, consistent with the formation of the insulating matrix, and stays always higher 

than the initial resistance of the pristine MoS2. 

Importantly, qualitatively different behavior of the resistance is observed in the 

same setup upon rapid discharging, accomplished by shorting the Li electrode to the 

MoS2 electrode to promote rapid insertion of Li into MoS2. A large overpotential between 

the two electrodes enables a rapid formation of Mo and Li2S.  Figure 8.2b shows the time 

profile of the resistance for a shorted MoS2 crystal (thickness 46 nm); a schematic of the 

measurement setup is shown in Figure 8.2b inset. In contrast to slow discharging (Figure 

8.2a), here a drastic decrease in the resistance within a few minutes was observed of over 

3 orders of magnitude, from 5 105 to 190 ohms. After shorting for 24 hours the 
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resistance stayed the same, which suggested the low resistance is associated with the 

MoS2 reaction products and not due to Li plating (also no Li plating was observed 

optically). After the microbattery was disconnected for 36 hours, the resistance increased 

only a little to 210 ohms, which indicated the high stability of the final product. The 

process was repeated for many MoS2 crystals of different thicknesses with results shown 

in Figure 8.2c. Strikingly, we observe a thickness dependent relationship on the final 

resistance of the Li-inserted MoS2. For pristine MoS2 crystals of thickness greater than 30 

nm, a drastic resistance drop occurred after lithiation. However, with thinner crystals, an 

increase in the resistance was observed, of magnitude similar to that observed for slow 

lithiation (Figure 8.2a).  

Since we expect that in all cases the final product of lithiated MoS2 is Mo 

nanoparticles and Li2S, 291 the complexity of resistance change suggests that the 

morphology and connectivity of the nanostructured Mo may change with different 

lithiation rates. We hypothesize that slowly lithiated MoS2 forms isolated Mo 

nanoparticles which do not enhance the conductivity, thus the resistance is dominated by 

the insulating Li2S (Figure 8.2d) while upon rapid lithiation of thick MoS2, Mo 

nanoparticles form a percolating metallic network, enhancing the conductivity (Figure 

8.2e). Thinner MoS2 always shows more resistive behavior, and we suppose this is due to 

the difficulty of forming a percolating network in a thin sample (Figure 8.2f).  
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Figure 8.2 Electronic transport measurement. (a) Resistance vs. time of MoS2 flake 

undergoing electrochemical lithiation at constant current. Insets show a schematic of the 

microbattery setup for in situ resistance measurement (upper right), and optical images of 

lithiated MoS2 at stages I, II, and III, from left to right.   (b) Resistance vs. time for a 

MoS2 crystal after electrically shorting the microbattery. Insets show a schematic of the 

microbattery for in situ resistance measurement during shorting, and a log-log plot of the 

resistance vs. time. (c) Resistance vs. thickness phase diagram of shorted MoS2 crystals; 

red circles show resistance of pristine MoS2, black diamonds show resistance after 

shorting of microbattery. (d) Schematic showing discontinuous Mo particles imbedded in 

Li2S matrix resulting from slow lithiation in thick MoS2. (e) Schematic showing 

percolative Mo nanoparticle network imbedded in Li2S matrix resulting from fast 

lithiation in thick MoS2. (f) Schematic of discontinuous Mo particle network imbedded in 

Li2S matrix resulting from fast lithiation in thin MoS2 crystallite. 

 

8.3 In situ TEM characterization of MoS2 upon Lithiation 
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In order to confirm our hypothesis that charging rate-dependent Mo nanostructure 

determines the conductivity of MoS2 after lithiation, we used transmission electron 

microscopy (TEM) with in situ electrochemistry to determine the structure of the final 

product. Figure 8.3a illustrates the principle of the in situ electrochemical TEM setup. 

MoS2 flakes obtained from liquid exfoliation [14] were attached to an Au rod, serving as 

the working electrode. Li metal was attached to a W rod, serving as the counter and 

reference electrodes. A thin layer of native oxide Li2O was formed during the transfer 

process and acted as the solid-state electrolyte for Li ion transport. The Li/Li2O electrode 

was controlled by nano-manipulator inside the TEM, and made contact with the selected 

MoS2 nanoflake (also see Supplimental Figure 1). Fig 8.3b shows a bright-field TEM 

image of a pristine MoS2 crystallite attached to the Au electrode. Fig 8.3c shows the 

diffraction pattern of the MoS2. The diffraction spots marked in red circles show a 6-fold 

symmetry and correspond to the 2H crystal structure of MoS2. Additional diffraction 

spots correspond to additional MoS2 crystals with different rotational orientations. Figure 

8.3d shows a high-resolution TEM (HRTEM) image of pristine MoS2, clearly showing in 

which the periodic triangular lattice of Mo atoms is resolved. The Mo-Mo distance is 

0.27 nm as expected for 2H-MoS2.  

In the in situ electrochemical TEM experiment, the lithiation process is controlled 

by the voltage difference between the two electrodes. When a large voltage difference of 

-2 V was applied on the MoS2 electrode against the Li counter electrode, the lithiation 

process started. After full lithiation, a large volume expansion resulted in a curving flake 

compared to the pristine MoS2, shown in Figure 8.3e. The corresponding diffraction 

pattern (Figure 8.3f) indicates the formation of polycrystalline Li2S and a very fine Mo 
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metal nanostructure in the final product. From the HRTEM image of the final product as 

shown in Figure 8.3g, the dark contrast corresponds to Mo nanoparticles with diameter 

about 1 nm, which can be seen to form a continuous network that we believe provides the 

electron transport pathway within the insulating Li2S matrix. This observation confirms 

our explanation of the reduction in the resistance of the fully lithiated MoS2 flakes after 

shorting. The formation of Mo nanoparticles can be explained by the non-equilibrium 

process with a large over-potential, where the nucleation of Mo nanoparticles occurs 

rapidly, with limited time for growth and ion diffusion. This may also partially be the 

result of the low diffusivity of Mo atoms, similar to Fe in the case of FeF2 lithiation 

recently reported 292. The formation of conductive paths by metal nanoparticles after 

lithiation has also been reported in RuO2,293 FeF2 292and NiO294. 
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Figure 8.3 In situ TEM of MoS2 lithiation. (a) Schematic illustration of in situ TEM 

microbattery setup. (b) Pristine MoS2 nanoflake attached on Au substrate. (c) Electron 

diffraction pattern of pristine MoS2, the spots circled by red correspond to the 2H crystal 

structure of MoS2. (d) HRTEM of the MoS2 flake showing lattice constant of 0.27 nm. (e) 

TEM of final product after full lithiation. (f) Electron diffraction pattern of final product. 

Rings in the diffraction pattern correspond to randomly oriented crystallites; the 

corresponding crystal indices for Mo and Li2S are indicated in the legend. (g) HRTEM 

image of the final product.   
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  Figure 8.4a shows an image of a MoS2/Li2O/Li (positive electrode/electrolyte 

/negative electrode) nano battery in TEM. After appling a potential difference between 

the two electrodes, a lithiated product of Li2S and Mo flake is shown in Supplementary 

Figure 8.4b. 

 

 
 

Figure 8.4 Transmission electron micrographs of MoS2 and LixO/Li electrode (a) before 

and  (b) after lithiation of MoS2. 

 

8.4 In situ optical characterization of MoS2 upon lithiation 
 

An in situ optical transmittance measurement was also made during lithiation of 

MoS2 using with the microbattery setup, as illustrated in Figure 8.5a. Figure 8.5b-d show 

the optical images of a MoS2 crystal under 450 nm wavelength at potentials of 2.8 V, 0.9 

V, and 0.05 V (vs. Li+/Li). With increasing lithiation, these three typical images clearly 

show an increase in the transmittance of the crystal. This is further depicted in Figure 

8.5e where the optical transmittances of a crystal (blue dots, 7.9 nm) were monitored as a 

function of time simultaneous to the electrochemical potential (black line) as lithiation 

proceeded with a constant current. Again we denote the three different regions in 
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electrochemical potential as I, II, III. Here we see that each region corresponds well to a 

plateau in optical transmission, as can be seen in Figure 8.5e. In region I, a slightly 

increase of transmittance is observed as Li intercalated into MoS2 (before 2500 s). From 

region I to region II, a sudden increase of transmittance occurred, corresponding to a 

phase transition from 2H to 1T upon Li insertion. At the end of the second plateau 

(~12500 s), we observe a graduate increase of transmittance from 65% to 80%, indicate a 

conversion reaction from 1T-LiMoS2 to Li2S plus Mo. The delay of the transmittance 

change relative to the voltage profile from region II to region III is due to kinetic 

limitation, resulting from the high resistance of this thin (7.9 nm) 1T-LiMoS2/Li2S+Mo 

flake. 

Figure 8.5f shows the wavelength dependent transmittance of each stage. Stage I 

shows a typical wavelength dependence for pristine MoS2 crystals.295, 296 Stage II shows 

increased transmittance at shorter wavelengths (less than 700 nm), and decreased 

transmittance at longer wavelengths, compared to the pristine MoS2. The final product, 

after region III, corresponding to Li2S and Mo metal, shows higher transmittance than 

MoS2 at all measured wavelength (400 nm – 800 nm). We investigated a wide thickness 

range of MoS2 crystals, all showed an increase of transmittance after lithiation. While 

more work is needed to understand the details of the transmittance spectra, the changes in 

optical properties during electrochemical lithiation are qualitatively as expected for the 

structure changes as discussed above. While MoS2 has a bandgap in the visible range 

with limited transmittance, reaction product Li2S is insulating and expected to be fairly 

transparent. The percolative Mo network is also fairly transparent due to the small 

thickness.   
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Figure 8.5 In situ optical transmittance measurement. (a) Schematic of in situ optical 

transmittance measurement of MoS2 lithiation. (b-d) Optical images of a MoS2 flake at 

2.8 V, 0.9 V and 0.05 V. (e) Transmittance of MoS2 flake vs. Li insertion voltage. (f) 

transmittance vs. wavelength for lithiated MoS2 at three different stages. (g) Thickness 

dependence of transmittance of MoS2 flakes before and after lithiation. 

 

8.5 Scalable application of MoS2 electrode mateials in Li ion batteries 
 

 

Our microbattery measurement scheme can provide crucial information for the 

development of macroscopic batteries. In the case discussed here, the formation of a 

conducting Mo nanoparticle network has significant implications for sulfur-based 

batteries. After the first lithiation cycle, our system corresponds to a Li-S battery with Mo 

nanoparticles,122 and we expect that the formation of the percolated conductive network 

can improve the storage and cycling performance by increasing the electrical connectivity 
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of the insulating Li2S. In order to verify the contribution of the Mo nanoparticle 

percolative network on the electrochemical performance of Li-MoS2 batteries, we 

constructed coin cells using MoS2/nanocellulose fiber (NFC)/Carbon Nanotube (CNT) 

(w:w:w = 8:2:2) composite free standing film and lithium metal as electrode materials. 

Here, NFC serves as a binder, and CNT as a mechanical scaffold and conductive additive 

in the thin film electrode. After cell assembly, two groups of cells were cycled by 

electrochemical workstation at constant and identical current rate. In the experimental 

group, before constant current cycling, we performed a first rapid lithiation by shorting 

the cells, which we expect to form a conductive Mo network. The control group was 

cycled as regular batteries at constant current, with no rapid lithiation in the first cycle. 

The cycling performance of two typical coin cells from each group is shown in Figure 

8.6a. Both coin cells show a steady cycling performance for 100 cycles. However the 

experimental group shows a higher specific capacity than the control group at same 

current densities. The first 30 cycles of the two cells were cycled at 50 mA/g, where the 

next 70 cycles at 250 mAh/g. The experimental group (charged rapidly in the first cycle) 

shows a higher capacity (900 mAh/g) than control battery (800 mAh/g) at low rate, with 

the difference becoming much larger at high charging rate (500 mAh/g compared to 150 

mAh/g). Figure 8.6b shows typical voltage profiles of two cells at 250 mAh/g. The 

plateaus at ~2.2V (delithiation) and ~2.0V (lithiation), characterize the MoS2 coin cells 

after 1st cycle. Again, the experimental group not only shows a much larger capacity, but 

also a smaller voltage drop after 30 s of rest. Figure 8.6c shows the specific capacity of 

an experimental group coin cell charged/discharged at different current densities. A high 

specific capacity of 1100 mAh/g is demonstrated at a low current density (50 mA/g) with 
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the composite electrode. At high current density (500 mA/g), a high specific capacity of 

about 400 mAh/g is still maintained, demonstrate a great promise of MoS2 as a cathode 

material for Li ion batteries. All these results are consistent with a lower internal 

electrical resistance which provides higher capacity at high power, supporting our 

hypothesis that the Mo conductive network formed by the first rapid charge provides an 

electron pathway inside each nanoscale Li2S/Mo flake. The results demonstrate the power 

of in situ techniques for understanding the structural and electronic changes in electrode 

materials undergoing electrochemical reactions, and the use of that understanding to 

improve battery performance. We expect that the in situ techniques here will be applied 

to study a range of phenomena in other conversion electrode materials, with the outcomes 

used to improve the corresponding battery technologies.  
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Figure 8.6 Performance of the composite electrodes in coin cells. (a) Cycling 

performance (at 50 mA/g for 30 cycles and 250 mA/g for 70 cycles) of MoS2/NFC/CNT 

Li ion batteries at different initial lithiation conditions. Inset is a coin cell. (b) Voltage 

profile of two types of coin cells at 15th cycle. (c). Initial rapid charged coin cells cycle at 

different charge/discharge current density.  

 

8.5 Summary 
 

In summary, we have applied in situ microbattery techniques to observe the 

changes in electrical resistance, optical transmission, and nanoscale structure of MoS2 

upon electrochemical lithium insertion. We observe the formation of an interconnected 

Mo nanoparticle network after rapid lithiation of thick MoS2 crystals, which achieves a 
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simultaneous increase of optical transmittance and electrical conductivity compared to 

pristine MoS2. Our in situ investigation of lithiation at the scale of single MoS2 crystals 

guided the design of higher performing Li-MoS2 coin cell batteries, where we 

demonstrated a threefold increase in capacity after rapid lithiation on the first cycle 

compared to cells which underwent a conventional constant-current discharge. We are the 

first to propose and confirm the battery performance improvement by such a new 

charging strategy in the first cycle, which is possible based on the fundamental studies at 

the nanoscale.   
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Chapter 9: Li intercalation in 2D Si Nanowall array fabricated with 

nanoimprint lithiography 

 

Jiayu Wan, Alex F. Kaplan, Jia Zheng, Xiaogang Han, Yuchen Chen, Nicholas J. 

Weadock, Nicholas Faenza, Steven Lacey, Teng Li, Jay Guo, and Liangbing Hu, J. Mater. 

Chem. A, 2014,2, 6051-6057 

 
9.1 Introduction 
 

 
Lithium (Li) ion batteries are one of the most important electrochemical energy 

storage devices and are widely used in portable electronics. For future Li ion battery 

powered electronic vehicles, however, electrode materials with higher energy/power 

density and longer cycle life are needed. 297-302 Silicon (Si), as a Li ion battery anode 

material, has a theoretical specific capacity of 4200 mAh/g, 10 times higher than the 

conventional graphite anodes used in commercial batteries. Additionally, Si is an earth 

abundant and environmentally friendly material with a mature manufacturing process in 

solar cells and semiconductors industrial that could enable mass production for batteries. 

Enthusiasm aside, there are significant challenges to use Si as an anode for Li ion 

batteries. 101 A large volume expansion (up to 400%) and contraction during lithiation and 

delithiation could result in pulverization of the Si anode. The cracked Si loses contact 

with the current collector, reducing the accessible capacity over time. The significant 

volume change also affects the stability of the solid electrolyte interface (SEI). Recently 

successful demonstration of using Si nanowires as anodes in Li ion batteries to mitigate 

pulverization and enhance the cycle life101 has led to a surge of interests in developing 
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high performance Si nanostructures and Si nanocomposite anodes for Li ion batteries, 

including Si-C nanocomposites, 303-307 Si nanotubes, 308, 309 interconnected nanonets 310 

and three dimensional (3-D) Si nanoparticles 17 et al. have been reported. In order to 

understand the mechanism of Si as an anode material, fundamental studies on its 

electrochemical, 311  nanomechanics, 312-314 and transport properties313  have been 

reported. A problem of a low first Coulombic Efficiency (CE), however, still exists in the 

reported nanostructures.  

The highly irreversible capacity of the first cycle in any nanostructured electrodes is 

largely attributed to side reactions and SEI formation, which are directly correlated with 

the high surface area of nanostructures.315 This is a fundamental challenge of using 

nanostructures for electrochemical storage applications. On one side, nanostructured 

materials such as nanowires and nanoparticles can readily release the mechanical strain 

during charging, which reduce the potential for pulverization during the first cycle. On 

the other side, the large surface area of these nanostructures results in a greater amount of 

side reactions, which occur at the anode-electrolyte interface. The formation of the SEI 

layer consumes Li ions, contributing to an irreversible consumption of Li. The reduction 

of surface oxide layers on Si, which forms when exposing Si anode in air during sample 

preparation, also leads to irreversible consumption of Li.  Thus, the large surface area of 

existing nanostructures plays a major role in the low first CE of those nanostructured Si 

anodes.  

We propose a two-dimensional (2-D) nanowalls structure that can effectively address 

the issues associated with lower dimensional Si nanostructures. Such 2-D nanostructures 

are fundamentally better for Li-ion batteries, which has not been explored before. A 
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schematic image of the nanowalls is shown in Figure 8.1h. Each nanowall possesses sub-

micron scale length and height, and can be as thin as 50 nanometers. The nanowalls 

structure maintains the advantages of other one dimensional (1-D) nanostructures: 

accommodates large volume expansion without pulverization, obtains direct electrical 

contact with current collector for fast electron transport, and maintains short Li insertion 

distance. Most importantly, the nanowalls structure has approximately 50% less specific 

surface area than nanowires of similar height and width. Thus, the first CE is expected to 

be higher for 2-D nanowalls structure than for 1-D nanostructured anodes in Li-ion 

batteries. Recently, there are a few reports 316-318 discussed 2-D electrodes including 

“nanowall” for Li ion batteries, which also provide alternative methods 319 for nanowall 

fabrication. However, the reported nanowalls show an inter-connected structure that is 

easy to pulverize during volume cycling, thus perform a low first CE.   

Here, for the first time we designed a periodic, amorphous Si (a-Si) nanowalls 

structure via nanoimprint lithography (NIL) 320 and investigated its electrochemical and 

mechanical properties as anodes in Li ion batteries. We demonstrate a high CE for the 

first cycle due to the low specific surface area of the nanowalls electrode. Cycling results 

show that our Si nanowalls anodes created by NIL achieve a high first CE (83.4%), high 

stability (40 cycles) and a good rate performance (1000 mAh/g at 2C rate). The 

electrochemical properties, including first CE, can be further improved by optimizing the 

Si nanowalls anode including its dimensions, surface impurity and large area uniformity. 

Si nanowalls are expected to have excellent mechanical flexibility and suitable for 

flexible energy storages for portable electronics, flexible displays, etc.321-323 Similar 

concepts can be applied to other devices 318, 324, 325 such solar cells, where nanostructures 
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are needed for light-trapping and low-surface area is required to avoid surface 

recombination. 

 

9.2 Fabrication and Characterization of Si nanowalls for LIBs 
 

NIL can be used to generate high-resolution feature sizes on a scale of tens of 

nanometers over large areas. Recently, structures have been fabricated for applications in 

fields such as photonics,326, 327 transparent metal electrodes,328 solar cells,329 and 

sensors,330 to name a few. To fabricate the nanowalls structure, a typical thermal imprint 

process begins by placing a pre-patterned mold directly in contact with a resist-coated 

substrate. High temperature and pressure are then applied to reflow the resist into the 

mold, creating a mirror image of the pre-patterned features in the resist. Using these 

features to create a mask, we can then transfer nano-scale patterns into Si and create high 

aspect-ratio Si nanostructures with depths in the micron range. This is done with deep 

reactive ion etching (DRIE), specifically utilizing a cycled "Bosch" process, which has 

been used in the past to create nanostructures with aspect ratios greater than 50:1.331 The 

NIL process is illustrated in Figure 9.1. 

As shown in Figure 9.1 each Si nanowall is 900 nm high, 600 nm long and 50 nm 

thick. Perpendicular to the wall surface, the structure has a 220nm period, with a space of 

170 nm between each wall. Lengthwise, the periodicity is 700 nm with 100 nm spacing 

between walls. A discontinuous nanowalls pattern rather than a continuous grating is 

proposed here to allow each nanowall to "breathe", relaxing the stress resulting from 

lithiation/delithiation induced volume expansion/contraction.  
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 Figure 9.1 Outline of NIL process for Si nanowalls anode on an SS substrate (the SS 

substrate is not shown in this figure) 

 

We characterized the morphology and composition of the prepared Si nanowalls 

structure with a scanning electron microscope (SEM) equipped with a Bruker EDS 

detector. The highly uniform size and lateral distribution of the Si nanowalls array is 

shown in Figure 9.2a. In Figure 9.2b (top view), the length and thickness of the 

nanowalls are measured to be about 600 nm and 50 nm, respectively. The space in 

between the nanowalls is designed to accommodate volume expansion during 

charge/discharge. Figure 9.2c show the EDS mapping image of the Si nanowalls. From 

Figure 9.2b and 9.2c we observed some edge roughness associate with nanowalls. This 

edge roughness is generated during fabrication due to the roughness of the shadow 
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evaporation, which masks the Cr deposition. There is also so-called "scalloping" which 

occurs during the DRIE Bosch process on the sidewalls of the nanostructure. Figure 9.2d 

shows the EDS analysis of one prepared Si nanowalls sample. We confirmed our 

composition of the whole electrode by Figure 9.2d, showing three elements of Si, Fe and 

Cr which correspond to nanowalls, the substrate and binding layer (also residual Cr 

mask), respectively.  

The top down nanoimprint technique ensures that Si nanowalls are in direct 

electronic contact with the current collector, have a suitable specific surface area that 

allows for fast charge/discharge, while reduce the amount of SEI formation thus 

contributes to a low first CE. The small thickness of the nanowalls (50 nm in our 

experiment) allows for a short diffusion path of Li ions, increasing the potential for high 

power applications. The spacing between the nanowalls on four sides helps avoid the 

nanowalls touching each other during volume expansion, allowing a stable cycling 

performance of the nanowalls electrodes.  
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Figure 9.2. (a) SEM images of a large area and uniformly distributed Si nanowalls 

structures, (b) SEM image which shows the dimensions of the Si nanowalls (c). SEM 

EDS mapping images of Si nanowalls, (d) Energy dispersed X-ray spectroscopy of Si 

nanowalls/substrate, with peaks of Si, Cr and Fe.  

 

9.3 Electrochemical properties of Si nanowalls in Li half cell 
 

 

After fabrication, the samples were dried in a 100 ºC vacuum oven overnight and 

then directly assembled into coin cells in an Ar filled glovebox. Electrochemical 

measurements were performed using a Biologic VMP3 electrochemical workstation, the 

cycling performance and electrochemical impedance spectroscopy (EIS) results are 

presented in Figure 9.3. Figure 9.3a shows the cycling performance and Coulombic 
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efficiency of the Si nanowalls at the rate of 840 mA/g for 40 cycles. The first charge and 

discharge capacity of the Si nanowalls is 2350 mAh/g and 1961 mAh/g, respectively, 

corresponding to a first CE of 83.4%. This initial CE of the Si nanowalls anodes still have 

room for improvement by optimize the design and fabrications of nanowalls or surface 

modification.332-334 The Si nanowalls anode demonstrates stable cycling performance, 

retaining a discharge cdapacity of 1801mAh/g after 40 cycles, 90% of the initial value. 

The capacity retention is highlighted in Figure 9.3b, which plots the charge and discharge 

voltage profiles of the 1st, 10th, 20th and 40th cycles. The capacity suffers almost no 

losses during the first twenty cycles. The typical voltage profile of amorphous Si (a-Si) is 

seen, when lithiation of a-Si at approximately 0.49V vs. Li/Li+.10 Figure 9.3c shows the 

EIS data of the Si nanowalls half cells. Both EIS data before and after cycling were taken 

at the fully delithiated state. The EIS results before cycling and after 40 cycles are shown 

by the blue and red curves, respectively. Bulk resistance of the cell is equal to the first 

intersection of the EIS curve with the real impedance axis. From the inset, we observed 

that the initial high-frequency resistance of 8 ohms (before cycling test) increases to 10 

ohms after 40 cycles, indicating the formation of an SEI layer. The diameter of the 

semicircle represents the charge transfer resistance (Rct) of the cell. We observed that the 

charge transfer resistance of the Si nanowalls half cell decreases after cycling. 

Examination of the nanowalls structures after cycling in SEM helps to explain this 

phenomenon (Figure 9.4). After 40 cycles, the individual nanowalls have become more 

porous (Figure 9.4b). As the cycling progresses, the increasing porosity of the Si exposes 

more surface area to the electrolyte, increasing the charge transfer process and reducing 

Rct. This is confirmed by the rate performance data in Figure 9.3d.  
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To determine the rate performance, the half cells were cycled at charge/discharge 

rates ranging from C/5 to 2C. Charging at higher rates reduces the capacity of batteries as 

the Li insertion reaction is limited by diffusion and reaction at interface. The formation of 

a porous structure during cycling increased the surface area of the electrode, resulting in 

an increasing capacity of the high rate cycles. Comparing the capacity of 1C battery at 

cycles 15-25 and 35-45 shows an increase of 200mAh/g for later cycles. The capacity of 

the battery at 2C is about 1000 mAh/g, 3 times higher than the capacity of conventional 

graphite electrodes.  

 

 

Figure 9.3 (a). Electrochemical cycling performance of Si nanowalls anodes (b) Voltage 

profile of 1st, 10th, 20th and 40th cycle of the Si nanowalls (c) EIS plot of the battery 
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before cycling (blue) and after 40 cycles (red) (d) The rate performance of the Si 

nanowalls half cell. 

 

The half cells were disassembled in a glovebox in the delithiated state, and the 

residual electrolyte and SEI were washed away to expose the Si nanowalls. The 

morphology of the electrode was examined by SEM as shown in Figure 9.4. From Figure 

9.4a we see that the Si nanowalls retain their wall structure and remain attached to the 

substrate, indicating good structural stability and binding. The cracked surface on top of 

nanowalls is a residual layer of Cr left over from the nanowalls fabrication. The cracking 

and distortion of this layer suggests large volume changes and stresses during cycling. 

The space between each nanowall is largely reduced, indicating a significant volume 

change of the Si nanowalls structure by lithiation. Figure 9.4b shows the porous structure 

of the Si nanowalls after cycling. Both of the sides and the top of the nanowall have 

become porous. We also observed a slight twisting of the nanowalls after 40 cycles in 

both Figure 9.4a and 9.4b. Overall, Si nanowalls can withstand significant volume 

changes associated with lithiation and delithiation. A higher magnification image of the 

porous structure on Si sidewall is shown in Figure 9.4c. It seems from this image that the 

porous structure formed many nano-channels in the Si sidewalls, allowing Li+ ions 

diffuse faster inside. However, during the formation of the porous structure, active 

material will detach from the walls, resulting in a slight capacity reduction.  
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Figure 9.4 (a) and (b) SEM images at different magnifications of the Si nanowalls anode 

after cycling. A residual Cr layer from the mask is observed on top of the nanowalls. (c) 
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High magnification SEM of Si nanowalls after cycling shows porous structure with an 

average pore size of ~30 nm. 

 

9.4 Nanopore formation mechanism by modeling 

  
 

As shown in Figure 9.4a and 9.4b the nanowalls structure thickens and develops a 

very rough surface morphology after 40 cycles, indicating pore formation at both the 

surface and the interior of the nanowalls. The formation of such a porous structure is 

attributed to the hydrostatic tensile stress in the nanowalls induced by lithiation and 

delithiation, as revealed by the following mechanics modelling. The size of the nanowalls 

in the modelling are 600 nm 50 nm 900nm (L W D) for each. During lithiation and 

delithiation, Li ions insert into and extract from the nanowalls, inducing large cyclic 

deformation of the Si. As to be shown later, the stress associate with the large 

deformation in the nanowalls is highly non-uniform (e.g., stress level varies with 

positions in the nanowalls) and tri-axial. If the Li concentration is sufficiently large, the 

associated stress can be high enough to cause the plastic flow of the lithiated Si. A cavity 

in a solid can unstably grow in size by atom diffusion away from the cavity surface 

driven by sufficiently high hydrostatic stress (defined as the mean stress 

). Therefore, if the lithiation/delithiation-induced mean stress in the Si 

is high enough, defects in the nanowalls (e.g., voids) could grow unstably, leading to a 

porous structure. The underlying energetics can be explained by a simple model. The free 

energy of a lithiated Si with an incipient spherical void of radius R under a mean stress 

 applied to the void is given by , where  is the surface 
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energy of lithiated silicon. Under the lithiation/delithiation-induced stresses, the incipient 

void tends to grow or shrink to minimize the free energy G, from which one determines a 

critical void size . That is, a void with  shrinks and thus may heal 

spontaneously while a void with  unstably grows into a pore of large size. Next, 

we calculated the lithiation/delithation-induced stresses in the Si nanowalls, so that the 

critical void size in different regions of the nanowalls can be estimated, which in turn 

help decipher the formation of the porous structure after lithiation/delithiation cycles as 

observed in the experiments.   

We simulated the concurrent Li diffusion and mechanical deformation during the 

initial lithiation and following delithiation of the amorphous Si nanowalls using finite 

element package ABAQUS 6.10. The extent of lithiation is described by the average 

Li/Si atomic ratio , defined as the ratio of Li atoms in the nanowalls. For 

example,  means that on average one Si atom takes one Li atom in the 

nanowalls. We assume the extent of volume expansion has a linear relationship with 

lithium content in LixSi.335, 336 From our experiment,  reaches 2 at the end of the 

lithiation cycle, resulting in a 200% volume expansion of the nanowalls. Simulation 

results reveal that the mean stress level in the nanowalls increases with the extent of 

lithiation and nearly saturates as  approaches 1. The distribution of the mean 

stress at two representative planes of the nanowalls, i.e., the mid-plane ( ) and the 

outer surface (z  , where h is the nanowalls thickness), are shown in Figure 9.5b 

and 9.5c, respectively. Here  = 1. The regions labelled by A through G undergo a 

significant tensile mean stress ranging from 150 to 600 MPa. As mentioned above, the 

tensile mean stress state acts as the driving force for the nucleation and growth of nano-
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pores. For example, during lithiation nano-pore formation is likely to occur in in the 

middle part of nanowalls (regions A, B and E) and near the bottom corners (regions C, D, 

F and G).  

Moreover, simulation results show that during lithiation the area under significant 

tensile mean stress at the mid-plane of the nanowalls (regions A to D shown in Figure 

9.5b) is much larger than that at the outer surface (regions E to G shown in Figure 9.5c). 

The mean stress level at the mid-plane is also even higher than that at the outer surface, 

indicating that the interior of nanowalls is more susceptible to pore formation during 

lithiation.  

In the following delithiation half cycle shown in Figures 9.5d and 9.5e, the regions 

experiencing a significant tensile mean stress of 150MPa to 1GPa are labelled by a 

through k. Comparison between the mean stress distributions at the mid-plane and outer 

surface reveals that, during delithiation, pores are more likely to nucleate and grow near 

the nanowalls outer surface, opposite to the trend during the lithiation half cycle. It is 

interesting to note that the associated mean stress distribution is reversed with the 

transition from lithiation to delithiation: those regions initially under tensile mean stress 

are now mainly under compression and vice versa. This trend is clearly shown in Figure 

9.5d and 9.5e. The regions labelled by a through k are geometrically complementary to 

those hydrostatically tensile regions denoted by A through G in Figures 9.5b and 9.5d. 

Therefore, nearly all of the nanowalls experience a significant tensile mean stress at a 

certain stage during a lithiation/delithiation cycle. As a result, pores are likely to form 

throughout the entire nanowalls after many cycles. This prediction is confirmed by the 
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experimentally-observed homogeneous pore distribution in the nanowalls structures 

observed in experiments (Figure 9.4).  

The simulation results of significant tensile mean stress in the nanowalls can be used 

to derive the critical void size  for pore formation. For simplicity, we assume the 

surface energy  of lithiated silicon is independent of lithium concentration with a value 

of .21 The critical radii in all regions range from 2nm~13.3nm. Such an estimate 

agrees with experimental observation: the radii of the pores in the nanowalls after 40 

lithation/delithiation cycles are much greater than 13.3nm (Figure 9.4c), indicating that 

voids greater than the critical size grow into larger pores under significant tensile mean 

stress.  

 

 

 

Figure 9.5 Lithiation/delithiation-induced mean stresses in the nanowalls. (a) Schematic 

of the simulation model. The origin of the coordinate system is defined with origin at the 

centroid of the bottom surface. (b) and (c) show the mean stress distribution within the 

mid-plane of the nanowalls ( ) and outer surface of nanowalls ( ) during the 
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lithiation half cycle, respectively, with extent of lithiation described by . (d) 

and (e) are the counterparts of (b) and (c) during delithiation half cycle, respectively. 

 

9.5 Summary 
 

 

In conclusion, we designed a novel 2-D a-Si nanowalls structure as an anode for Li 

ion batteries that exhibits excellent electrochemical properties. The lower specific surface 

area of the nanowalls structure compared to 1-D/0-D nanostructures leads to a relatively 

high first CE. A high specific capacity of ~2100 mAh/g is obtained at C/5 and remains 

stable for over 40 cycles. Porous structures form throughout the nanowalls after cycles, 

which is attributed to the complementary distributions of the tensile mean stress in the 

nanowalls induced by lithiation and delithiation. The cycling performance of proof-of-

concept devices can be further improved with improving the uniformity and bonding 

between Si nanowalls and the substrate. It is anticipated based on the mechanical 

modelling that the nanowall anodes can be excellent candidate for flexibility energy 

devices. Such nanostructures can potentially lead to many other applications including 

solar, water splitting and others, where both a nanoscale structure to manipulate electrons 

and photons and a low surface area to avoid side reaction and recombination are needed.   
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Chapter 10: Conclusion 
 

 
10.1 Conclusion 
 

 
In summary, this work presents a novel approach that drastically modulates the 

properties of 2D materials. By using planar nanobatteries as platform, we successfully 

intercalate Li-ions into few layered graphene single crystalline, achieved the highest 

doping to modulate graphene. Through intercalation, we simultaneously increased the 

transmittance and dc conductivity of FLG, achieved the highest reported performance of 

continuous thin film transparent conductors with transmittance of 91.7% and sheet 

resistance of 3 Ω/sq. The ion intercalation method is then applied to large scale graphitic 

thin films such as CVD graphene and printed rGO network. We successfully achieved 

uniform, large area, ion intercalated CVD graphene and rGO network, with simultaneous 

increased optical transmittance and dc conductivity. 

Other than Li-ions, potentially resourceful Na-ions has also been successfully 

intercalate in large scale rGO network. The Na-ion intercalated rGO network achieved 

the highest transparent electrode performance of 79%, 311 Ω/sq. Still, pure rGO network 

cannot achieve reversible ion intercalation/deintercalation because of the rGO flakes are 

easy to detach, lead to the crack of rGO film at the 1st cycle. We designed a 

CNT/rGO/CNT sandwich thin film, not only achieved its reversible modulation via ion 

intercalation, but also demonstrate its broadband responsivity from mid infrared to visible 

range. We also did the in situ TEM study of the electrochemical Na-ion interaction with 

rGO negative electrodes, proposed and verified Na storage mechanism with rGO 
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electrodes. Ultrahigh specific capacity of 450 mAh/g is achieved with our rGO negative 

electrodes.     

Other 2D materials such as MoS2 are also studied with planar nano-batteries. We 

demonstrate for the first time that the resistance of battery electrode materials can be 

measured in situ and real time. We demonstrated that the rapid lithiation in the first cycle 

of MoS2 electrode would largely increase its conductivity, leads to a much better specific 

capacity and rate performance. We also demonstrate that 2D Si nanowall structure leads 

to a high first CE and stable cycling performance as negative electrode in Li-ion batteries.    

   

10.2 Future Work 
 

 

10.2.1 Improve the air stability of the ion intercalated film for optoelectronic 

devices 

 

Ion intercalated graphitic transparent conductors exhibit extraordinary 

optoelectronic properties, however, the air stability remains a problem for the intercalated 

films. The intercalated alkaline ions are likely to react with water and oxygen in the air, 

which limit the practical application of the intercalated films. Thus, the air stability of the 

ion intercalated film needs to be improved. Possible solutions to achieve air stable ion 

intercalated graphitic thin film is that: (1). use thin polymer coating (2). Use other CVD 

2D materials (i.e. graphene, BN) coating on top of the intercalated film, to prevent the air 

from contact with intercalated film. Improving the surface roughness of the intercalated 

films is also needed in order to integrate them as high performance electronic devices 

such as OLED.  
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10.2.2 Investigate novel physical and chemical properties of a variety of 2D 

materials by intercalation 

 

Table 10.1 summarizes the state-of-the-art research of intercalated 2D materials. 

In fact, a variety of 2D materials and species remain unexplored. Future investigations of 

tunable intercalated 2D materials rely on rational designs of the host materials and 

intercalation species, hybrid systems (i.e. hybrid 2D materials, co-intercalation), in situ 

experimental platforms or investigating unexplored properties (e.g. mechanical 

properties) in intercalated 2D systems. Further advances in engineering scalable, 

reproducible intercalated 2D materials for use in practical applications are also needed.  

With the advances in high-quality, scalable, cost-efficient 2D material preparation 

methods, intercalation modified 2D materials will receive even more research in the 

future. 
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10.2.3 Real time and in situ investigate the properties of battery materials during 

ion insertion/desertion. 

 

To date, in situ TEM has been widely known and applied to study the properties of 

electrode materials during ion (Li-ion, Na-ion) insertion/deinsertion, and greatly 

improved the understanding of mechanisms in battery electrode reactions. The 

advantages of in situ TEM are that it provides structural information from materials point 

of view, and it can observe material changes in atomic scale. Still, to fully understand the 

electrochemical process in an electrode material while cycling, such as resistance change, 

compensate characterization methods are needed. As we learned from the previous 

sections, planar (nano) batteries not only enables in situ and real time resistance 

measurement of a single crystallite electrode material, but also enables in situ and real 

time Raman characterizations, and in situ AFM characterizations.337, 338 Plus, planar 

batteries are designed for liquid electrolytes, which is the same environment with real 

batteries. Thus, a great promise lies in the future works to observe the changes of novel 

electrode materials with planar batteries.   
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